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I.1 Stainless steels 
Stainless steels can be defined as Fe-alloys in which the minimum Cr content is within the 
range of 10-12%. Cr improves the corrosion resistance as a result of the formation of a thin 
Cr2O3 passive surface film. Stainless steels also contain other alloying elements in 
dependency on the type of stainless steels under consideration. 
The first stainless steel grades were developed around 1915, though it took another 40 years to 
be produced in an important industrial level. The worldwide production continues increasing 
in an average annual rate of more than 5% due to its combination of properties: high 
resistance to various forms of corrosion and also an excellent formability and high toughness1. 
 
I.1.1 Classification of stainless steels 
The chemical composition and the thermomechanical treatment applied to a steel determine 
its phase composition. Within the stainless steels, there are principally four groups that differ 
in the number and kind of phases: ferritic, martensitic, austeno-ferritic or duplex and 
austenitic stainless steels2. 
The thermomechanical treatment can give a transformation from an initial phase to another or 
to a mixture of phases. The parameters that allow the phase transformation depend on the 
chemical composition. 
 
I.1.2 Schaeffler diagram – Cr vs. Ni-equivalent 
The relative tendency of the elements to promote or inhibit the formation of ferrite has been 
quantified by numerous equations involving chromium and nickel equivalents (Creq and Nieq) . 
The actual amount of ferrite present in a steel composed mainly of austenite depends not only 
on the overall chemical composition, but also on the solidification and cooling rates and any 
thermomechanical treatments. Precipitation processes involving C, Cr, Ti, Nb and N can 
modify the composition of the residual matrix compared to that of the alloy. The empirical 
formulae for calculating Creq and Nieq, and the diagrams determined in order to predict the 
constitution of stainless steels are therefore highly restrictive, and are applicable only in the 
experimental or practical conditions for which they were established3. 
Introduction 
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A large number of diagrams and expressions have been established for predicting the 
microstructure and properties (of welds) from the composition of the austenitic filler metal. 
For a given chemical composition, the phase constitution of the steel can be derived from the 
Schaeffler diagram, Figure I.1. The Schaeffler diagram was initially constructed for welded 
metals, i.e; for high cooling rates from an elevated temperature. The diagram considers the 
difference between the ferrite stabilising elements, which are grouped in the Creq, and the 
austenite stabilising elements, which are grouped in the Nieq
2. A coefficient can be assigned to 
each alloying element representing its tendency to stabilize either ferrite or austenite. The 
equivalence coefficient is defined with respect to Cr (for alpha-stabilizers) and Ni (for 
gamma-stabilizers), which are arbitrarily given coefficients of 1. 
The Schaeffler diagram was subsequently modified to take in account the influence of N 
(DeLong diagram), which is much more potent austenite stabilizer than Ni. In the expression 
for the Ni on the ordinate, the term +0.5Mn is replaced by the constant -0.35 for Mn contents 
between 2.5 and 12.5%3.  
The DeLong diagram was not determined from metallographic observations on welds, but is 
based on magnetic measurements of ferrite content. 
The published expressions to determine the Creq and the Nieq are given in Table I.1. 
 
Table I.1: Empirical formulas to calculate the Creq and Nieq. 
NbMoSiCrCreq %5.0%%5.1% ⋅++⋅+=  (I.1) Schaeffler
4 










   
MnCNiNieq %5.0%30% ⋅+⋅+=  (I.4) Schaeffler
4 
( ) MnNCNiNieq %5.0%%30% ⋅++⋅+=  (I.5) DeLong5 
CuCoMnNCNiNieq %3.0%%5.0%25%30% ⋅++⋅+⋅+⋅+=  (I.6) Schneider
6 
 
Irrespective where the chemical composition lies within the DeLong diagram, via optimised 
thermomechanical treatments, one can change “things”. 
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Creq = %Cr + 1.5%Si + 1.4%Mo + 2%Ti + %Nb
 
Figure I.1: DeLong diagram5. 
 
I.2 Austenitic Stainless Steels 
Austenitic stainless steels are formed by the addition of fcc stabilizing elements, such as Ni or 
Mn, to the Fe-Cr system. When sufficient Ni or Mn is added to the Fe-Cr alloy, the formation 
of ferrite is suppressed resulting in a stable austenite phase at room temperature, which is non-
magnetic. 
The relative ease of fabrication and implementation of austenitic stainless steels, their ductility 
and excellent corrosion resistance explain their use in a wide range of applications. 
Austenitic stainless steels show a ferritic solidification from the liquid phase, where the 
austenite is a second phase. A minimum amount of ferrite is necessary in order to avoid S and 
P segregations, which can result in cracking during the solidification process. The amount of 
ferrite is restricted in order to avoid the edge cracking during deformation at high 
temperatures. 
The austenitic stainless steel grades cannot be hardened by quenching to room temperature. 
Whatever the rate of cooling the austenite does not transform to martensite. However, in less 
stable austenitic grades, partial transformation to martensite can be induced by cold work3 or 
by rapid cooling from 1050-1100°C to a temperature below the Ms temperature. The rate of 




I.2.1 Austenitic Stainless Steel Grades 
The effect of the various alloying elements on the stability of the microstructure, and on the 
high and low temperature mechanical properties, formability, weldability and corrosion 
resistance, has led to the development of a large number of different industrial austenitic 
stainless steels. 
The different types of austenitic stainless steels can be split up into the following 
classification: 
- basic 18-10 type grades containing 0.02 to 0.15%C, the sensitivity of which to 
intergranular corrosion depends on their C content 
- alloys with Ti and Nb additions to stabilize them against intergranular corrosion 
- steels with low Ni contents to promote work-hardening 
- steels with high Ni content for cryogenic applications and to increase deep drawability 
- high strength grades containing N 
- alloys in which the Ni is partially replaced by Mn 
- grades containing Mo and sometimes Cu to improve general corrosion resistance 
- Si-containing grades with improved high temperature oxidation resistance 
- alloys with enhanced creep resistance, due to additions of N, Mo, W, V, Ti, Nb or B 
- grades for welding electrodes 
- alloys containing additions such as S, Se or Cu to improve machinability. 
 
I.3 Properties of the Austenitic Stainless Steels 
I.3.1 Mechanical Properties 
The effect of the chemical composition and microstructural parameters on the room 
temperature yield strength (Rp0.2) and ultimate tensile strength (Rm) is given by empirical 





































MPaRm              (I.8) 
where %f is the amount of ferrite and d is the mean grain diameter in mm. The twin spacing t 
(mm) does not affect the yield stress3. 
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Yield and tensile strength are increased by cold work, while the ductility is lowered. 
Therefore, the greater the amount of plastic strain, the higher is the stress required to deform 
the material further.  
The primary cause of work hardening is the low stacking fault energy (SFE) and the 
transformation from austenite to martensite by cold deformation. The yield strengths obtained 
are generally correlated with the amount of α’-martensite formed7. 
Low Ni grades are less stable and will tend to gradually transform to martensite during cold 
working, leading to a more pronounced hardening. Low C austenites (0.02%C) work harden 
faster during cold working than those with larger amounts of this element (>0.06%C), due to 
the higher austenitizing effect of C, which delays the martensitic transformation. 
The interstitial alloying elements N, C and B produce a considerable strengthening, Figure I.2. 
The increase in yield strength due to the addition of substitutional solid solution elements is 
more moderate, particularly for austenite stabilizers. 
The strengthening can also be obtained by grain refinement according to the Hall-Petch 
equation: 
21−⋅+= dKYY o          (I.9) 
where d is the mean grain diameter; Y, the yield stress, and Yo and K are temperature 
dependent constants for the material considered. The hardening due to the grain refinement is 
due to the difficulty in propagating plastic strain from one grain to another, and therefore 
depends on the available slip systems.  
The presence of ferrite, which acts as a second phase, in austenitic steels increases their yield 
stress and ultimate tensile strength.  
 














































Figure I.2: Effect of solid-solution hardening in austenite8. 
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I.3.2 Stacking Fault Energy (SFE) 
The SFE gives an indication of the deformation mechanism. With increasing SFE the 
deformation mechanisms are: α’-martensitic transformation, ε-martensitic transformation, 
twinning, partial dislocations and perfect dislocations9.  
The SFE is a function of the chemical composition and the temperature as indicated in Figure 
I.3. The SFE increases with the temperature. 
All combinations of chemical composition and temperature giving the same SFE will induce 














Figure I.3: Prevision of the deformation mechanism in function of the chemical composition and the 
temperature. RT: Room temperature; Md, Ed and Td are respectively the temperatures above which the 
formation of α’-martensite, ε-martensite or twins by deformation is not possible. 
 









Figure I.4: Evolution of the deformation mechanisms in function of the SFE. 
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In austenitic ferrous alloys, the SFE is strongly influenced by the alloying elements10. Table 
I.2 gives the effect of the alloying elements on the SFE. In Fe-Cr-Ni stainless steels (SFE: 5-
60mJm-2), Ni increases the SFE. C also increases the SFE. This results in a lowering of the 
strain hardening. Other elements (Mn, Co and Si) reduce the SFE.10 
 
Table I.2: Effect of alloying elements on Stacking Fault Energy (SFE) for Fe-Cr-Ni austenitic 
stainless steels11. 
Alloying element Effect on SFE 
Cr ↑  
Ni ↑  
Si ↓  
Co ↓  
Cu ↑  
Cb ↑  
Mo ↑  
C ↑  
N ↑  
Mn ↓  
 
With decreasing SFE, recombination of the partial (edge) dislocations and cross slip of the 
screw dislocations becomes more difficult. Therefore, during plastic deformation, the 
movement of dislocations is restricted to the slip plane and planar glide is observed. This 
explains the great increase in work hardening in austenitic stainless steels. 
In addition, at higher deformation temperatures (T>0.5Tm), the SFE plays a vital role in the 
process of dynamic recovery, a process whereby dislocations are formed, rearranged and 
annihilate one another during deformation. 
At low SFE, dynamic recovery is not efficient due to the limited mobility of dislocations, and 
the stored energy increases during deformation. The stored energy can become so high that 
new, low dislocation density, grains appear during deformation when the strain applied is 
larger than a critical one. This process is called dynamic recrystallization. This process results 
in softening of the material due to the dislocations are eliminated by replacing the deformed 
grains with new grains poor in dislocations. Dynamic recrystallization plays an important role 
in the deformation of γ-Fe during hot rolling.  
The stress-strain curves for alloys with low SFE show a high work hardening peak, which is 
followed by a softening to a steady state. The ductilities obtained for low SFE alloys are lower 
than the ductilities for high SFE alloys. 
At high SFE, i.e. larger than a few 0.1Jm-2, dynamic recovery is more efficient. There is an 
easier climb of dislocations or cross slip at high temperatures. Those alloys have an easy 
dynamic recovery due to the annihilation of dislocations with opposite Burgers vectors during 
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hot working. Consequently, the deformation stresses decrease and high ductilities are 
obtained.  
Recovery and recrystallization are concurrent processes in ferritic stainless steels due to their 
high SFE. If the heating rate is low, recovery takes place-consuming most of the driving force, 
i.e. the stored dislocation energy, for recrystallization. With increasing the heating rate, the 
number of recrystallized grains increases. If the cold deformation is large enough, 
recrystallization can occur at temperatures below 2/3 of the melting temperature and some 
dynamic recovery can even take place at room temperature. In addition, a high SFE results in 
a decrease of the amount of twinning and an easier shear band deformation, a deformation 
during rolling. 
The stress-strain curves for alloys with high SFE show a monotonic hardening to a steady 
state plateau in which the dislocation generation is compensated by the dislocation 
annihilation.  
There are several difficulties obtaining an equation for the composition dependence for steels 
that contain different alloying elements. First, significant interactions among alloying 
elements occur. Second, some of the published SFE data on very similar steels differ 
significantly, indicating perhaps that not all published data are equally reliable. Third, the 
effect of composition on SFE tends to be nonlinear. 
The SFE plays an essential role in the strain-induced martensite transformations.  
 
I.3.3 Martensitic transformation 
The martensitic transformation is a difussionless transformation in which atoms move in a 
coordinated fashion by a shear-like mechanism.  
Transformation of the unstable austenite to α’-martensite can be characterized by two 
different temperatures: 
- the Ms temperature, corresponding to the appearance of thermal martensite. 
- the Md temperature, when martensite formation is induced by plastic deformation. 
The quantity of martensite formed depends on the temperature, chemical composition and the 
nature, degree and rate of deformation. Several formulas, which are listed in Table I.3 and 
Table I.4, have been proposed to predict the Ms and Md temperatures. They are applicable to 
steels with C<0.6%, except for Zhao’s formula12, which is applicable to steels with C>0.8%. 
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Another martensitic transformation can occur, i.e., γ→ε-martensite. The ε-martensite is a non-
magnetic phase. It appears as a function of chemical composition, but it often happens that ε-
martensite is involved in the transformation process to α’-martensite. α’-martensite nucleation 
is related to deformation zones which may or may not contain ε-martensite.  
The formation of ε-martensite depends on temperature and chemical composition. No 
formulas to determine the appearance of ε-martensite have been reported. 
 
I.4 Industrial Process of AISI 316L 
The processing route for the austenitic stainless steel grades at Ugine & ALZ in Genk, 
Belgium, is presented in Figure I.5, Figure I.6 and Figure I.7. It mainly consists of five steps: 
casting, hot rolling, annealing after hot rolling, cold rolling and annealing after cold rolling. 
Often an intermediate annealing during cold rolling is needed. 
 
I.4.1 Casting 
In the production of stainless steel, three types of raw materials are used: stainless steel scrap, 
sorted by grade to recycle economically valuable alloys; carbon steel scrap and ferro-alloys, e. 
g., ferro-nickel and high carbon ferro-chromium. From these raw materials, a charge is 
prepared and loaded into buckets to realize a chemical composition close to the targeted one. 
The melting, refining and casting process involves four main steps: 
• Melting: The charge, with additions of lime, is loaded into an electric arc furnace, 
where it is melted. Oxygen blowing initiates the carbon removal and reduces the 
duration of the melting process. 
• Secondary refining (AOD):  
o A second oxygen blowing treatment is performed due to the carbon content is 
still too high at the end of the electric arc melting step. The liquid metal is 
transferred to a so-called AOD vessel (Argon-Oxygen-Decarburising) or to a 
VOD vessel (Vacuum-Oxygen-Decarburising) to complete the carbon removal 
down to the required level. It is essentially a decarburisation process. 
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o Decarburisation is achieved by blowing oxygen: the carbon and certain 
metallic elements are oxidised and the C being eliminated as CO. Elements 
whose oxidation is not desired are recovered by a subsequent reduction stage. 
o S is eliminated by adding lime and fluorspar (CaO + CaF2) while vigorously 
stirring the bath at high temperature (T›1650°C), forming a slag, which is 
skimmed. 
o The required final composition is obtained by appropriate ferro-alloy additions 
(checked by analysis), which also help to adjust the temperature, before 
teeming the liquid metal into a ladle.  
• Ladle refining: Ladle refining or ladle metallurgy homogenises the temperature and 
allows inclusions to be floated off. Final trimming of the chemical composition can be 
performed in the ladle by suitable additions. When the metal composition and 
temperature have had the time to homogenise, the ladle is transferred to the continuous 
casting unit. 
• Continuous casting: The metal is teemed from the ladle into the mould of the 
continuous casting machine where it solidifies to a semi-product, i.e., slab, which has a 





Figure I.5: Scheme of the melting to and the casting of austenitic stainless steel slabs24. 
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I.4.2 Hot rolling 
The continuously cast slab, about 160mm thick, is processed by hot rolling to obtain a strip 
between 2 and 14mm thick in the form of wound coils. 
The hot rolling process includes the following steps: 
o reheating of the slabs 
o rough rolling of the slabs down to an intermediate thickness (about 30 to 35mm) 
o rolling to the final thickness, either in a “finishing mill” comprising series of rolls 
stands in tandem, or in a reversible Steckel mill 
o final coiling of the hot rolled strip. 
 
 
Figure I.6: Scheme of the hot rolling process for austenitic stainless steels24. 
 
I.4.3 Annealing after hot rolling 
The hot rolled coils are transferred to an annealing and descaling line. After annealing in a 
continuous furnace, descaling is performed by two processes: 
o Shot blasting: the majority of the oxide scale is removed mechanically by impacting 
the strip surface with a high velocity stream of metallic shot particles 






Figure I.7: Scheme of the annealing after hot rolling, cold rolling and annealing after cold rolling for 
austenitic stainless steels24. 
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I.4.4 Cold rolling 
After descaling, the coils are then cold rolled down to the final thickness. This is performed in 
a Sendzimir cold rolling mill. 
Cold rolling hardens the strip, which must be annealed to restore its properties.  
 
I.4.5 Annealing after cold rolling 
The annealing is performed in a bright annealing or annealing and pickling line. It is at this 
stage that, depending on the choice of annealing line, a so-called “bright” or “pickled” surface 
finish is obtained. 
After annealing, a final skin-pass rolling operation is performed, in which the outer skin of the 
strip is slightly deformed to improve the surface quality. Several subsequent finishing 
operations (cutting to size, coating, polishing, etc.) convert the strip to the exact product 
required. 
 
I.5 Influence of the Alloying Elements on the Properties of Austenitic 
Stainless Steels 
I.5.1 Nickel 
Ni is an austenite stabilizing substitutional alloying element. When increasing amounts of 
nickel are added to an 18%Cr ferritic stainless steel, the structure is gradually transformed into 
austenite3. There is a relation between the Ni and the Cr content needed to maintain an 
austenitic structure. At an 18%Cr-level, if the %Ni is about 8%, an austenitic structure persists 
at room temperature. When the Cr content is higher or lower, the Ni content has to be adjusted 






























Figure I.8: The effect of Cr on the minimum Ni content required for a stable austenitic structure in 
steels containing about 0.1%C25. 
 
In an attempt to account for the presence of alloying elements commonly found in stainless 
steels, Binder et al.26 have proposed an empirical equation, eq. (I.26), to determine the Ni 
level required to develop a fully austenitic structure at room temperature, if the steel contains 
N.  
1.11%26%30%3.1% −⋅−⋅−⋅= NCCrNi       (I.26) 
This equation is valid within the following compositional ranges: 
C = 0-0.05%, Cr = 18-25%, Ni = 9-25%, N = 0-0.15% 
Ni strongly decreases the Ms temperature of the steel. So, an increase of the Ni content 
increases the austenite content (at room temperature or at higher temperatures).  
The 0.2% proof stress and the tensile strength are lowered by the addition of Ni, i.e. Ni softens 
the steel. These effects are explained by the fact that Ni increases the SFE, although the 
presence of this element only causes slight lattice strains. It enlarges the dislocation cell size 
on plastic deformation and the width of the extended dislocations is reduced. Furthermore, Ni 
causes a reduction in stretch formability and in stretching force.  
Stainless steels that contain 18%Cr and more than 10%Ni are characterised by a reduction of 
the energy to deform them, either in stretching or in drawing, and by a reduction of the total 
amount of deformation attainable in a given part. 
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Usually, the Ni content is adjusted in order to maintain a ferritic solidification and to prevent 
the presence or limit the amount of delta ferrite during hot working, otherwise, edge cracking 
can occur. 
Ni increases the ability of stainless steel to passivate in sulphuric acid, although, at Ni-levels 
higher than 10%, this effect is overshadowed by the fact that Ni raises the passivating 
potential. Ni has a significant beneficial effect on corrosion resistance in hydrochloric acid of 
all concentrations at room temperature. In boiling nitric acid, Ni is considerably more 
effective than Mn in reducing corrosion rate. By permitting the incorporation of higher levels 
of Mo while maintaining an essentially austenitic structure, Ni indirectly increases resistance 
to corrosion in a variety of aggressive media.  
Progressive additions of Ni shift the δ-ferrite zone to higher temperatures.  
 
I.5.2 Chromium 
The element chromium is a ferrite stabiliser. The fall in the γ-Fe→α-Fe transformation 
temperature as Cr is added to Fe is well established27, 28 and the boundary passes through a 
minimum before rising to join the δ-Fe→δ-Fe boundary and thus close to the loop, as it is 
illustrated in Figure I.9. The addition of Ni to the Fe-Cr binary system results in an 
enlargement of the γ stability to higher Cr contents. However, the boundary positions are very 
sensitive to the interstitial solute content8. In the particular case of the 300 series, 16%-18%Cr 
in combination with 8-14%Ni austenitic results in an austenitic stainless steel at room 
temperature.  
 
















Figure I.9: Fe-Cr binary equilibrium diagram calculated with Thermocalc. 
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Usually, at very high T, the austenitic stainless steels of the 300-series contain high-
temperature δ-ferrite as a second constituent. The exact amount of ferrite depends on the 
chemical composition, the degree of homogeneity and on the thermal history of the steel. 
Long exposure to high temperatures in combination perhaps with some residual segregation 
from the original as-cast structure will result in large δ-ferrite contents. 
Specific variations, e.g. the addition of Mo or/and the reduction of C content, in the AISI 300 
series will strongly favour ferrite formation.  
The alloys containing 16 to 19%Cr and 6 to 12%Ni normally remain fully austenitic down to 
room temperature. Cr passivates the steel. Consequently, an increase of the Cr content 
increases the corrosion resistance of the steel. Furthermore, the Cr content improves the 
oxidation resistance at higher T.  
Compared to the interstitial alloying elements, C and N, Cr and the other substitutional 
elements such as Si and Mo have a moderate solid solution hardening effect. Nevertheless, the 
0.2% proof stress Rp0.2 and the tensile strength Rm of a steel is increased by Cr.  
 
I.5.3 Manganese 
Mn is an austenite former. Thus, higher Mn contents enlarge the austenitic phase region as it 
is shown in Figure I.10. Mn can replace Ni in a ratio of 2:1, according to the Nieq. 
 
















Figure I.10: Fe-Mn binary equilibrium diagram calculated with Thermocalc. 
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The influence of 8%Mn content in the Fe-Cr binary system is illustrated in Figure I.11. An 
enlargement of the γ-loop is observed by comparison to Figure I.9. The γ phase is stable until 
15%Cr. Nevertheless, it should be noted that in steels with more than 13%Cr the austenite-
forming power of the Mn becomes weaker as the amount of Cr increases.  
 

















Figure I.11: Influence of the Cr content on the Fe-8%Mn binary system calculated with Thermocalc. 
The interest in Mn is due to its lower cost compared to that of Ni. The combination of Mn and 
N increases the strength above the level attainable in steels using Ni. Consequently, high N 
alloyed steels always contain a considerable amount of Mn. The 300-series contain only up to 
2%Mn. High Mn high N austenitic stainless steels contain 3-20%Mn and up to 1%N. Steels 
containing more than 3%Mn with elevated C or N contents are austenitic, because, as already 
said, Mn enlarges the austenitic range. Such steels experience severe strain hardening of their 
surface, when exposed to impact stresses, while the core remains tough. They are therefore 
highly wear resistant in case of impact stresses.  
Mn reduces substantially the critical cooling rate and thus increases hardenability. Yield 
strength and tensile strength become increased by the additions of Mn.  
Mn increases the coefficient of thermal expansion, while it reduces thermal conductivity and 
electric conductivity. Furthermore, Mn has a desoxidizing effect. It combines with S to form 
manganese sulphides and, as a consequence, reduces the risk for red shortness. Finally, the 
corrosion resistance of the austenitic stainless steels seems not negatively to be influenced by 




N is an interstitial alloying element that dissolves in the austenite lattice. According to the 
Nieq, N is a much stronger austenite former and austenite stabilizer than Ni. Thus, in the case 
of Cr-Ni steels, N reduces the amount of δ-ferrite. The beneficial role of nitrogen in stainless 
steels is sometimes used to replace nickel8. 
The solubility of N in austenitic (stainless) steels is much higher than in ferritic (carbon) 
steels, but normally kept within the relatively narrow range of 0.025 to 0.045%, unless 
intentionally added. 
By comparing Figure I.11 and Figure I.12, one can observe the influence of 0.2%N on the Fe-
Cr-8%Mn alloy. The stability of the γ phase region is largely increased by the addition of N. 
 

















Figure I.12: Influence of the Cr content on the Fe-8%Mn-0.2%N system calculated with Thermocalc. 
 
N has a strong effect on the mechanical properties of austenitic stainless steels. N is the 
strongest (interstitial) strengthening element which, due to the lattice strains, increases the 
hardness, the 0.2 proof stress (Rp0.2) and the tensile strength (Rm) as it is illustrated in Figure 
I.2. However, for a given steel composition, high(er) N-content lead to brittle fracture8. 
N does not promote sensitisation. Therefore, N is an important element to improve the yield 
strength. This becomes very interesting since due to the need of avoiding intergranular 
corrosion, C has to be limited to maximum 0.03%.  
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During welding high nitrogen austenites or duplex stainless steels suffer from N loss. To 
counterbalance this loss and to uphold the N content, N has to be added via a filler material or 
gas. 
Due to the above mentioned improvement of the mechanical properties of austenites and the 
austenitic phase in duplex stainless steels by N, the number of N containing steels (high N 
steels) increases steadily.  
Finally, according to the pitting resistance equivalent (PRE), eq. (I.27), as an electron donator, 
N increases the corrosion resistance.  
NMoCrPRE %16%3.3% ⋅+⋅+=        (I.27) 
 
I.5.5 Carbon 
C is an austenite stabilizing element, which according to the Nieq, is much more potent than 
Ni. 
C has been combined with Mn in the so-called Hadfield steels, where a stable austenite phase 
is observed. 
Figure I.13 shows the influence of the C and Mn content on the austenite phase stability after 
deformation at room temperature. Higher C contents, in the order of 0.5%, or higher Mn 
contents are necessary in order to obtain a stable austenite phase. 
 






















At high temperatures (1000°C or higher), about 0.1%C can be dissolved in austenite. The 
solubility decreases as the temperature is lowered, and part of the carbon precipitates slowly in 
the form of chromium-rich carbides. In order to avoid this precipitation, before use, the 
austenitic steels are given “solution annealing” treatment, which involves heating to 1000-
1150°C, followed by rapid cooling. The austenite formed at high temperature is conserved at 
room temperature, even though it is thermodynamically unstable3. 
In order to avoid the carbide precipitation and to maintain the C content in solution, a 
combination of C and N can be used. The influence of 0.2%C and 0.2%N on the austenite 
phase stability region is illustrated in Figure I.14.  
C, as N, has a strong influence on the mechanical properties. It increases the hardness, the 
ultimate tensile stress and the yield stress values. 
Reduction of C content to 0.03% is required in order to reduce susceptibility to stress 
corrosion cracking. The steels with low C content are represented by the so-called “L” grades. 
 

















Figure I.14: Influence of the Cr content on the Fe-8%Mn-0.2%N-0.2%C system calculated with 
Thermocalc. 
 
I.5.6 Other alloying elements 
Mo is a ferrite forming alloying element. In order to maintain a fully austenitic structure 
significant adjustments in ferrite forming and austenite forming elements have to be done, 
otherwise, a duplex structure is generated, which is prone to tearing during hot working. 
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Usually, this is accomplished by increasing the austenite forming elements and reducing the 
ferrite forming elements. 
The principal functions of Mo as an alloying element in stainless steels are: 
- improvement of the corrosion resistance: Mo improves pitting resistance in sea water 
and other chloride environments. Furthermore, the resistance against global corrosion 
is increased (e.g. in sulphuric acid and phosphoric acid as well as to some extent in sea 
water). Mo seems not to affect the resistance to high temperature oxidation. 
- improvement of the elevated T mechanical properties (ultimate tensile and yield 
strength) by solid-solution strengthening. However, at room temperature Mo contents 
of 2 to 4% do not significantly alter the mechanical properties.  
When Mo is added, the hardness increases, but the effect of Mo is lower than that of the 
interstitials C and N. Mo introduces lattice strains which increase the 0.2% proof stress (Rp0.2) 
as well as the tensile strength (Rm)
30.  
The addition of Mo increases the hot strength and lowers the hot ductility. Mo also promotes 
the formation of intermetallic phases, particularly sigma, which causes room temperature 
embrittlement. It extends the range of stability of this phase and shifts the γ/γ+α boundary to 
lower chromium contents3. This makes hot working more difficult. In the case of the type 316, 
which contains Mo, a higher (rolling) force is required than in 304 to produce the same 
amount of deformation. Careful control of the compositional balance during steelmaking is 
necessary in order to minimize the ferrite content in the as cast (austenitic) product at room 
temperature.  
Also, long-time exposure at elevated temperatures can reduce the toughness of type 316 
stainless steel. Apparently, this results from the precipitation of carbides and of the sigma 
phase.  
 
I.6 Scope of the present work 
The rail and road transportation of dangerous goods normally is carried out in containers. One 
of the tasks of these containers is to ensure the safe containment of the transported goods. 
Consequently, the design and construction are very important to prevent the release of 
contents. 
The container material will be chosen in function of the substances to be transported and the 
required resistance against service stresses and external impacts. The required conditions are 
usually a certain level of corrosion resistance and mechanical properties. Consequently, 
austenitic stainless steels, next to duplex stainless steels, seem to be one of the best choices 
for the majority of dangerous goods to be transported. 
The production costs are tried to be decreased by using material as wide as possible (2000mm 
wide) in order to reduce the number of welds. Another trend is to reduce the wall thickness of 
the container, which results in a decrease of the total weight of the container and, therefore, a 
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reduction in the energy consumption during the transportation or in a higher transport capacity 
(0.1mm wall-thickness reduction≡35liter volume increase) . The minimum thickness required 






=           (I.27) 
where C is a constant, Rm is the tensile strength and A is the elongation of the steel at fracture 
under tensile conditions. From equation (I.27), it is clear that in order to reduce the container’s 
wall thickness, an increase in the ARm ⋅ -value has to be achieved.  
Not only the wall thickness reduction is important, but also the corrosion resistance of the 
steel. It has been observed that the larger the mechanical properties, the lower the corrosion 
resistance1, which can be expressed by the PRE (Pitting Resistance Equivalence), eq. (I.28). 
NMoCrPRE %16%3.3% ⋅+⋅+=        (I.28) 
The transport of dangerous goods requires at least the austenitic stainless steel AISI 316L to 
prevent the corrosion of the container. The austenitic stainless steel AISI 316L has a good 
combination of mechanical properties and corrosion resistance. An optimization of its 
mechanical properties, which will result in a thinner container wall thickness, i. e., less 
weight, which results in less fuel consumption and less material needed, is aimed. It is also 
very important to decrease the Ni content of the steel, which will result in lower production 
prices since Ni is a very expensive alloying element. 
The development of steels with higher mechanical properties in combination with lower Ni 
contents or Ni-free (<1%) contents is the aim of this research. On one hand, the modification 
of the chemical composition of the austenitic stainless steel AISI 316L has been studied, 
decreasing the Ni-percentage and, on the other hand, a complete modification for the chemical 
composition in combination with some modifications of the processing parameters has been 
studied. The investigation route followed in the present work is illustrated in Figure I.15.  
In order to determine the optimum chemical composition for the Fe-Cr-Mn-N(-C) Ni-free 
austenitic stainless steels, an investigation of the binary Fe-Mn system was done. Cr was 
added in order to obtain a stainless steel. N, in combination with or without C, was added to 
the Fe-Mn-Cr alloys to obtain an austenitic structure with good mechanical properties. 
The research has been done through a complete simulation of the industrial process on a 
laboratory scale: melting, hot rolling, annealing after hot rolling, cold rolling and annealing 
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In this chapter an overview of the materials, equipments and characterization techniques used 
in the course of the present doctoral research is presented. 
II.2 Materials 
The material from the present work was obtained by three means: (a) castings made at the 
Laboratory for Iron and Steelmaking (LISm) in a vacuum induction furnace, (b) castings made 
in a conventional induction furnace and (c) hot rolled material from the roughing mill supplied 
by Ugine & ALZ in Genk, Belgium. 












Figure II.1: Schematic of the processing used for the laboratory alloys. 
 
II.2.1 Vacuum Furnace 
The castings were prepared as 100kg ingots in a Pfeiffer VSG100 vacuum melting and casting 
unit operating under a protective argon gas atmosphere. The technical specifications of the 







Table II.1: Technical specifications of the vacuum melting furnace. 
Manufacturer Pfeiffer Vakuumanlagenbau (PVA) 
Type VSG 100 
Year 1989 
Volume vacuum chamber 1090 l 
Power rating 100 kW 
Frequency 2-3 kHz 
Additional equipment Heraeus Electro-Nite Multi-Lab Celox for desoxidation and 
Al control, temperature measurement 
 
II.2.2 Air Furnace 
Some castings were done in a conventional induction furnace. The furnace, which is used to 
cast 30kg ingots, is operated in air. The furnace specifications are indicated in Table II.2. 
The cast blocks had a thickness of 30mm. The material, after pouring in the mould, was placed 
in the furnace at 1250°C. After solidification, the cast block was directly hot rolled. 
 
Table II.2: Technical specifications of the air melting furnace. 
Manufacturer ACEC 
Year 1954 
Volume capacity 100kg 
Power rating 125kW 
Frequency 2kHz 
Additional equipment Heraeus Electro-Nite Multi-Lab Celox for desoxidation and 
Al control, temperature measurement 
 
II.2.3 Industrial material (AISI 316L and Cromanite) 
Industrial AISI 316L steel was produced and processed by Ugine & ALZ in Genk, Belgium. 
The steel was delivered in the following industrial conditions: as-cast, hot rolled (HR), hot 
rolled and annealed and cold rolled and annealed. The industrial as cast material was also 
processed at the Laboratory for Iron and Steelmaking. 
The Cromanite was cast and partially processed at Columbus Stainless Steels, South Africa, 
and delivered in the hot rolled and annealed stage. 
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II.2.4 Chemical composition 
The chemical compositions of the reduced-Ni austenitic stainless steels and the reference AISI 
316L grade used in the present work are listed in Table II.3. Steel 1, Steel 2 and 316L LAB 
were cast in the laboratory using the vacuum furnace. 316L IND was produced industrially. 
The Creq and Nieq-values of the reduced-Ni austenitic stainless steels are also indicated in Table 
II.3. The Creq and Nieq-values are represented in the DeLong diagram of Figure II.2. All the 
reduced-Ni austenitic stainless steels used in the present work lay in the duplex austenite-ferrite 
area, close to the single austenite phase. Consequently, one would expect a duplex alloy with 
larger austenite content. 
 
Table II.3: Chemical composition in weight percent of the reduced-Ni austenitic stainless steels. 
 C N Mn Cr Ni Mo Si Creq Nieq 
Steel 1 (599) 0.035 0.023 1.2 14.43 8.81 2.75 0.42 19.12 11.15 
Steel 2 (720) 0.024 0.02 1.06 15.49 8.9 3.43 0.33 20.82 10.75 
316L IND 0.023 0.018 1.36 17.04 11.17 2.08 0.45 20.65 13.08 
316L LAB (L0033) 0.047 0.06 1.34 17.08 11.29 2.61 0.54 21.58 15.17 




































Table II.4 reviews the chemical composition of the Fe-Mn binary alloys. The alloys were made 
in the Pfeiffer laboratory vacuum induction furnace (see §II.2.1). The main difference 
corresponds to the Mn content present in the steels, while the other alloying elements were 
kept at the lowest possible level. In addition, Fe-30%Mn had 3% Si and 3.3% Al added.  
 
Table II.4: Chemical composition in weight percent of the Fe-Mn binary alloys. 
 C Mn Cr Ni Mo Si Al Creq Nieq 
1%Mn (799) 0.0028 1.1 0.037 0.022 - 0.005 0.06 0.05 0.66 
5%Mn (800) 0.0015 5.6 0.031 0.022 - 0.007 0.05 0.05 2.87 
10%Mn (801) 0.0016 9.7 0.043 0.021 0.023 0.01 0.06 0.10 4.92 
15%Mn (802) 0.0016 14.2 0.07 0.022 0.083 0.013 0.07 0.23 7.17 
20%Mn (803) 0.0017 21.1 0.097 0.021 0.16 0.018 0.15 0.38 10.62 
30%Mn (724) 0.0049 29.4 - - - 3 3.30 4.5 14.85 
 
In Table II.5 and Table II.6, the chemical compositions of the Ni-free Fe-Mn-Cr and N-alloyed 
Ni-free Fe-Mn-Cr alloys are listed. These steels were produced in the air furnace and hot rolled 
directly after solidification. The Creq and Nieq-values are also given. 
Figure II.3 shows the position of the studied Ni-free Fe-Mn-Cr alloys in the DeLong diagram. 
The alloys with Cr content lower then 12% lay in the single martensite region; the alloy with 
12%Cr is located on the boundary between the martensite and the dual-phase martensite-ferrite 
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Table II.5: Chemical composition in weight percent of the Ni-free Fe-Mn-Cr alloys. 
 C N Mn Cr Ni Mo Si Creq Nieq 
Fe8Mn3Cr (L105) 0.03 0.01 8.05 3.69 0.04 0.09 0.02 3.87 5.27 
Fe8Mn6Cr (L102) 0.03 0.0116 7.48 6.42 0.08 0.06 0.05 6.60 5.07 
Fe8Mn9Cr (L106) 0.03 0.0119 7.96 9.24 0.08 0.06 0.1 9.50 5.32 
Fe8Mn12Cr (L97) 0.03 0.0166 7.81 12.35 0.1 0.07 0.11 12.64 5.40 
Fe8Mn15Cr (L107) 0.03 0.0204 8.45 15.03 0.11 0.07 0.14 15.37 5.85 
 






























Figure II.3: DeLong diagram containing the investigated Ni-free Fe-Mn-Cr alloys. 
 
Figure II.4 shows the representation of the N-alloyed Ni-free Fe-Mn-Cr alloys on the DeLong 
diagram. The Cr and N content of the alloys mainly influence the Creq and Nieq-values, which 
indicate the expected phases at room temperature. The 8Mn20Cr0.3N and 7Mn19Cr0.3N 
alloys lay in the martensitic area, whereas the 8Mn9Cr0.2N lays in the boundary between the 
martensite and the two-phase austenite-martensite region. The 8Mn12Cr0.2N alloy is within 
the two-phase austenite-martensite whereas the 8Mn16Cr0.2N lay in the boundary of the two-
phase region austenite-martensite and the three-phase region austenite-martensite-ferrite 
region. The 8Mn20Cr0.3N alloy lays in the duplex austenite –ferrite region whereas the 






Table II.6: Chemical composition in weight percent of the N-alloyed Ni-free Fe-Mn-Cr alloys. 
 C N Mn Cr Ni Mo Si Creq Nieq 
20Cr9Mn0.3N (130) 0.03 0.27 8.56 20.25 0.13 0.08 0.16 20.62 13.35 
19Cr7Mn0.3N (124) 0.03 0.29 7.37 19.11 0.15 0.05 0.15 19.43 13.47 
16Cr8Mn0.2N (126) 0.03 0.18 7.73 16.16 0.11 0.05 0.12 16.43 10.34 
12Cr8Mn0.2N (129) 0.03 0.22 8.06 12.26 0.1 0.05 0.08 12.47 11.54 
9Cr8Mn0.2N (128) 0.03 0.19 8.32 9.57 0.09 0.04 0.05 9.72 11.00 
6Cr7Mn0.1N (127) 0.03 0.12 7.06 6.16 0.09 0.04 0.06 6.32 8.15 
3Cr7Mn0.1N (125) 0.01 0.11 6.59 3.68 0.05 0.03 0.02 3.77 6.85 
 
































Figure II.4: DeLong diagram containing the investigated N-alloyed Ni-free Fe-Mn-Cr alloys. 
 
The chemical composition of the C-N-alloyed Ni-free Fe-Mn-Cr alloys is given in Table II.7. 
The 12Cr8Mn, 14Cr8Mn, 15Cr8Mn1Ni, 16Cr8Mn1NiA and 17Cr8Mn alloys were cast in the 
air furnace (§II.2.2) while the 16Cr8Mn1NiB, 18Cr8Mn, 18Cr15Mn and 18Cr11Mn alloys 
were cast in the vacuum furnace (§II.2.1). The 18Cr11Mn1Ni alloy was industrially produced.  
The 8Mn12Cr0.1N0.07C alloy lays in the boundary of the martensitic region and the two-
phase austenite-martensite region, whereas the 8Mn14Cr0.2N and the 8Mn14Cr0.2N0.07C 
alloy lay within the two-phase austenite-martensite area. The rest of the C-N-alloyed Ni-free 
Fe-Mn-Cr alloys are within the single austenite phase. 
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Table II.7: Chemical composition in weight percent of the C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 Cr Mn C N Ni Mo Si Creq Nieq 
12Cr8Mn  
(L98) 
11.54 7.5 0.07 0.10 0.1 0.07 0.09 11.80 9.06 
14Cr8MnA 
(L199) 








14.35 7.74 0.07 0.17 0.16 0.01 0.11 14.63 11.34 
15Cr8Mn1Ni 
(L202) 
15.36 7.74 0.07 0.29 0.74 0.01 0.09 15.54 15.27 
16Cr8Mn1NiA 
(L201) 








16.03 8.59 0.09 0.12 0.95 0.08 0.18 16.44 11.51 
17Cr8Mn 
(L131) 
17.13 6.93 0.14 0.31 0.13 0.08 0.13 17.47 17.10 
18Cr8MnA 
(L208) 









18.14 8.02 0.08 0.25 0.15 0.01 0.26 18.62 13.96 
18Cr15Mn 
(L0024) 
17.78 14.5 0.05 0.21 0.19 0 0.5 18.57 15.36 
18Cr11Mn 
(600) 





















































Figure II.5: DeLong diagram containing the C-N-alloyed Ni-free Fe-Mn-Cr alloys investigated in the 
present work. 
 
II.3 Thermodynamic Calculations 
The equilibrium phase diagrams were calculated for the chemical compositions given in the 
previous section. The calculation was done using the commercial software package Thermo-
Calc developed at the Royal Institute of Technology (KTH), in Stockholm, Sweden. The 
Thermo-Calc package contains an extended thermodynamic database for binary and ternary 
systems and extrapolates the database systems to higher order systems. The database used in 
the present work was “TC-Fe 2000”, the database for ferroalloys. 
The equilibrium diagram for the Fe-Cr binary system is illustrated in Figure II.6. The diagram 
was calculated assuming that only ferrite, austenite and liquid phase can occur in the 
microstructure. 
The pseudo binary Cr-Ni phase diagram for the Fe-Cr-Ni steel with 18%Cr is given in Figure 
II.7. The dashed line indicated in the pseudo binary diagram corresponds to the 18%Cr-
10%Ni, which is the basis composition for the AISI 316L austenitic stainless steel. The phase 
balance evolution for a typical AISI 316L stainless steel is illustrated in Figure II.8. 
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Figure II.6: Fe-Cr binary equilibrium diagram calculated with Thermocalc. 
 











































Figure II.8: Phase fraction evolution of the austenitic stainless steel AISI 316L as a function of 
temperature. 
 
II.4 High Temperature Deformation 
The deformation at high temperature has been studied using two different methods: hot rolling 
and hot torsion. 
II.4.1 Hot rolling 
Laboratory hot rolling tests were carried out both on laboratory-cast material and industrial 
material. The rolling equipment was a laboratory reversing Carl Wezel Rolling Mill, which can 
be equipped with rolls of diameters of 90, 320 and 345mm. The maximum rolling width is 
400mm. The maximum roll gap is 60mm and the gap displacement speed is either 0.7mm/s or 
1mm/s. The maximum rolling force that can be applied is 3MN and the maximum tensile force 
is 80kN using rolls of a maximum weight of 600kg. The roll set up can be either two high or 
four high. The laboratory rolling mill has lubrication attachments. 
The 100Kg vacuum cast steels (II.2.1) were cut into blocks of 25mm thickness, 115mm width 
and 245mm length. After reheating to 1250°C for 1 hour, the blocks were rolled in 4 or 6 hot 
rolling passes to a final thickness of 5mm. 
The steels (II.2.2), which were cast in the narrow moulds (300mm x 170mm x 40mm), were 
put again in the furnace at 1250°C for 15min directly after ingot solidification. The plates were 
then hot rolled in 6 passes to a final thickness of 6mm. 
The last pass rolling temperature was higher than 900°C for all rolling schedules. 
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The data were directly recorded while performing the rolling process. This included: reduction 
(%), temperature (°C), true thickness (mm), deformation speed (1/s), true strain (-), rolling 
forces (kN), rolling gap (mm), rolling speed (m/min), uncoiling and coiling force (kN). 
The fully computerised data acquisition system allows the determination of the mean flow 
stress (MFS) using the formulas published by Maccagno et al.1. The MFS takes into account 
the thickness and the width of the hot rolled strips. This allows for easy comparison between 
different hot rolling tests where the dimension of the strip might differ. The MFS is calculated 
using the following equations: 
 








       (II.1) 
where, P is the rolling force in tons, R the roll diameter, H, the entry strip thickness, h, the exit 




























































Q   (II.2) 





=           (II.3) 
The parameters Y, φ, T1 and T2 are calculated by the following equations: 










































T         (II.7) 










cos θ = 1- (y-h / 2R)
r = (H-h) / H
Y = thickness at the neutral point
φ = neutral point angle
 
Figure II.9: Parameters needed to obtain MFS-values from rolling forces. 
 
A typical example of the rolling data obtained directly from the rolling mill is given in Figure 
II.10. There is an increase of the rolling forces needed when the rolling time increases, i.e. 
when the temperature decreases. 
 



























Figure II.10: Hot rolling forces and temperature related registered during the hot rolling of Steel 1. 
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After applying equations (II.1) to (II.7), the MFS-values obtained are represented in function 
of the temperature in Figure II.11. The MFS increase when the temperature decreases 
indicating that the rolling process requires higher forces when the number of the pass increases, 
i.e. the temperature decreases. 

















Figure II.11: MFS-values in function of the temperature for Steel 1. 
 
II.4.2 Hot torsion 
Hot torsion tests were carried out to get a more precise understanding of the material 
behaviour. In contrast to hot rolling tests, in hot torsion tests, isothermal conditions and 
constant strain rates can easily be achieved. There are no frictional problems either. Hot torsion 
tests have the disadvantage of the inhomogeneous stress and strain distribution within the 
sample. This results in microstructures which do not compare well with those obtained in hot 
rolling. 
The high temperature mechanical properties were determined by means of a fully automated 
hot torsion tester, Figure II.12. The torsion machine has an 800W Rotero SGMAH-
08AAF41D type stepper motor, which yields a maximum torque of 7.1Nm. The maximum 





Figure II.12: Laboratory hot torsion machine at the Laboratory for Iron and Steelmaking, Ghent 
University. 
 
The Von Mises effective stress and strain were calculated from the measured torque, T, and 

















ε           (II.9) 
where R and L are the gauge radius and gauge length of the hot torsion samples, respectively. 
A typical example of the torsion data obtained directly from the torsion tester is given in Figure 
II.13. The data correspond to a single hit test, where the torque is applied at a single and 
constant temperature. 
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Figure II.13: Stress-strain curves for the 316L LAB austenitic stainless steel (strain rate: 0.1/s and          
T: 1050°C). 
II.5 Thermal Treatments 
II.5.1 Resistance Furnaces 
The resistance furnaces used in this research work were the Nabertherm type L9/S27 and the 
Nabertherm type N11/HR, with maximum working temperatures of 1100°C and 1280°C 
respectively. 
As oxidation can be considerable, a protective rhenania tinterex K-12124-NK surface coating 
agent was used to avoid the oxidation of the sheets while annealing. 
For annealing after hot or cold rolling of large sheets, larger furnaces were used. A Bouvier 
furnace of 70kW power and with maximum temperature of 1300°C or a Bouvier-Technofour 
furnace of 42kW power and with maximum temperature of 1350°C were indistinctly applied. 
 
II.6 Material Characterization 
II.6.1 Light Optical Microscopy (LOM) 
Samples for light optical microscopy (LOM) were electropolished on the LectroPol-5 
electropolisher and subsequently electrolytic etched (31V, flowrate = 10, t = 20s). Different 
etchants were used to reveal the phases needed to be observed. For the determination of the 
austenite phase, the etchant used was oxalic ((COOH)2⋅2H2O) while for the determination of 




For the observation of the epsilon phase, samples were first electrolytically polished followed 
by etching with a saturated aqueous solution of Na2S2O3 + 10g K2S2O5
2. 
The microstructure was investigated on a ZEISS JENAVERT microscope. 
 
II.6.2 Magnetic Properties 
The magnetic properties were determined by direct sample measurement with the Dr. Förster 
Ferritgehaltmesser 1.053. The reference sample contains 9.6% of magnetic phase. 
The volume fractions of the ferrite and α’ martensite were not possible to determine separately 
using the direct sample measurements. 
Figure II.14 shows a scheme of the principle of the detector. The detector has a diameter of 
3mm, which allows a fast and simple measurement on large surfaces. The detector contains a 
ferromagnetic point, which is surrounded by an excitation coil and a reception coil. An 
alternative current circulates through the excitation coil. The ferromagnetic phases are detected 
in the receptor coil by the modification of the induced tensions. 
The electrical conductivity of the studied materials does not influence the measurement. The 
Dr. Förster Ferritgehaltmesser 1.053 allows a measurement of ferromagnetic phases between 
0% and 50%. The precision is between –3 and 5% of the range of the measurement. 
















Exci tat ion  co i l
 
Figure II.14: Principe of the detector. 
 
II.6.3 XRD 
The volume fraction of the phases present in the steels was determined by X Ray Diffraction 
(XRD) measurements. A Siemens D5000 Diffractometer with a Mo Kα (λ = 0.7071nm) 
radiation and operating with an intensity of 50mA and a voltage of 45V was used for the 
obtention of the XRD spectra. 
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The theoretical positions of the peaks measured with Mo Kα radiation are given in Table II.8 
and Table II.9. 
The volume fraction of the different phases present in the steels was calculated using the Direct 
Comparison Method3. 
 
Table II.8: Calculated peak positions for Mo radiation and relative intensity of a duplex stainless steel 
with composition 22.5%Cr-2.8%Ni-2.52%Mo-0.62%N4. 
Peak (111)γ (110)α (200)γ (200)α (220)γ (112)α (113)γ (222)γ (220)α 
2 θ (°) 19.42 19.92 22.48 28.32 32.14 35.06 37.84 39.66 40.68 
Intensity 100 100 80 15 50 33 80 50 10 
 
Table II.9: Calculated peak positions for Mo radiation and relative intensity of Feε
5. 
Peak (100)ε (002)ε (101)ε (102)ε (110)ε (103)ε (112)ε (201)ε 
2 θ (°) 18.60 19.96 21.13 27.41 32.50 35.65 38.44 39.9 
Intensity 24.9 26.7 100 13.3 13.4 13.5 12.7 8.8 
 
A typical example of the X-Ray diffractogram where three phases are observed is given in 
Figure II.15. 



























Figure II.15: X-Ray diffractogram for the hot rolled and annealed Fe-15%Mn binary alloy showing the 




Hardness was measured in Vickers with a load of 5Kg using the Zwick 3212 hardness tester. 
The Vickers indenter is a highly polished, pointed, square-based pyramidal diamond with face 
angles of 136°. The depth of the Vickers indentation is about one seventh of the diagonal 
length. The indenter goes with a speed of 0.3m/s until it has almost charged all the weight. The 
last 200g are applied in the last 20s. 
The Vickers hardness number (HV) is the ratio of the load applied to the indenter to the 















         (II.10) 
where P is the applied load in kgf; D is the mean diagonal of the indentation in mm and θ is the 
angle between opposite faces of the diamond, 136°6. 
Both diagonals of the indentation are experimentally measured and the average is used for 
calculating the HV hardness value. 
The hardness values presented in this research work correspond to the average of 30 hardness 
measurements performed along a complete polished surface of the sample, due to a large 
scatter in the data of the hardness that were obtained. 
Hardness is related to the ultimate tensile stress as it is presented in Figure II.16. An increase in 
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Figure II.16: Relation between the hardness measurements and the ultimate tensile stress for some of 
the materials object of study. 




















Figure II.17: Relation between the hardness measurements and the yield stress for some of the 





II.7.1 Phase transformations 
The phase transformations were studied by means of dilatometry. This technique is based on 
the monitoring of the change in length of a sample during heating, cooling or isothermal 
holding. The lattice parameter of the phases present in steel vary linearly with the temperature 
in the range 25°C-1250°C. 
The ferrite lattice (bcc) contains 2 atoms in a cubic unit cell with a lattice parameter of 0.28965 
nm in pure iron (á-Fe) at 727°C7. The austenite lattice ã-Fe, which is fcc, contains 4 atoms in a 
cubic unit cell with a lattice parameter of 0.36309 nm in pure iron at 727°C7. Hence the 
specific volume (nm/at) is higher for ferrite than for austenite and at the áã transformation 
temperature a clear sample contraction of the steel occurs. 
The epsilon phase (hcp) contains 6 atoms in a hexagonal unit cell with a lattice parameter a of 
0.2519 nm and c/a of 1.6338 in pure iron. Hence the specific volume is higher for austenite 
than for epsilon. At the ãå transformation temperature, an expansion of the sample is 
observed. 
The dilatometer tests were performed in a Theta Dilatronic IIS quench dilatometer (Figure 
II.18). Cylindrical samples with 5mm length and 3.5mm diameter were prepared from hot 
rolled and annealed material. The samples were reheated at a rate of 60°C/min to 1250°C, 
maintained at that temperature for 2 min and cooled to room temperature with a cooling rate 
of -60°C/min. 
             
Figure II.18: Theta Dilatronic IIS quench dilatometer. 
 
The linear variable displacement transducer (LVDT) detects the displacement due to the 
expansion or contraction of the sample and transforms it to an electrical signal, which is 
recorded by a computer. 
The transformation start and finish temperatures of a phase transformation are determined by 
applying the “lever rule”. The linear part of the thermal expansion curve is extrapolated before 
and after the transformation. The transformation temperature is defined as the temperature at 
which the thermal expansion or contraction first deviates from linearity9. At temperatures 
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==− )()(1 εγ         (II.11) 
where A and B are the vertical segments between the dilatation-temperature curve and the 
extrapolation of the thermal expansion and thermal contraction curve as shown in Figure II.19. 
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Figure II.19: Dilatation – temperature curve during an å to ã transformation. The lever rule used to 
determine the volume fraction of the phases is illustrated. kε  and kγ  are the linear thermal expansion 
coefficients for ε and γ, respectively. 
 
The lattice parameter is a function of the temperature. Table II.10 lists the relation between the 









Table II.10: Lattice parameter in function of the temperature. 
T (°C) aα (nm) aγ (nm) 
0 0.283 0.352 
200 0.284 0.353 
400 0.285 0.355 
600 0.286 0.357 
800 0.287 0.359 
1000 0.288 0.361 
1200 0.289 0.362 
1400 0.290 0.364 
 
II.7.2 Magnetic Transitions 
The magnetic transition produced with a variation of temperature was also studied by means of 
dilatometry. 
A dilatometer can operate in the IPMT (Induction Power Monitoring Technique) mode, which 
uses the feedback signal to the power supply of the induction heater of the dilatometer. The 
IPMT mode is sensitive to the second order transformations related to magnetic transitions in 
steels. 
In Fe, the atoms have inherent sources of magnetism because electron spins contributes to give 
a magnetic moment. In function of the spin arrangements in a domain, it is possible to 
differentiate three types of magnetism states in steels: paramagnetism, ferromagnetism and 




          (a)        (b)            (c) 
Figure II.20: Spin arrangement in iron and ferrous alloys: a) paramagnetism, b) ferromagnetism and c) 
antiferromagnetism. 
 
Below the Curie temperature, pure Fe is ferromagnetic. The ferromagnetism is presented as a 
long-range magnetic ordering phenomenon, which causes the unpaired electron spins to line up 
parallel with each other in regions called domains, within which the magnetic field is intense. 
Initially, the many domains are randomly oriented with respect to one another. When an 
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external magnetic field causes the magnetic domains to line up with each other, the material is 
magnetized and the ferromagnetism is manifested. The driving magnetic field will then be 
increased by r. At 
the Curie temperature, the magnetism phenomenon disappears abruptly. 
Pure Fe, at a temperature above the Curie temperature Tc of 1043K, is paramagnetic due to 
the magnetic moments of the electrons do not completely cancel each other. Paramagnetic pure 
Fe presents a magnetization that is proportional to the applied magnetic field in which the 
material is placed. 
The antiferromagnetic state of ferrous alloys is present below the Néel temperature, TN, which 
depends strongly on the alloy content. An antiferromagnetic material has the magnetic 
moments spontaneously aligned in an antiparallel fashion. Above the Néel temperature, an 
antiferromagnetic material becomes paramagnetic. 
The heating of the dilatometer samples was done by means of induction. Electromagnetic 
induction is the phenomenon where electric current is generated in a closed circuit by the 
fluctuation of current in another circuit placed next to it. There are three important elements in 
induction heating: electromagnetic induction, the skin effect and the heat transfer. An 
induction-heating system is shown schematically in Figure II.21. The system consists of an 













Figure II.21: Basics of induction heating. 
As shown in Figure II.21, when the AC current circulates in the coil, the magnetic field 
induced by the induction coil of the dilatometer is: 
niB rµµ0=           (II.12) 
where mampT ⋅⋅⋅= −70 104 πµ  is the intrinsic permeability of vacuum, µr is the relative 
permeability, which is about 200 in á-Fe, and n is the number of turns divided by the core 
Experimental Procedure 
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length, i. e. 5mm for the dilatometer sample. The magnetic flux Φ is equal to the magnetic field 
multiplied by the sample section A: 
AB ⋅=Φ           (II.13) 
A small cylindrical steel sample put in the interior magnetic field causes a change in the velocity 
of the magnetic flux. According to Farraday’s Law, an eddy current is generated on the surface 
of the conductive steel sample that has an inverse relationship with the current in the inducting 





⋅=           (II.14) 
where N is the number of turns in the coil. As a result, the electric energy caused by the 





=           (II.15) 
The resistance R is determined by the resistivity (ρ) and permeability (µ) of the conductive 
object. The current i is determined by the intensity of the magnetic field. Heat energy is an 
inverse relationship with skin depth. The higher the frequency of the current administered to 
the coil, the more intensive is the induced current flowing around the surface of the load. The 
density of the induced current diminishes when flowing closer to the center. This is called the 
skin effect. The heat energy converted from electric energy is concentrated in the skin depth 





−⋅=           (II.16) 
where ix is the current density at the distance x from the skin (surface) of the object, i0 is the 
current density on skin depth (x = 0) and d0 is a constant determined by the frequency (current 
penetration depth or skin depth) such as: 
µω
ρ2
0 =d           (II.17) 
where ω is the frequency of the current flowing through the object. The equation (II.16) states 
that the skin thickness is determined by the resistivity, permeability, and frequency of the 
object. 
The induced electro motive force (e.m.f.) is calculated by means of equation (II.13). The heat 







          (II.18) 
where l is the sample length, A the section and ρ the resistivity. For á-Fe, ρ = 9.71.10-8 Ωm. 
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The relative magnetic permeability µr is about 200 in ferromagnetic iron, and it drops to about 
1 in paramagnetic iron. 
According to the equation (II.17), the electrical resistance of the dilatometer sample depends 
on the sample dimensions, its resistivity, and its magnetic permeability. As a consequence, if no 
phase transformation occurs, the ferromagnetic-paramagnetic transition can be followed in the 
α phase by plotting R = f(T). In practice, R cannot be measured directly; neither can be the 
heat energy P. However, the signal of the device controlling the power necessary to sustain the 
constant heating rate of the sample can be measured. This electrical signal varies between 0 
and +5 V (100 % of the power capability). It gives a very good indication on the heat energy, 
and is dependent on the resistivity and the magnetic permeability of the studied steel. 
Figure II.22 shows a typical example of a thermal cycle and the magnetic transition occurred 
during the thermal cycle for a Fe-1%Mn binary alloy. The TCurie, which reflects the 
ferromagnetic to paramagnetic transition, is observed at about 750°C.  
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Figure II.22: Thermal cycle for the binary Fe-1%Mn binary alloy showing the α↔γ transformation 
and the power related to the thermal cycle. The magnetic transition (ferromagnetic↔paramagnetic) 
indicates the TCurie. 
 
II.8 Mechanical Properties 
In dependency of the thermomechanical treatment, the physical properties of all kinds of 
materials are often not the same in all directions. This is called anisotropy10. Consequently, the 
direction of the tensile test bar has to be selected. In the present work, this direction was the 
one, which had the lowest elongation, i.e. the transversal direction of the rolled sheets. 
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There is an increase of the internal energy of the sample during the performance of the tensile 
test. This increase of energy is reflected in an increase of the temperature of the sample, which 
can influence the microstructure observed and it mainly will influence mechanical parameters as 
ultimate tensile stress and elongation of the alloys. The transformation kinetics or the twinning, 
which can also occur during tensile testing, can modify the mechanical properties of the alloys. 
The A50 tensile test specimens were cut in the transversal direction of the rolled sheets with a 
width of 12.5 mm and a strain gauge reference length of 50 mm. 
The tensile specimens were tested in an electro-mechanical tensile test machine Instron 4505. 
The maximum force was 100kN. 
During the tests, two strain rates were used: a) 1.0 mm/min from the beginning until a strain of 
1.0 mm and b) 12 mm/min from a strain of 1.0 mm until the sample was broken. 
The mechanical properties were characterized by means of the tensile strength (TS), the total 
elongation (A) and the yield stress (YS). 
The tensile strength was calculated by using the formula (II.19). 
0SF=σ           (II.19) 
where F is the force in N and S0 is the section in mm
2. 
The total elongation in percentage is calculated using the formula (II.20) 
50100⋅= dε           (II.20) 
where d is the displacement in mm. 















n         (II.21) 















h         (II.22) 
 
Figure II.23 shows the stress-strain curve obtained for the austenitic 18Cr11Mn alloy. The 
ultimate tensile stress (Rm), the yield stress at 0.2% deformation (Re), the maximum elongation 
(A) and the homogeneous stress (σh) are also indicated. 
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Figure II.23: Stress-strain curve for the cold rolled and annealed 18Cr11Mn alloy. 
 
II.9 Internal Friction 
APUCOT (Automated Piezoelectric Ultrasonic Composite Oscillator Technique)11 is a 
resonant technique where the sample is placed longitudinally on the top of a quartz crystal 
vibrating longitudinally at a resonant frequency of 40kHz at a vibration strain amplitude of         

















Composite Oscillator  
Figure II.24: Schematic of the Automated Piezoelectric Ultrasonic Composite Oscillator Technique 
(APUCOT) used for internal friction measurements. 
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The internal friction due to the stress induced ordering of mobile interstitials is measured 
during fast heating of the specimen at a rate of 100°C/min over the temperature range of 20-
300°C. The temperature is recorded by a thermocouple inserted in a reference sample. Both 
the reference and the sample are heated by infrared heaters. The major advantage of APUCOT 
is that its background damping is very low. The measurement is not sensitive to low frequency 
parasitic vibrations. The system also displays a high signal to noise ratio and as a result, it can 
detect the internal friction peaks for very low amount of carbon in steels. The specimen 
undergoes an inevitable two minutes aging till the Snoek peak is obtained. During this aging 
period, interstitials can diffuse to the dislocations. However, the effect will only be appreciable 
if the specimens have undergone large deformation prior to the measurement. For annealed and 
slowly cooled specimens, the effect is negligible. 
Figure II.25 shows a typical internal friction spectrum measured by the APUCOT. The 
experimentally measured internal friction spectrum consists of both the background damping 
and the Snoek spectrum for carbon. The background damping is first fitted with a suitable 
curve by non linear regression analysis and then subtracted from the experimental internal 
friction spectrum. The resultant is used for the measurement of peak height 1max
−Q . The peak 
height is related to the concentration of mobile interstitials by the following equation: 
iQ CKQ ⋅=
−1
max          (II.23) 
where 1max
−Q  is the height of the Snoek peak, iC  is the interstitial concentration (mass %) and 
QK  is a proportionality factor. QK  depends on the crystallographic texture and the chemical 
composition of the steel. Substitutional elements such as P and Mn can modify the Snoek peak 
height but only at higher concentrations12,13. The maximum value of 1−Q  will depend upon 
texture of the specimen, as e.g. a stress in the <111> direction of a single α-Fe crystal will be 
equally inclined to all the three tetragonal axes and no particular interstitial will be favoured 
leading to 0=QK  for this very specific case. Orientation dependence of the proportionality 
factor QK  has been studied by K. Eloot et al.
14. It was calculated that for a steel with a perfect 
γ-fibre texture, the proportionality factor QK  was 
51085.3 −⋅=QK  per wt.ppm of interstitial 
carbon. 
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Figure II.25: Internal friction response of the Fe-20%Mn binary alloy in the temperature range in 
which the γ-ε transformation takes place. 
 
Amplitude dependent internal friction (ADIF) measurements can be done by means of the 
APUCOT at room temperature by varying the strain amplitude from 10-8 to 10-4 at constant 
temperature and frequency and measuring the internal friction as a function of pre-strain, 
changes in dislocation structure with increasing pre-strain and the degree of dislocation 
pinning. 
Dislocations can produce internal friction in two ways. One is by a mechanism of resonance 
absorption type and other is of a hysteresis nature. A typical ADIF spectrum is shown in Figure 
II.26, which shows the components of ADIF. The first part 1−iQ  is amplitude-independent part 
that is largely due to the resonant motion of the dislocations in their slip plane. For strains 
between 10-5 to 10-4, the internal friction 1−hQ  is amplitude-dependent and is due to a hysteresis 

























Figure II.26: Internal friction as a function of strain amplitude showing the components 1−iQ  and 
1−
hQ  
for the Fe-20%Mn binary alloy. 
 
The theory of amplitude dependent relaxation phenomenon was presented by Granato and 
Lücke15. The mechanism is explained schematically in Figure II.27. For zero applied stress, the 
dislocation segment LN is pinned along its length by a number of point defects (a). For small 
applied stress, the segments l1, l2 bow out (b) and continue to bow out until the breakaway 
stress is reached. At the breakaway stress, a large increase in dislocation strain occurs (c) and 
the whole segment LN is torn out from the pinning points along its length. Further increase in 
the stress (d) merely causes the dislocation length LN to bow out further. In the above 
description the maximum applied stress is presumed to be not great enough to cause the 
segment to act as a Frank-Read (F-R) source. As a result of the breakaway, there will be a 
closed hysteresis loop in each half of vibration. 1−hQ  is zero till breakaway occurs and then 
attains a finite value. Granato and Lücke have used this model to derive 1−hQ  for a single 
crystal subject to a homogeneous tensile strain of amplitude ε0. They found the following 
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Ω is an orientation factor for the single crystal, ρ is the dislocation density, LN is the dislocation 
segment determined by network pinning, l0 is the average dislocation loop length, K is a factor 
depending on the anisotropy of the elastic constants and the orientation of the sample with 
respect to the applied stress, η is Cottrell’s misfit parameter measuring the magnitude of the 











(a) (b) (c) (d)
σ = 0 σ < σc σ > σcσ = σc
 
Figure II.27: Screw dislocation segment breaking away from pinning points under the application of an 
external stress. The screw dislocation segment was created by cross slip. 
From eq. (II.24), it is seen that ( )10log −⋅ hQε  should vary linearly with the reciprocal strain 
amplitude 10
−ε . The slope of this “Granato-Lücke plot” varies inversely with the loop length 
while the intercept at 010 =
−ε  is determined by 20
3 lLN⋅ρ . A typical such G-L plot is shown in 
Figure II.28. This plot is in accord with the predicted linear variation of eq. (II.24) though 





























Figure II.28: Granato-Lücke plot of the ADIF in Fe-20%Mn binary alloy. 
 
The amplitude dependent damping 1−hQ  is strongly dependent on the dislocation density and 
also impurity concentration. Small plastic deformation increases the damping due to the 
increase in number of dislocations and increases the intercept value at 010 =
−ε . Additionally 
impurity segregation such as carbon atoms to the dislocations will decrease the dislocation 
length and thereby decrease 1−hQ
16. 
Most interesting application of the amplitude dependent relaxation phenomenon is therefore, 
found in strain aging experiments16. During strain aging, carbon atoms diffuse to the 
dislocation cores and hence increase the pinning points along the length LN. A freshly strained 
specimen will therefore, show a gradual decrease in damping with time in the amplitude 
dependent region because of carbon diffusion to the dislocations. 
Specimens for internal friction study were prepared from the hot rolled sheets. The sheets were 
first annealed at a temperature of 1100oC for 15 minutes and then water quenched to room 
temperature. Samples, 62mm long and 3mm wide, were cut parallel to the rolling direction. 
The internal friction was measured both (i) as a function of the temperature at constant strain 
amplitude (10-7) and (ii) as a function of the strain amplitude (10-8 to 10-4) at room temperature 
using an automated ultrasonic piezoelectric resonant composite oscillator at a vibration 
frequency of 40kHz17. The internal friction (Q-1) and Young’s modulus (E) were measured 
simultaneously during the heating and cooling of the specimens. 
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II.10 Impact test 
The steels object of study were evaluated at high strain rates by means of a Charpy impact 
testing machine equipped with a force measurement cell.  
The impact test gives an idea of the brittleness of a material and allows the determination of the 
transition temperature from a brittle to a ductile behaviour. The principle of this test is to break 
the sample with a hammer and measure the energy needed in function of the displacement of 
the hammer after the hit. 
V-notched samples with a length of 55mm and a section of 10x10mm (Norm EN 10045/1) 
were prepared from the as-cast material. The temperatures of the tests were varied from –
196°C, applying liquid nitrogen to the samples previous testing, through negatives ones until 
0°C, using ice to cool the samples down before testing, until 500°C using a small furnace to 
heat the samples before testing. 
 
II.11 Cold Rolling Deformation 
The deformation at low temperature has been studied via cold rolling. 
The cold rolling tests have been carried out at the same laboratory reversing Carl Wezel 
Rolling Mill used for the hot rolling tests (II.4.1). 
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CHAPTER III 
 
Reduced Ni Austenitic Stainless Steels 
 
III.1 Introduction 
There is the tendency to improve the property/cost ratio of stainless steel materials. In 
particular for the transportation industry, the goal is to lower the fuel consumption. This 
energy saving can be achieved by weight reduction, through the use of higher strength steel, 
having an excellent impact resistance in order to maintain the required safety demands1. 
In the transportation industry, both the strength/ductility balance and the toughness of a 
material can be expressed by means of the product of the ultimate tensile strength (Rm) and the 
elongation (A). This R Am ⋅ -value represents the area of the parallelogram surrounding the 
tensile curve. It is an approximation of the energy per unit volume required for the fracture of a 
material. 
In some applications, as in the case of the tank containers for the chemical industry, good 
mechanical properties and a superior corrosion resistance are required. The austenitic grade 
AISI 316L has good mechanical properties in the transversal direction, i.e. Rm
90 of ~600MPa 
and a total elongation A50 of ~50%, as well as an excellent formability, a high toughness and an 
excellent corrosion resistance, resulting from Mo additions (Figure III.1).  
This widely used stainless steel grade has the following chemical composition ranges: 16-18% 
Cr, 10-14% Ni and 2-3% Mo. The C content is low (0.03%) in order to suppress the 
intergranular corrosion in weldments2. 
 
Reduced Ni Austenitic Stainless Steels 
64 



































Figure III.1: Stress-strain curves of the austenitic stainless steels AISI 301LN, 304L and 316L. 
 
One of the main alloying elements, Ni, which is required to obtain the fully austenitic 
microstructure of AISI 316L, is characterized by high cost and strong price fluctuations. 
Therefore, there is an interest in the reduction of the use of Ni in steel, replacing it by 
alternative strongly γ-stabilizing alloying elements, such as, e.g. N and/or Mn, in order to 
obtain a fully austenitic structure with comparable or possibly superior mechanical properties, 
without losses in corrosion performance. 
The fine-tuning of the chemical composition of the AISI 316L austenitic stainless steel grade 
within the boundaries of the international standards results in only a minor increase in the 
R Am ⋅ -value by decreasing the Cr and Ni content and increasing the Mn and N content
3,4. The 
comparison of the R Am ⋅ -values of AISI 304 and AISI 316L reveals that Mo is responsible for 
the low value of R Am ⋅  for 316L. Since Mo is prescribed by strict international standards in 
order to obtain the critical corrosion resistance properties of the AISI 316L grade, alternative 
chemical compositions based on Cr, Mn and N seem promising to achieve higher R Am ⋅ -values 
and to obtain a good corrosion resistance too1. 
In the present chapter, the focus was on the development of an austenitic steel with a chemical 
composition that included Mo, in combination with a limited amount of N and lower contents 
of Cr and Ni, which were still close to the chemical composition of AISI 316L, but outside the 
international standards for 316L. 
These modifications of the composition resulted in changes to the current processing practice 
at the different stages of the industrial process, i.e., in the hot rolling and the recrystallizing 
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annealing after hot rolling1. These properties are also included in the present chapter. As 
austenitic steels are always meta-stable, phase transformations, both, thermal and deformation-
induced, were studied in depth. 
 
III.2 Experimental procedure 
Four stainless steels were studied in the present chapter. Their chemical composition is given in 
Table III.1. Three of the steels (Steel 1, Steel 2 and 316L LAB) were cast in a Pfeiffer vacuum 
induction furnace. 316L IND was produced industrially. It contained 17%Cr, 11%Ni, 2%Mo. 
316L LAB was laboratory produced. It had a composition similar to that of 316L IND, with a 
slightly higher content of the interstitials, C and N. Steel 1 and Steel 2 had a lower Ni and Cr 
content. The Mo content was increase in order to obtain a corrosion resistance similar to the 
one of 316L IND. 
The Creq and Nieq of the reduced Ni austenitic stainless steels were calculated from their 
chemical composition using the equations III.1 and III.25. 316L IND and 316L LAB have a 
higher Nieq than Steel 1 and Steel 2, due to a high Ni content which indicates a more stable 
austenite phase. The Creq is fairly similar between the four steels studied. Higher Mo content 
compensates lower Cr content and lower Mo content compensates higher Cr content in the 
Creq. 
 
NbTiMoSiCrCreq %%2%4.1%5.1% +⋅+⋅+⋅+=      (III.1) 
( ) MnNCNiNieq %5.0%%30% ⋅++⋅+=       (III.2) 
 
Table III.1: Chemical composition in weight percent of the reduced Ni austenitic stainless steels. 
  C N Mn Cr Ni Mo Si Creq Nieq 
Steel 1 0.04 0.02 1.20 14.43 8.81 2.75 0.42 19.12 11.15 Reduced 
Ni Steel 2 0.02 0.02 1.06 15.49 8.90 3.43 0.33 20.82 10.75 
316L IND 0.02 0.02 1.36 17.04 11.17 2.08 0.45 20.65 13.08 
316L 
316L LAB 0.05 0.06 1.34 17.08 11.29 2.61 0.54 21.58 15.17 
 
Table III.2 gives the calculated pitting resistance equivalent (PRE), Ms and Md30 temperatures 
for the reduced Ni austenitic stainless steels. The PRE, Ms and Md30 temperatures were 
calculated using the III.3, III.4 and III.5 equations. 316L IND and 316L LAB have very low 
Ms temperature in comparison to Steel 1 and Steel 2, which indicates that thermally-induced 
martensite transformation is very unlikely. In the case of deformation, strain-induced 
transformation occurs at much higher temperature. 
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NMoCrPRE %16%3.3% ⋅+⋅+=        (III.3) 
( ) ( ) ( )













  (III.5) 
 
Table III.2: PRE, Ms (°C) and Md30 (°C) temperatures of the reduced Ni austenitic stainless steels. 
  PRE Ms(°C) Md30(°C) Creq/Nieq 
Steel 1 23.87 17.17 40.36 1.72 
Reduced Ni 
Steel 2 27.13 -2.03 20.83 1.94 
316L IND 24.19 -213.69 0.86 1.58 
316L 
316L LAB 26.65 -334.53 -41.79 1.42 
 
The reduced Ni austenitic stainless steels are indicated in the DeLong diagram of Figure III.2. 
The reduced Ni austenitic stainless steels are all in the austenite-ferrite phase region. 
 





























Figure III.2: DeLong diagram containing the investigated reduced Ni austenitic stainless steels. 
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III.2.1 Phase transformations in reduced Ni austenitic stainless steels 
Dilatometer and equilibrium diagram investigation were carried out in order to determine the 
equilibrium phases for each steel. The results were used to define the processing conditions. 
From the chemical compositions of the reduced Ni austenitic stainless steels, the equilibrium 
diagrams were calculated using the Thermocalc6 software package. Figure III.3 presents the 
equilibrium phases in function of the temperature considering only the presence of austenite, 
ferrite and sigma phase. All the other phases (carbides, ε-martensite, …) were not considered 
for the equilibrium calculations because of the fact that these phases are not stable. 
The austenitic phase is stable in a large range of temperatures, from 1150°C until 800°C. 
Hence, the parameters for hot processing were fixed between 1250°C and 900°C in order to 
process the steel in the fully austenitic phase range. 
 















 Steel 1             316L IND








Figure III.3: Phase fraction evolution (in weight fraction) as a function of temperature of the austenitic 
stainless steels. 
The presence of non-equilibrium phase transformations due to temperature changes at higher 
cooling rates was studied via dilatometry. Dilatometer tests consisted of heating and cooling 
the as-cast material at a rate of 1°C/s from room temperature to 1250°C and monitoring the 
relative length change of the samples dL/Lo in a Quench Dilatometer Model Dilatronic III. The 
relative length change allows the determination of the phase transformation temperatures and 
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the volume fraction associated with the transformation by discontinuities in the dilatation 
curve. 
The thermal cycle for Steel 1 is given in Figure III.4 and Figure III.5. Both at high and at low 
temperature, the austenite is stable. At 1250°C, the γ→δ-ferrite phase transformation starts. 
The maximum temperature of the thermal cycle was 1250°C, therefore, the γ→δ-ferrite phase 
transformation did not occur. No clear phase transformation was observed during a thermal 
cycle. A clear change in the slope of the dL/L0 curve was detected at 800°C. As a reduction in 
the thermal expansion suggests the formation of the α phase, the observation is rather 
unexpected. A closed hysteresis curve followed by the dilatation; the sample length goes back 
to its initial state, at the end of the test.  
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Figure III.4: Dilatational-temperature curve showing the absence of a pronounced phase 
transformation during heating and cooling of Steel 1. The dilatation for pure α and γ is also indicated. 
An unexpected slope change in Steel 1 is observed. 
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Figure III.5: Dilatational and temperature curve showing the absence of a pronounced phase 
transformation during heating and cooling of Steel 1. 
 
The effect of high temperature on the phase transformation was also studied by annealing the 
cast material. The presence of δ-ferrite in the microstructure was checked and hardness 
measurements were carried out in order to determine the microstructural conditions at high 
temperature. 
 
III.2.2 Processing conditions 
From the Thermo-calc calculations, the dilatometer experiments, the annealing of the cast 
material results presented in section III.3.2 and the phase characterization in Steel 17, the 
processing conditions were defined. They are presented in the schematic of Figure III.6. 
A process similar to the industrial route was applied on the laboratory scale. It involved 
reheating, hot rolling, an intermediate annealing after hot rolling, cold rolling and a final 
annealing after cold rolling. 
Hot rolling was carried out in four passes to obtain 80% hot rolling reduction. The reheating 
temperature of the ingot-cast blocks was 1250°C for 1h. The rolling finishing temperature was 
higher than 900°C in order to perform the hot rolling within the austenitic phase area. 
After the hot rolling process, the hot rolled sheet was air-cooled. The approximate cooling rate 
was 3°C/s. 





























Figure III.6: Scheme of the rolling process followed for the reduced Ni austenitic stainless steels. 
 
The stress evolution during the hot rolling is illustrated in Figure III.7. In order to compare the 
laboratory results for Steel 1, Steel 2 and the reference 316L (IND and LAB), 316L IND was 
also laboratory processed. 
Steel 1, 316L IND and 316L LAB have similar stress values during hot rolling. Steel 2 has 
higher stress values when the total hot rolling reduction is increased, i.e. when the temperature 
decreases. The lower temperatures during hot rolling of Steel 2 compared to the other steels 
studied could be an explanation for the higher stress required. 
The MFS of reduced Ni austenitic stainless steels was calculated from the stress of hot rolling 
process. Comparing the MFS values in Figure III.8, all steels behave similar.  
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Figure III.7: Stress evolution while hot rolling of the reduced Ni austenitic stainless steels. 
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Figure III.8: Mean flow stress evolution while hot rolling of the reduced Ni austenitic stainless steels. 
 
III.2.3 Hot torsion of reduced Ni austenitic stainless steels 
Figure III.9 shows the stress-strain curves obtained at high temperature for a strain rate of 1/s 
at 1050°C for the reduced Ni austenitic stainless steels. 
The determination of the α, n, A and QHW is shown in Figure III.10, Figure III.11, Figure 
III.12 and Table III.3. A more detailed explanation is in Chapter V. 
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Figure III.10: Experimental lnε&  vs ( )pασsinhln  and the fitted equation 
( )( )pnB ασε sinhlnln ⋅+=&  for Steel 1. 
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Figure III.11: Experimental ( )pασsinhln  vs 1/T and the fitted equation 







sinhln ⋅+−⋅= εασ &  for Steel 1. 
















Figure III.12: Experimental Zln  vs ( )pασsinhln  and the fitted equation 
( )pnAZ ασsinhlnlnln ⋅+=  for Steel 1. 
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Table III.3: n, α, Q, ln A and A values obtained for the reduced Ni austenitic stainless steels. 
 Steel 1 Steel 2 316L IND 316L LAB 
n 7.6 4.4 4.9 5.5 
α 0.001 0.005 0.001 0.001 
Q 293.59 304.08 409.33 319.72 
ln A 37.9 28.7 45.5 38.6 
A 2.91x1016 3.04x1012 5.62x1019 5.99x1016 
 
After hot rolling, the steels were annealed at 1050°C. The annealing times were 5min and 
15min. The annealing was followed by water quenching. 
A 50% cold rolling reduction was applied to the hot rolled and annealed steel. An annealing 
process similar to the one applied after hot rolling was applied after cold rolling. The annealing 
temperature was 1050°C and the two annealing times were 5min and 15min. The cooling was 
also achieved by water quenching. 
The characterisation of the material was done by means of magnetic measurements, X-Ray 
diffraction, hardness measurements and tensile tests after each processing step.  
 
III.3 Results and discussion 
III.3.1 As-cast microstructure reduced Ni 
The as-cast microstructure of the reduced Ni steels is presented in Figure III.13. The δ-ferrite 
phase is the first phase to solidify from the liquid melt. The δ-ferrite is observed in the grain 
boundaries of the austenite phase in form of small islands. The phase solidification results in a 
pronounced dendritic structure.  
Alloys with especially low carbon contents to minimize susceptibility to sensitisation during 
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Steel 1 Steel 2 
  
316L IND  
 
 
Figure III.13: LOM micrograph of the normal sections of the microstructures of the cast reduced Ni 
austenitic stainless steels. 
The micrographs presented in Figure III.13 clearly show that the δ-ferrite content present in 
the as-cast material is higher in Steel 2 and 316L IND than in Steel 1. 
Direct magnetic measurements of the δ-ferrite phase of the cast reduced Ni austenitic stainless 
steel are presented in Table III.4. Steel 1 (VA599) has a lower δ-ferrite content. Steel 2 and 
316L IND present higher δ-ferrite content, though values are lower than 3%. 
 
Table III.4: δ-ferrite and  γ measurements of the as-cast reduced Ni steels. 




Steel 1 1.63± 0.35 81 
Reduced Ni 
Steel 2 2.05± 0.36 92 
316L IND 2.77± 0.71 88 
316L 
316L LAB - 36 
 
The X-Ray diffractograms for the as-cast reduced Ni austenitic stainless steels are illustrated in 
Figure III.14. 
δ-ferrite
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Figure III.14: X-Ray diffractogram for the as-cast reduced Ni austenitic stainless steels. 
Steel 1 and 316L LAB have high intensity in the {111}γ peak, in contrast with Steel 2 and 
316L IND, where the higher intensity is observed for the {200}γ peak. 
The intensity for the α/δ peaks (bcc structure) is very low in relation to the γ peaks, which 
indicates that the δ-ferrite content present in the steel is very low. 
The %γ phase present in the cast reduced Ni austenitic stainless steels has been calculated by 
the Direct Comparison Method. The obtained measurements are presented in Table III.4. 
Steel 1 has the lowest %γ phase in the steel in comparison to the rest of the reduced Ni 
austenitic stainless steels, as could be expected after determining the magnetic phase present in 
such steel. Steel 2 and 316L IND have similar %γ phase. 
A large difference between the %δ-ferrite and the %γ phase measurements is observed by 
comparing the magnetic measurements, from which the %δ-ferrite phase was determined, and 
the %γ after applying the Direct Comparison Method to the X-Ray diffractogram data. The 
reason of the data inconsistency lays in the underestimation of the %δ-ferrite phase obtained 
from the magnetic measurements and the underestimation of the %γ obtained from the X-Ray 
diffractogram data. For the calculation of the %γ phase, the existence of the {200}α and the 
{112}α diffraction peaks was imposed.  
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The Vickers hardness HV5 measurements for Steel 1 and 316L IND in the as-cast state are 
211±14 and 197±19, respectively. The obtained HV5 values are comparable. 
 
III.3.2 Microstructures of the annealed as-cast reduced Ni steels 
In order to check the microstructure present in the steel at high temperatures and to assure the 
predicted phases determined by the Thermocalc software package, annealing experiments on 
the cast material were performed on Steel 1. The range of temperatures studied was from 
850°C until 1250°C and at four different times: 200s, 500s, 1000s and 2000s. The annealing 
treatments were followed by water quenching. 
Some microstructures are presented in Figure III.15. The microstructure observed is austenitic 
containing some δ-ferrite. At first sight, the quantity of δ-ferrite does not differ much between 
the different annealing conditions. 
 
900°C   200s 1100°C   200s 
  
900°C   2000s 1100°C   2000s 
  
Figure III.15: LOM micrograph of the microstructures obtained after annealing of the as-cast Steel 1. 
 
For the annealed cast Steel 1, δ-ferrite phase content was measured via magnetic 
measurements. The results are presented in Table III.5 and Figure III.16.  
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The δ-ferrite content remains low for all studied annealing conditions and no tendency for the 
values could be detected. Neither the annealing temperature nor the annealing time has an 
influence on the results. 
The annealing of the as-cast Steel 1 results in an increase of the δ-ferrite content of the alloy, 



































Figure III.16: Volume percentage of δ-ferrite for the annealed as-cast Steel 1. 
Table III.5: Volume percentage of δ-ferrite for the annealed as-cast Steel 1. 
δ-ferrite 200s 500s 1000s 2000s 
850°C 1.32 1.23 1.81 4.39 
900°C 2.33 2.27 2.57 2.51 
950°C 1.64 1.94 2.16 2.74 
1000°C 2.98 2.13 1.8 3.18 
1050°C 3.56 2.69 2.17 3.63 
1100°C 3.05 2.28 2.85 2.49 
1150°C 4.16 1.7 3.4 2.56 
1200°C 2.55 4.08 2.74 1.95 
1250°C 5.23 3.2 2.21 1.69 
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The hardness HV5 was measured for the annealed as-cast Steel 1. The results are presented in 
Table III.6 and Figure III.17.  
The hardness HV5 values remain similar, i.e. between 130 and 155, for all studied annealing 
conditions and no tendency on the values is observed. According to Figure II.16, the variation 
in hardness values will only account for an increase of the Rm-value of about 50MPa. 
Consequently, neither the temperature nor the time has influence on the results.  
The microhardness values after annealing the as-cast alloy are lower than in the as-cast 





























Figure III.17: Hardness measurements of the as-cast Steel 1 annealed. 
Table III.6: Hardness measurements of the as-cast Steel 1 annealed. 
HV5 200s 500s 1000s 2000s 
850°C 141 142 132 153 
900°C 129 146 134 150 
950°C 139 148 147 138 
1000°C 144 138 138 131 
1050°C 143 139 129 137 
1100°C 134 133 147 129 
1150°C 144 138 140 134 
1200°C 136 153 138 145 
1250°C 136 140 139 136 
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III.3.3 Microstructures of the hot rolled reduced-Ni steels 
Figure III.18 shows the microstructures of the hot rolled reduced Ni austenitic stainless steels. 
316L IND was industrial material; therefore, there are two microstructures presented 
corresponding to the roughened industrial hot rolled (30mm thickness) and the finishing hot 
rolling state (10mm thickness). Steel 1, Steel 2, 316L IND lab HR and 316L LAB were 
laboratory hot rolled.  
The hot rolled microstructures show a stable γ phase for all the steels studied. The δ-ferrite 
phase cannot be observed in optical micrographs. 
From Figure III.18, one can see that Steel 1, 316L IND lab HR, 316L IND in the finishing 
state (~10mm thickness) and 316L LAB have similar grain sizes, namely, around 10µm. 316L 
IND in the wrought state (~30mm thickness) presents higher grain size, between 20-40µm. 
Compared to those steels, Steel 2 has, with higher than 50µm, the highest grain size which will 
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Steel 1 Steel 2 
  
316L IND (~30mm) 316L IND (~10mm) 
  
316L IND lab HR 316L LAB 
  
Figure III.18: LOM micrograph of the microstructures of the hot rolled reduced Ni steels (→RD, 
longitudinal section). 
 
III.3.4 Phase analysis of the hot rolled reduced Ni austenitic stainless steels 
The δ-ferrite phase was determined via magnetic measurements. The data obtained is given in 
Table III.7. All δ-ferrite measurements are lower than 1%. 
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Table III.7: δ-ferrite measurements by Dr. Förster and γ measurements after applying the Direct 






Steel 1 0.55±0.05 94.2 
Reduced Ni Steel 2 0.62±0.11 98.0 
316L IND (~30mm) 0.88±0.66 98.4 
316L IND (~10mm) 0.65±0.33 97.5 
316L IND lab HR - 87.9 316L LAB 
316L LAB 0.63±0.11 97.0 
 
Figure III.19 illustrates the X-Ray measurements for the reduced Ni austenitic stainless steels. 
The %γ determined by the Direct Comparison Method is listed in Table III.7. The %γ 
quantified is around 97-98% for all steels except Steel 1 and 316L IND lab HR, which just 
quantify less than 95% γ. 
The %δ-ferrite and %γ contents are slightly underestimated, which explains the slight 
inconsistency of the values. 































Figure III.19: X-Ray diffractogram for the hot rolled reduced Ni austenitic stainless steels. 
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The hardness for the hot rolled reduced Ni austenitic stainless steels is given in Table III.8. 
Steel 1 is comparable to the finished hot rolling plate of 316L IND (10mm), where the material 
reaches 10mm thickness. In the roughened rolling plate, there is a decrease of the hardness 
value, where higher grain size is observed.  
 
Table III.8: Hardness HV5 measurements of the hot rolled reduced Ni steels. 
 HV5 st. dev. 
Steel 1 178 ± 3 
316L IND (~30mm) 151 ± 11 
316L IND (~10mm) 188 ± 8 
 
III.3.5 Mechanical properties of the as-hot rolled reduced Ni austenitic stainless steels 
The mechanical properties after hot rolling of the reduced Ni austenitic stainless steels are 
illustrated in Figure III.20 and quantified in Table III.9.  
The influence of the laboratory hot rolling process can be observed by the comparison of the 
mechanical properties of the material industrially cast and laboratory hot rolled and the material 
industrially processed. 
Steel 1 and Steel 2, which have similar chemical compositions, show differences in mechanical 
properties. Steel 1 has a high elongation, around 58%, and a low ultimate tensile strength, 
around 610MPa, whereas Steel 2 has low elongation, around 39%, and high ultimate tensile 
strength, around 715MPa. 
316L IND industrially processed and industrial material laboratory processed have almost the 
same ultimate tensile strength, though the elongation decreases from 48% to 39% for the 
laboratory processed material. 316L LAB, which has similar chemical composition as 316L 
IND, has almost the same Rm-value and an elongation of 45%, which lays between the two of 
316L IND. 
The yield stress for Steel 1 is the lowest, less than 300MPa, which differs enormously with the 
value for Steel 2, where the yield stress reaches 560MPa, the highest value. 
The influence of the laboratory processing is largely observed on the yield stress value for 
316L IND. 316L IND industrially processed has a yield stress of around 360MPa, whereas the 
industrial material laboratory processed reaches 385MPa. This difference is not maintained for 
the ultimate tensile strength.  
For 316L LAB, which has similar chemical composition as 316L IND but has been laboratory 
processed, yield strength decreases to 315MPa. This Re-value is much lower than the yield 
stress for 316L IND and makes the difference between yield strength and ultimate tensile stress 
much larger for 316L LAB than for 316L IND.  
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Figure III.20: Stress-strain curves of the hot rolled reduced Ni austenitic stainless steels. 
 
Table III.9: Stress-strain values of the hot rolled reduced Ni austenitic stainless steels. 
  Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Steel 1 290 611 57.60 35194 
Reduced Ni 
Steel 2 560 714 38.51 27470 
316L IND (~10mm) 358 630 47.53 29930 
316L IND lab. HR 385 633 38.78 24533 316L 
316L LAB 316 637 45.34 28898 
 
III.3.6 Selection of the annealing conditions for the hot rolled reduced Ni steels 
The influence of the annealing time and annealing temperature after hot rolling for Steel 1 is 
illustrated in Figure III.21. By comparison of the optical microstructures obtained after an 
annealing at 1050°C and at 1200°C for 5 and for 25min, an increase in the grain size is 
observed for higher temperatures and larger annealing times. 
After annealing at 1050°C for 5min, the material has already recrystallized and the grain size 
observed is around 10µm. Increasing the temperature, the grain size enlarges until values 
higher than 50µm. This enlargement is smaller if one just increases the annealing time and the 
temperature remains constant at 1050°C or 1200°C. 
From the optical microstructures given in Figure III.21, no second phase is observed. 
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1050°C   5min 1050°C   25min 
  
1200°C   5min 1200°C   25min 
  
Figure III.21: LOM micrographs of the microstructures obtained after annealing of the hot rolled Steel 
1 (→RD, longitudinal section). 
 
The δ-ferrite content for Steel 1 after applying different annealing conditions, different 
annealing times and different annealing temperatures, was determined via magnetic 
measurements. The results obtained from the average of 30 measurements are given in Table 
III.10 and illustrated in Figure III.22. 










































Figure III.22: δ-ferrite values for the different annealing conditions of the hot rolled Steel 1. 
Table III.10: δ-ferrite measurements for the different annealing conditions of the hot rolled Steel 1. 
δ-ferrite 5min 10min 15min 20min 25min 30min 
1050°C 0.60 0.48 0.25 0.35 0.43 0.41 
1100°C 0.70 0.39 0.26 0.49 0.36 - 
1150°C 0.32 0.46 0.43 0.53 0.58 - 
1200°C 0.51 0.51 0.43 0.58 0.80 - 
1250°C - - 0.39 - - - 
      (*) Shaded conditions indicate selected hot band annealing conditions 
 
All the δ-ferrite values for the different annealing conditions after hot rolling are less than 1%. 
From Figure III.22, it is possible to observe a decrease of the δ-ferrite content for an annealing 
time of 15min. There is an increase in the δ-ferrite content when the annealing temperature 
increases. 
 
The hardness values HV5 for Steel 1 obtained for the different annealing conditions after hot 
rolling are given in Table III.11 and illustrated in Figure III.23. 
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Most of the values are between 160 and 175. The highest values correspond to 15min 
annealing time at the lowest temperature studied, i.e. 1050°C and at the highest temperature 































Figure III.23: Hardness values for the different annealing conditions of the hot rolled Steel 1. 
Table III.11: Hardness measurements for the different annealing conditions of the hot rolled Steel 1. 
Hardness 5min 10min 15min 20min 25min 30min 
1050°C 171 167 173 169 161 168 
1100°C 173 168 163 170 157 - 
1150°C 160 164 157 169 164 - 
1200°C 145 163 171 161 154 - 
1250°C - - 174 - - - 
      (*) Shaded conditions indicate selected hot band annealing conditions 
 
Comparing the results of the δ-ferrite and hardness measurements obtained for the different 
annealing times and temperatures, one could conclude the best annealing conditions.  
Hardness values are related to ultimate tensile strength, therefore the requested annealing time 
and temperature should bring to high hardness values. Another requested condition is to have a 
stable austenite, which implies that the ferrite content should be as low as possible. The 
annealing conditions are, therefore, critical: Too high annealing temperatures for long 
annealing times could result in higher δ-ferrite content, whereas too low annealing 
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temperatures for too short annealing times result in a not well annealed and recrystallized 
microstructure. 
Comparing the results of the δ-ferrite and hardness measurements obtained for the different 
annealing times and temperatures, the selected annealing conditions have been annealing 
temperature of 1050°C and annealing time of 15min.  
A shorter annealing time of 5min has also been used due to the similarity with the industrial 
annealing time. 
 
III.3.7 Microstructures of the hot rolled and annealed reduced Ni austenitic stainless steels 
Figure III.24a gives the microstructures of the hot rolled and annealed for 15min at 1050°C for 
the reduced Ni austenitic stainless steels.  
Steel 1 and 316L IND industrially hot rolled and annealed have similar grain size, around 
20µm. Steel 2 has slightly larger grain size than Steel 1. A second phase that should be δ-
ferrite is observed as thin bands in the rolling direction. This second phase is not observed in 
the studied material after hot rolling, which can indicate an inhomogeneity of the material. 
316L LAB, which has the same chemical composition as 316L IND but has been laboratory 
processed, has an inhomogeneous grain size, which go from 25µm until 150µm. It is also 
possible to observe a second phase, which is presented as slight bands in the rolling direction. 
There is not a large effect of the laboratory processing in comparison to the industrial 
processing. The grain size of the austenite phase is similar for both the 316L IND and the 316L 
IND lab HRA. 
The effect of the annealing process on the microstructure can be observed by comparison of 
Figure III.18 and Figure III.24. On one hand, Steel 1, 316L IND and 316L LAB show a larger 
grain size after annealing. The larger increase in grain size is observed for 316L LAB. On the 
other hand, the annealing seems to have almost no influence on the grain size of Steel 2 or 
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Steel 1 Steel 2 
  
316L IND 316L IND lab. HRA 
  
316L LAB  
 
 
Figure III.24a: LOM micrograph of the microstructures after hot rolling and annealing for 15 minutes 
of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
The microstructures of the hot rolled and annealed for 5min at 1050°C of the reduced Ni 
austenitic stainless steels are given in Figure III.24b. 
Steel 2 does not show a second phase and the grain size obtained is smaller than the grain size 
after 15min annealing time, as could be expected. This indicates that the grain size obtained 
after annealing for 5min is much smaller than after hot rolling. The grain size of Steel 2 after 
annealing for 5min is similar to the grain size of 316L IND, which has been industrially 
processed. 
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316L LAB also presents lower grain size after 5min. annealing time (around 50µm) than after 
15min. (from 25µm to 150µm), being both larger than the grain size after hot rolling (between 
5µm and 10µm). 
No second phases are observed on the microstructures of the hot rolled and annealed for 5min 
reduced Ni austenitic stainless steels. 
 
Steel 1 Steel 2 
  
316L IND 316L IND lab. HRA 
  
316L LAB  
 
 
Figure III.24b: LOM micrograph of the microstructures after hot rolling and annealing for 5 minutes 
of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
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The δ-ferrite magnetic measurements obtained for the hot rolled and annealed for 5min and the 
hot rolled and annealed for 15min reduced Ni austenitic stainless steels are given in Table 
III.12. 
The δ-ferrite content present in the steel is less than 1%, except for Steel 2 hot rolled and 
annealed for 15min, in which it attains 1.5% δ-ferrite. This could be expected after seeing the 
microstructures given in Figure III.24a, where δ-ferrite bands were observed. 
There is a slightly decrease of the δ-ferrite for Steel 1 in comparison to 316L IND and 316L 
LAB, in the hot rolled and annealed for 15min condition. 
The annealing process causes a decrease of the δ-ferrite content present in the steel, except for 
Steel 2, where the δ-ferrite content increases and is double for the annealing for 15min 
condition. 
Shorter annealing times also result in δ-ferrite contents lower than 1%, being similar for Steel 2 
and 316L LAB, and differing in almost 0.5% with the industrially processed 316L IND. 
The annealing of 5min applied to the hot rolled steel results in an increase of the δ-ferrite 
content present in the 316L LAB alloy. 
 
Table III.12: δ-ferrite measurements of the hot rolled and annealed for 15 minutes reduced Ni 
austenitic stainless steels. 
 %δ-ferrite % γ 
 
 
5min 15min 15min 
Steel 1 0.60±0.10 0.25±0.06 95.5 
Reduced Ni 
Steel 2 0.79±0.17 1.46±0.31 93.7 
316L IND 0.37±0.04 0.37±0.04 98.8 
316L IND lab. HRA - - 97.3 316 L 
316L LAB 0.97±0.12 0.37±0.27 97.8 
 
The X-Ray measurements for the hot rolled and annealed for 15min reduced Ni austenitic 
stainless steels are illustrated in Figure III.25 and the fraction of γ phase determined by Direct 
Comparison Method is listed in Table III.12. 
316L IND, 316L IND lab. HRA and 316L LAB have a stable γ phase, between 97%-99%. The 
maximum amount of δ-ferrite is 3%. Steel 1 and Steel 2 have less %γ. The X-Ray 
diffractogram of Steel 1 illustrates the presence of δ-ferrite, principally in the {112}α 
orientation. By Direct Comparison Method, the %γ quantified for Steel 1 was 95.5%. The 
{112}α orientation of Steel 2 has higher relative intensity, which decreases the austenite 
amount present in the steel, i.e., 94% austenite. 
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Figure III.25: X-Ray diffractogram for the hot rolled and annealed for 15min reduced Ni austenitic 
stainless steels. 
 
The hardness HV5 measurements for the hot rolled and annealed for 15min is presented in 
Table III.13. The hardness value for 316L IND industrially processed is slightly larger than for 
Steel 1. The reason of this difference could be explained from the slight difference in 
microstructure observed due to the presence of higher quantity of δ-ferrite, which has been 
quantified by X-Ray diffraction. 
 
Table III.13: Hardness HV5 measurements of the hot rolled and annealed for 15min reduced Ni 
austenitic stainless steels. 
tannealing = 15min HV5 st. dev. 
Steel 1 173 ± 7 
316L IND 183 ± 7 
 
III.3.8 Mechanical properties of the hot rolled and annealed reduced Ni austenitic stainless 
steels 
The mechanical properties of the reduced Ni austenitic stainless steels after hot rolling and 
annealing for 15min at 1050°C are given in Figure III.26 and listed in Table III.14. 
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Steel 1 and Steel 2 reach ultimate tensile stress values (Rm) higher than 316L IND in both 
processing conditions, i.e. industrially and laboratory processed, and 316L LAB, which has a 
similar chemical composition as 316L IND.  
Steel 1 has Rm-value of 630MPa, which can be explained from the martensitic transformation 
occurred while performing the tensile test. At fracture condition, the magnetic phase reaches 
30%, which compared to the 1% δ-ferrite quantified initially in the steel by magnetic 
measurements, one can assume that all the magnetic phase correspond to α’-martensite, which 
is formed while tensile testing. 
Steel 2 has a slightly lower ultimate tensile strength than Steel 1. This could be explained from 
a lower degree of martensitic transformation while tensile testing of Steel 2. The quantified 
magnetic phase for Steel 2 after tensile testing was 15%. 
316L IND and 316L LAB have no martensitic transformation while tensile testing. This can 
explain their Rm-values lower than 600MPa. 316L IND industrially processed has the same 
ultimate tensile stress value than 316L LAB. The laboratory processing of 316L IND results in 
a decrease of the ultimate tensile stress. 
The elongation is also influenced by the martensitic transformation. Steel 1, which presents a 
higher degree of martensitic transformation, has an elongation of 56%. The elongation is larger 
for Steel 2, higher than 60%, due to a higher stability of the austenite phase. This increase in 
ductility and small decrease in ultimate tensile stress for Steel 2 in comparison to Steel 1 results 
in an increase of the ARm ⋅ -value for Steel 2. The ARm ⋅ -value for Steel 2 is close to 
38000MPa whereas for Steel 1, is close to 35000MPa. 
The elongation A50 for 316L IND is 56% for the industrially processed steel and 57%, for the 
industrial material laboratory processed. This slight difference is a consequence of the 
laboratory processing of the steel. This slight increase observed in the elongation does not 
compensate the decrease in the ultimate tensile stress, giving as a consequence a slightly lower 
ARm ⋅ -value for the laboratory processed steel. The range of values for ARm ⋅ -value is 
between 32000-33000MPa. 
316L LAB, which has a similar composition of 316L IND, has an elongation A50 of 54%. This 
decrease in ductility is not compensated with an increase in ultimate tensile stress. Thus, the 
ARm ⋅ -value for 316L LAB is close to 32000MPa, similar to 316L IND laboratory processed, 
but lower than 316L IND industrially processed. 
The yield stress is larger for Steel 2, which has more stable austenite, than for Steel 1. 316L 
IND industrially processed also has a high yield stress, which can be attributed to the 
homogeneity of the material, in comparison to 316L IND, laboratory processed or 316L LAB.  
 
The annealing for 15min at 1050°C results in a decrease of the ultimate tensile stress for all 
steels, except for Steel 1, where an increase of 20MPa is observed. The elongation largely 
increases with the annealing process, except for Steel 1, where a slight decrease of 1% is 
observed. Therefore, the annealing process influences the ARm ⋅ -value. For Steel 1, the 
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ARm ⋅ -value is constant (the decrease in elongation is compensated with the increase in 
ultimate tensile stress). For the other steels, the ARm ⋅ -values after annealing are larger than 
after hot rolling.  
The annealing process also influences the yield stress. A decrease in yield stress is observed for 
all studied steels. This decrease depends on the steel, and goes from 50 for Steel 1 and 316L 
LAB until 290, for Steel 2. 

























Figure III.26: Stress-strain curves of the hot rolled and annealed for 15min reduced Ni austenitic 
stainless steels. 
 
Table III.14: Stress-strain values of the hot rolled and annealed for 15 min reduced Ni austenitic 
stainless steels. 
  Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Steel 1 243 631 56.05 35387 
Reduced Ni 
Steel 2 277 617 61.27 37792 
316L IND 268 590 55.91 32999 
316L IND lab. HRA 223 567 57.02 32326 316L 
316L LAB 258 592 54.07 31993 
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III.3.9 Mechanical properties of the reduced Ni steels after hot rolled and annealed for 5min 
at 1050°C 
The mechanical properties after hot rolling and annealing for 5min for the reduced Ni austenitic 
stainless steels are given in Figure III.27 and listed in Table III.15. 
Steel 1 shows the highest ultimate tensile stress in comparison to the rest of studied steels. This 
high Rm-value can be related to the martensitic transformation that takes place while tensile 
testing, due to Steel 1 has the less stable austenite.  
Steel 2 reaches the same ultimate tensile stress as 316L IND industrially processed. 316L IND 
laboratory processed has the lowest Rm-value, while 316L LAB has a higher value than the 
316L IND industrially processed.  
The ductility behaves different. The largest value is obtained for Steel 2, with an A50 of 60.6%. 
56% of elongation is obtained for 316L IND industrially processed, which is higher than the 
54% obtained for Steel 1. Lower values are obtained for 316L IND laboratory processed and 
316L LAB. 
The effect of the elongation mainly influences the ARm ⋅ -value. A decrease on elongation is 
reflected with a decrease on the ARm ⋅ -value, except for Steel 1, which shows the highest Rm-
value. 
The yield stress is larger for 316L IND industrially processed and 316L LAB. Steel 1 has the 
lowest yield stress. 
 
The influence of the annealing time after hot rolling is observed by comparing Figure III.26 and 
Table III.14 with Figure III.27 and Table III.15. The ultimate tensile stress for Steel 1 remains 
constant for both applied annealing times, whereas it decreases for Steel 2 with decreasing the 
annealing time. 316L IND laboratory processed and 316L LAB show an increase of the 
ultimate tensile stress with decreasing the annealing time. The influence of the annealing time 
on the ultimate tensile stress is not clear. 
The duration of the annealing time only influences the elongation. The longer the annealing 
time after hot rolling, the higher the elongation obtained. This decrease in elongation mainly 
influences the ARm ⋅ -value. The ARm ⋅ -value decreases for all steels in around 1000MPa.  
The short annealing time decreases the yield stress of Steel 1 and Steel 2 and increases the 
yield stress of 316L IND laboratory processed and 316L LAB. Therefore, no clear tendency is 
observed. 
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Figure III.27: Stress-strain curves of the hot rolled and annealed for 5min reduced Ni austenitic 
stainless steels. 
 
Table III.15: Stress-strain values of the hot rolled and annealed for 5min reduced Ni austenitic stainless 
steels. 
  Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Steel 1 228 632 54.38 34377 
Reduced Ni 
Steel 2 250 592 60.58 35886 
316L IND 268 590 55.91 32999 
316L IND lab. HRA 246 583 53.29 31055 316L 
316L LAB 264 601 51.46 30929 
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III.3.10 Microstructures after cold rolling of the reduced Ni austenitic stainless steels 
The optical microstructures observed after 50% cold rolling the hot rolled and annealed at 
1050°C for 15min reduced Ni austenitic stainless steels are given in Figure III.28a. 
The grains seem elongated in the rolling direction and no clear grain boundaries can be 
observed, except for Steel 2, where the grain boundaries are slightly visible. There is no 
difference between the phases (austenite and α’-martensite) observed in Steel 1 probably due 
to the etching used. Steel 2 has a second phase, which is clearly visible on the microstructure. 
This phase is δ-ferrite. Probably, there is also α’-martensite on the steel, but as for Steel 1, the 
difference between austenite and α’-martensite is not clear in Steel 2. 
316L IND laboratory processed and 316L LAB, which has a similar chemical composition as 
316L IND, show similar microstructure after 50% cold rolling. No second phase is observed. 
Though the grain boundaries are not clear, it seems that the grains for 316L IND laboratory 
processed are smaller than for 316L LAB. 
 
The LOM microstructures observed after 50% cold rolling the hot rolled and annealed for 
5min at 1050°C reduced Ni austenitic stainless steels are given in Figure III.28b. 
It is not possible to distinguish between the austenite and the α’-martensite after 50% cold 
rolling. This is probably due to the etchant used to reveal the microstructure. Even though, it is 
possible to see a grain orientation in the rolling direction. The grain boundaries can be 
determined for Steel 1 and Steel 2. 316L IND laboratory processed and 316L LAB have more 
unclear grain boundaries.  
The cold rolled for 5min annealed steels do not show a second phase. This is in contrast with 
the second phase observed for Steel 2 in the cold rolled after annealing for 15min.  
Though the grain boundaries are not clear, it seems that the grains for 316L IND laboratory 
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Steel 1 Steel 2 
  
316L IND lab. HRA 316L LAB 
  
Figure III.28a: LOM micrograph of the microstructures after hot rolling and annealing for 15 minutes 
and cold rolling of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
 
Steel 1 Steel 2 
  
316L IND lab. HRA 316L LAB 
  
Figure III.28b: LOM micrograph of the microstructures after hot rolling and annealing for 5 minutes 
and cold rolling of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
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III.3.11 Phase content determination in the cold rolled reduced Ni austenitic stainless 
steels 
The δ-ferrite magnetic measurements of the hot rolled and annealed for 15min and cold rolled 
reduced Ni austenitic stainless steels are listed in Table III.16. 
Steel 1 and Steel 2 have a martensitic transformation during cold rolling. The degree of 
transformation during cold rolling can be determined by comparing the magnetic measurements 
after annealing for 15min. at 1050°C, 0.3% for Steel 1 and 1.5% for Steel 2, and after 50% 
cold rolling, 45% for Steel 1 and 20% for Steel 2. This large degree of martensitic 
transformation is due to the Md30 is 40°C for Steel 1 and 20°C for Steel 2. 
316L IND and 316L LAB also show a slight increase in magnetic phase after 50% cold rolling, 
though the increase in magnetic phase would be around 2% for 316L IND laboratory 
processed and 0.5 for 316L LAB.  
 
Table III.16: δ-ferrite measurements of the hot rolled and annealed for 15 minutes and cold rolled 
reduced Ni austenitic stainless steels. 
 %δ-ferrite % γ 
 
 
5min 15min 15min 
Steel 1 ~45 ~45 29.5 
Reduced Ni 
Steel 2 ~16 ~20 47.2 
316L IND lab. HRA 2.96±0.29 2.37±0.21 86.8 
316 L 
316L LAB 0.67±0.21 0.92±0.25 96.7 
 
The δ-ferrite magnetic measurements of the hot rolled and annealed for 5min and cold rolled 
reduced austenitic stainless steels are also given in Table III.16. 
A martensitic transformation is observed during cold rolling for Steel 1 and Steel 2. Steel 1 has 
45% of magnetic phase after 50% cold rolling and Steel 2, 16%. The annealing time after hot 
rolling influences the magnetic phase fraction obtained after cold rolling for Steel 2. For Steel 
1, no influence of the annealing time after hot rolling is observed on the magnetic properties 
after 50% cold rolling. 
The 50% cold rolling have no influence on the magnetic phase after hot rolling and annealing 
for 5min at 1050°C for 316L LAB. There is a slight increase of 2% for the magnetic phase of 
316L IND after 50% cold rolling the hot rolled and annealed for 5min at 1050°C steel. 
 
The X-Ray diffractograms for the hot rolled and annealed for 15min and 50% cold rolled 
reduced austenitic stainless steels are given in Figure III.29. The fraction of γ phase determined 
by Direct Comparison Method is listed in Table III.16. 
Steel 1 presents the less stable austenite phase due to the Md30 temperature is 40°C and a 
martensitic transformation occurs during cold rolling. Therefore, the Steel 1 after 50% cold 
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rolling of the hot rolled and annealed for 15min at 1050°C has 30% γ. Steel 2 also has a 
martensitic transformation during cold rolling, but the amount of γ present after 50% cold 
rolling is larger than for Steel 1, i.e. 47%. This can be explained from the lower Md30 
temperature of Steel 2. 
316L IND laboratory processed and 316L LAB have a more stable γ phase. 316L LAB has a 
slightly decrease in the austenite phase content for the 50% cold rolled stage in relation to the 
hot rolled and annealed for 15min at 1050°C condition. 316L IND, which has a similar 
chemical composition as 316L LAB, shows a less austenite stability than 316L LAB. The %γ 
measured after 50% cold rolling for 316L IND laboratory processed is 87%. 
 




























Figure III.29: X-Ray diffractogram for the hot rolled and annealed for 15 minutes at 1050°C and cold 
rolled reduced Ni austenitic stainless steels. 
 
III.3.12 Hardness after cold rolling the hot rolled and annealed for 15min at 1050°C 
reduced Ni austenitic stainless steels 
The hardness HV5 measurements for the hot rolled and annealed for 15min at 1050°C in the 
50% cold rolled stage are given in Table III.17. 
The increase in hardness HV5 observed after cold rolling can be related to the phase 
transformation that occurs during cold rolling. 
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Steel 1 seems to have a higher hardness HV5 than Steel 2. This small difference in hardness 
can be explained from the martensitic transformation occurred while cold rolling, where Steel 1 
has a higher fraction of transformation from austenite to α’-martensite than Steel 2. The 
austenite phase is more stable for Steel 2. 
 
Table III.17: Hardness measurements of the hot rolled and annealed for 15 minutes and cold rolled 
reduced Ni austenitic stainless steels. 
tannealing = 15min HV5 st. dev. 
Steel 1 399 ± 14 
Steel 2 376 ± 10 
 
III.3.13 Microstructure evolution during cold rolling 
The microstructure evolution during cold rolling of the hot rolled and annealed for 15min at 
1050°C Steel 1 and Steel 2 is given after every 10% reduction in Figure III.30. 
After 10% cold rolling reduction, the microstructure of Steel 1 and Steel 2 differs from the one 
after hot rolling and annealing for 15min at 1050°C. The grain size increases largely for Steel 
1, whereas for Steel 2, the increase of the grain size is small. The second phase, δ-ferrite, 
present in Steel 2 can still be observed. 
When 20% cold rolling reduction is applied, the grain size of Steel 1 decreases enormously and 
a second phase, α’-martensite, starts to be visible. Steel 2 does not show a difference in grain 
size, though a small elongation of the grains in the rolling direction is observed. 
In comparison to the 20% cold rolled stage, a larger difference in microstructure is observed 
for Steel 1 after 30% cold rolling reduction. The grain size after 30% cold rolling for Steel 1 is 
similar to the grain size after 20% cold rolling. The main difference is the visibility of the grain 
boundaries, which are difficult to determine. Steel 2 after 20% cold rolling and 30% cold 
rolling have a similar grain size as well as second phase fraction. 
After 40% cold rolling, a large difference in comparison to the 30% cold rolled microstructure 
is observed for Steel 1 and Steel 2. In Steel 1, the grain boundaries are more visible and they 
indicate an increase of the grain size and the presence of a second phase, α’-martensite, in the 
microstructure. The grain size of Steel 2 after 40% cold rolling seemed to decrease in relation 
to the 30% cold rolled stage. The second phase, δ-ferrite, present in Steel 2 seem to decrease 
its fraction, though the presence of α’-martensite starts to be visible. 
An increase in 10% cold rolling deformation modifies the microstructure of Steel 1 and Steel 2 
enormously. The grain boundaries are difficult to determine for Steel 1, though the presence of 
a second phase, α’-martensite, is visible and allowed the visualization of the grain boundaries. 
Steel 2 still has some δ-ferrite, which is elongated in the rolling direction, in its microstructure 
and the presence of α’-martensite is also possible to identify. The grain size for Steel 2 after 
50% cold rolling is similar to the one after 40% cold rolling. 
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Figure III.30: LOM micrograph of the microstructures after hot rolling and annealing for 15 minutes 
and cold rolling of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
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III.3.14 Phase stability during cold rolling 
The evolution of the magnetic properties during the cold rolling was evaluated via magnetic 
measurements of the material every 10% cold rolling reduction. The magnetic measurements 
are given in Figure III.31.  
The cold rolling degree has an influence on the magnetic properties, which can be related to 
the phase composition of the steels. The magnetic measurements correspond to δ-ferrite and 
α’-martensite, which both are magnetic phases. 
Steel 1 and Steel 2 have an unstable austenite phase, which transforms to α’-martensite during 
cold rolling. The higher the deformation given, the more α’-martensite is formed. The increase 
of magnetic phase observed is an exponential relation of the cold rolling degree. For Steel 1, 
there is a larger increase of the magnetic phase during cold rolling than for Steel 2, which 
indicates that the austenite phase in Steel 1 is more unstable than in Steel 2. This is explained 
from the chemical composition of Steel 1, giving it a higher Ms temperature than Steel 2. 
After 10% cold rolling reduction, most of the magnetic phase measured is δ-ferrite. At higher 
cold rolling reductions, the magnetic phase is α’-martensite, which is formed while cold 
rolling. 
Steel 1 and Steel 2 can be compared to the AISI 301 stainless steel, which has 17.33%Cr, 
6.66%Ni, 0.35%Mo, 0.7%Cu, 0.096%C, 1.85%Mn, 0.042%N and 0.42%Si. The AISI 301 
shows a martensitic transformation during cold rolling. At 58% cold rolling reduction, the 
magnetic phase measured is ~65% (measured by X-ray diffraction), which corresponds to α’-
martensite. 
Steel 1 seems to have a similar α’-martensitic transformation as AISI 301, reaching ~ 45% of 
magnetic phase at 50% cold rolling reduction, whereas Steel 2 has a less α’-martensitic 
transformation while cold rolling, ~ 20% α’-martensite at 50% cold rolling reduction. 
The percentage of phase present in the Steel was calculated by Direct Comparison Method. 
The evolution of the %γ phase of Steel 1 and Steel 2 during cold rolling is given in Figure 
III.32. 
Steel 1 and Steel 2 have a large decrease of the austenite phase during cold rolling. The 
decrease is larger for Steel 1. This results could be expected after seeing the evolution of the 
magnetic, mainly α’-martensite, phase. 
The evolution of the hardness HV5 during cold rolling for Steel 1 and Steel 2 is given in Figure 
III.33. 
An increase in the hardness HV5 measurements is observed due to the α’-martensitic 
transformation during cold rolling Steel 1 and Steel 2. The presence of higher amounts of α’-
martensite is responsible for the higher hardness values. 
Both steels have similar evolution in hardness HV5 during cold rolling. The hardness HV5 
does not give an idea of the amount of α’-martensite present in the steel as it could be 
determined via magnetic measurements.  
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% cold rolling reduction
 
Figure III.31: Evolution of the magnetic phase during cold rolling for Steel 1 and Steel 2. 






















% cold rolling reduction
 
Figure III.32: γ-evolution during cold rolling of Steel 1 and Steel 2. 
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Figure III.33: Hardness HV5 evolution for Steel 1 and Steel 2 during cold rolling. 
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The evolution of the relative X-Ray peak intensities during cold rolling Steel 1 and Steel 2 is 
given in Figure III.34 and Figure III.35. 
The cold rolling process has a large influence on the intensity of the α diffraction peaks. The 
relative intensity of the {110}α, {200}α and {112}α diffraction peaks increases. {111}γ, {200}γ, 
{113}γ and {222}γ decrease their relative intensity during cold rolling. {220}γ peak increases 
its relative intensity during cold rolling.  
The increase of the relative intensity for the α peaks and the decrease in most of the γ peaks 
relative intensity indicates that there is a transformation from γ to α’-martensite. It should be 
remarked that the α’-martensite phase diffracts in the same 2θ angle as the ferrite phase, so the 
two phases cannot be distinguished.  
The increase of the relative intensity of the {220}γ peak is due to a texture orientation during 
cold rolling. 
The increase of the relative intensities of the α peaks in Steel 1 is higher than in Steel 2, which 
results in higher percentage for α’-martensite in Steel 1 than in Steel 2. The decrease of the 
relative intensities of the γ peaks is larger for Steel 1 than for Steel 2. For the {220}γ peak, the 
increase in its relative intensity is similar in both steels, which indicates that the increase is 
independent of the steel, i.e. of its chemical composition and it is dependent on the cold rolling 
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Figure III.34: X-Ray diffractogram evolution while cold rolling of Steel 1. 







































Figure III.35: X-Ray diffractogram evolution while cold rolling of Steel 2. 
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III.3.15 Microstructures of the cold rolled and annealed reduced Ni austenitic stainless 
steels 
The optical microstructures of the 50% cold rolled and annealed for 15min at 1050°C reduced 
Ni austenitic stainless steels are given in Figure III.36. 
Steel 1, Steel 2 and 316L IND industrially processed are fully recrystallized after an annealing 
for 15min. at 1050°C. The grain boundaries for Steel 1 and Steel 2 are clearly determined, 
whereas for 316L IND industrially processed, the grain boundaries are less clear.  
A difference between the grains can be observed in Steel 1. This difference is related to the 
phases present in the steel, i.e. austenite and α’-martensite. The α’-martensite will be situated 
at the thin banded areas. Some annealing twins are visible at the microstructure. 
Steel 2 has a homogeneous microstructure and no second phase is observed. Steel 2 has 
slightly larger grain size than Steel 1. 
316L IND industrially processed has the smallest grain size, between 5 and 10µm. The only 
observed phase in 316L IND is austenite.  
316L IND laboratory processed shows a large grain size with unclear grain boundaries. The 
grain size is unhomogeneous within the microstructure. Some bands, which can be related to a 
second phase, are visible. Those bands are elongated in the rolling direction. 
316L LAB, which has a similar chemical composition as 316L IND, has very large grain size. 
The grain boundaries are unclear, principally around some bands observed in the rolling 
direction. Those bands are consequence of the etching performed and not related to second 
phases present in the steel as it was observed for 316L IND laboratory processed. 
The effect of the annealing of 15min at 1050°C can be determined by comparing Figure III.28 
and Figure III.36. A larger difference is observed for all reduced Ni austenitic stainless steels 
due to the recrystallization process occurred during annealing. In Steel 2, the disappearance of 
the second phase is also observed, whereas in 316L IND laboratory processed, the appearance 










Reduced Ni Austenitic Stainless Steels 
108 
Steel 1 Steel 2 
  
316L IND 316L IND lab. HRA 
  
316L LAB  
 
 
Figure III.36: LOM micrograph of the microstructures after cold rolling and annealing for 15 minutes 
of the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
 
The LOM microstructures after 50% cold rolling and annealing for 5min at 1050°C of the 
reduced Ni austenitic stainless steels are given in Figure III.37. 
Steel 1, Steel 2 and 316L IND industrially processed are fully recrystallized after cold rolling 
and annealing for 5min at 1050°C. The grain boundaries are perfectly defined for Steel 1 and 
Steel 2.  
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The microstructure of Steel 1 shows differences between the grains. Those differences are due 
to the phases, austenite and α’-martensite, present in the steel. The grain size is also 
unhomogeneous in Steel 1.  
Steel 2 has a smaller and more homogeneous grain size than Steel 1. A second phase is still 
possible to observe in the rolling direction as it was observed in previous microstructures of 
Steel 2. The grain size of 316L IND industrially processed is smaller than the grain size of 
Steel 2. 
316L IND laboratory processed has a grain size similar to Steel 2, though the grain boundaries 
are not clear. A second phase elongated in the rolling direction is visible. 
316L LAB, which has a similar chemical composition as 316L IND, has slightly higher grain 
size than 316L IND laboratory processed. The grain boundaries are more defined. The 
presence of an elongated band in the rolling direction is not related with a second phase; on the 
contrary, it is a consequence of the etching process followed by the sample. 
An annealing at 1050°C for 5min of the 50% cold rolled reduced austenitic stainless steels 
already brings to recrystallized microstructure, which has smaller grain size than after annealing 
at 1050°C for 15min. The larger annealing time has an influence on the amount of second 
phase obtained. Steel 1 and 316L IND laboratory processed show slightly less amount of 
second phase when the annealing time is longer. The larger annealing time for Steel 2 results in 
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Figure III.37: LOM micrograph of the microstructures after cold rolling and annealing for 5 minutes of 
the reduced Ni austenitic stainless steels (→RD, longitudinal section). 
 
III.3.16 Phase content of cold rolled and annealed reduced Ni austenitic stainless 
steels 
The magnetic measurements of the cold rolled and annealed for 15min at 1050°C reduced 
austenitic stainless steels are given in Table III.18.  
The magnetic measurements are less than 1% for all cold rolled and annealed for 15min at 
1050°C reduced Ni austenitic stainless steels. The smallest amount of magnetic phase is 
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obtained for 316L IND industrially processed, which can be explained from the homogeneity 
of the steel and the steel processing. Steel 1 and 316L LAB show a similar magnetic 
measurement, though the magnetic phase is different. For Steel 1, the magnetic phase 
measured is mainly α’-martensite, whereas for 316L LAB, the magnetic phase observed will 
mainly be δ-ferrite. Steel 2 has slight higher magnetic phase content, which is similar as the 
magnetic phase content measured for 316L IND laboratory processed. 
The influence of the annealing process on the percentage of magnetic phase in the steel is large. 
Steel 1 and Steel 2 decrease their magnetic phase content from 45% and 20%, respectively, to 
less than 1%. This behaviour is similar to the AISI 301 stainless steel, which also has an α’-
martensitic transformation during cold rolling. 316L IND laboratory processed and 316L LAB 
also decrease their magnetic phase content, though the amount is less than for Steel 1 and Steel 
2, due to the α’-martensitic transformation during cold rolling for 316L IND laboratory 
processed and 316L LAB was very small. The lower percentage of α’-martensitic 
transformation for 316L IND laboratory processed and 316L LAB is a consequence of the 
alloying elements included in those steels, which decrease the Ms and Md temperatures. 
 
Table III.18: δ-ferrite measurements of the cold rolled and annealed for 15 minutes reduced Ni 
austenitic stainless steels. 
 %δ-ferrite % γ 
 
 
5min 15min 15min 
Steel 1 0.49±0.02 0.47±0.05 80.8 
Reduced Ni 
Steel 2 1.04±0.15 0.75±0.58 97.6 
316L IND 0.38±0.05 0.38±0.05 98.0 
316L IND lab. HRA 1.64±0.26 0.70±0.12 97.0 316 L 
316L LAB 0.45±0.07 0.43±0.09 95.7 
 
After annealing for 5min at 1050°C, the magnetic measurements of the cold rolled reduced Ni 
austenitic stainless steels are given in Table III.18. 
The magnetic measurements are less than 1% for Steel 1, 316L IND industrially processed and 
316L LAB. Steel 2 and 316L IND laboratory processed have a magnetic phase content slightly 
higher than 1%. The magnetic phase measured for Steel 2 and 316L IND laboratory processed 
is mainly δ-ferrite, whereas for Steel 1 is α’-martensite. 
An annealing of 5min at 1050°C decreases the magnetic properties of the steels largely, in a 
similar way as the annealing of 15min at 1050°C. The larger annealing time does not have a big 
influence on the magnetic properties. Steel 1 and 316L LAB does not show any dependence on 
the annealing time, whereas for Steel 2 and 316L IND laboratory processed, the influence of 
the annealing time is very small. A longer annealing time for Steel 2 and 316L IND laboratory 
processed result in slightly smaller percentage of magnetic phase. 
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The X-Ray diffractograms for the cold rolled and annealed for 15min at 1050°C reduced Ni 
austenitic stainless steels are given in Figure III.38. The fraction of γ phase is calculated for the 
reduced Ni austenitic stainless steels by Direct Comparison Method. The %γ is listed in Table 
III.18. 
Steel 1 still shows the lowest amount of γ phase, around 81%, whereas Steel 2, 316L IND and 
316L LAB have more than 95% γ after annealing for 15min at 1050°C. 316L IND industrially 
processed has the highest fraction of γ phase, i.e. 98%. 316L IND laboratory processed also 
shows a high %γ, i.e., 97%, which is similar to the %γ measured for Steel 2. 316L LAB, which 
has a similar chemical composition as 316L IND, has a slightly lower %γ. 
The annealing process has a large influence on the %γ phase present in the steel, mainly in 
Steel 1 and Steel 2. The α’-martensite phase formed after 50% cold rolling is largely 
transformed to austenite after the annealing process; therefore, the γ peaks increase their 
relative intensity, while the α peaks decrease their relative intensity. 
It should be noted that the highest peak intensity is observed for {220}γ for all the cold rolled 
and annealed steels, as it was already observed for Steel 1, Steel 2 and 316L IND laboratory 
processed at the cold rolled stage.  
 

































Figure III.38: X-Ray diffractogram for the cold rolled and annealed for 15 minutes reduced Ni 
austenitic stainless steels. 
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III.3.17 Mechanical properties of the as-cold rolled reduced Ni austenitic stainless 
steel  
The mechanical properties of the 50% cold rolled after hot rolling and annealing for 15min at 
1050°C of the reduced Ni austenitic stainless steels are shown in Figure III.39. The ultimate 
tensile stress, yield stress, elongation A50 and ARm ⋅ -value are listed in Table III.19. 
The mechanical properties are very poor in comparison to the hot rolled and annealed stage. 
The main reason of this decrease in mechanical properties is the high strain hardening obtained. 
A high dislocation density is obtained during cold rolling, which results in high Rm-values for 
the 50% cold rolled steel. The Rm-values after cold rolling are more than the double of the Rm-
values after hot rolling and annealing, whereas the elongation after cold rolling is close to the 
tenth of the elongation after hot rolling and annealing. 
Steel 1 and Steel 2 have high ultimate tensile stress, higher than 1300MPa. This is a 
consequence of the cold rolling process followed by the Steel 1 and Steel 2, as well as a 
martensitic transformation during cold rolling, which brings the materials to have a 
predominant α’-martensite microstructure. The α’-martensite is characterised by high ultimate 
tensile stress. 
316L IND laboratory processed and 316L LAB have more stable austenite. Therefore the 
reason of their high ultimate tensile stress values is the high dislocation density formed during 
the cold rolling. The Rm-values for 316L IND laboratory processed and for 316L LAB are 
lower than for Steel 1 and Steel 2. 316L IND laboratory processed has a slightly lower Rm-
value than 316L LAB. This decrease can be related to the chemical composition of both steels. 
The elongation obtained after 50% cold rolling the reduced Ni austenitic stainless steels is 
lower than 10%. Steel 1, which has unstable austenite, has the lowest elongation. This A50-
value is slightly higher for Steel 2, where there was less martensite transformation during cold 
rolling than for Steel 1.  
316L IND laboratory processed and 316L LAB, which has a similar chemical composition as 
316L IND, show higher elongations.  
The ARm ⋅ -value of the reduced Ni austenitic stainless steels is very low, less than 10000MPa. 
The ARm ⋅ -values are mainly influenced from the low elongation obtained, though the ultimate 
tensile stress is very high. Steel 1 has the lowest ARm ⋅ -value. The high Rm-value obtained for 
Steel 1 does not compensate the very low elongation obtained. The reason of this low ARm ⋅ -
value is the large α’-martensite transformation observed during cold rolling. The increase in 
ARm ⋅ -value for Steel 2 is mainly due to the increase in elongation observed and the slight 
decrease in ultimate tensile stress. 316L IND has the highest ARm ⋅ -value due to the highest 
elongation, though the Rm-value is the lowest. 316L LAB, which has a similar chemical 
composition as 316L IND, has a similar ARm ⋅ -value as 316L IND. 
The yield stress is also largely increased during cold rolling. The yield stress is between 75-
85% of the ultimate tensile stress. Steel 1 has the highest yield stress, higher than 1100MPa. 
This yield stress slightly decreases for Steel 2, which can be related to the less α’-martensite 
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fraction present in Steel 2 than in Steel 1 after cold rolling. 316L IND laboratory processed 
and 316L LAB, which has a similar chemical composition as 316L IND, have the same yield 
stress. 
























Figure III.39: Stress-strain curves of the hot rolled and annealed for 15 minutes and cold rolled reduced 
Ni austenitic stainless steels. 
 
Table III.19: Stress-strain values of the hot rolled and annealed for 15 minutes and cold rolled reduced 
Ni austenitic stainless steels. 
 tannealing = 15min Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Steel 1 1142 1356 6.00 8139 
Reduced Ni 
Steel 2 1095 1339 6.79 9089 
316L IND lab. HRA 894 1183 8.33 9862 
316L 
316L LAB 896 1255 7.67 9626 
 
The mechanical properties for the 50% cold rolled hot rolled and annealed for 5min at 1050°C 
are given in Figure III.40 and listed in Table III.20. 
The mechanical properties are very poor in comparison to the hot rolled and annealed for 5min 
at 1050°C stage. The main reason of this decrease is the high strain hardening during the cold 
rolling, as it has already been observed for the cold rolled hot rolled and annealed for 15min at 
1050°C stage.  
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The cold rolling of the hot rolled and annealed for 5min at 1050°C of the reduced Ni austenitic 
stainless steels results in an increase of the ultimate tensile stress, in a similar way as for the 
cold rolling of the hot rolled and annealed for 15min at 1050°C. Thus, the ultimate tensile 
stress for the cold rolled hot rolled and annealed for 5min at 1050°C is higher than the double 
of the ultimate tensile stress of the hot rolled and annealed for 5min at 1050°C.  
The ultimate tensile stress is higher than 1300MPa for Steel 1 and Steel 2, which have a higher 
amount of martensitic transformation during cold rolling. 316L IND laboratory processed and 
316L LAB have a more stable austenite, which results in lower Rm-values. 
The elongation A50 is lower than 10% for all the cold rolled reduced Ni austenitic stainless 
steels. Steel 1 shows the lowest A50-value, i.e. less than 5%. The reason of this low elongation 
is the large α’-martensitic transformation that occurred during cold rolling. Steel 2 and 316L 
IND laboratory processed have the same elongation, which is lower than the elongation A50 
obtained for 316L LAB. 
The influence of the annealing time on the elongation is not clear. Steel 1 and 316L IND have a 
decrease of the elongation with shorter annealing times before cold rolling, whereas Steel 2 
and 316L LAB have an increase. 
The influence of the annealing time on the ARm ⋅ -value is the same as the influence of the 
annealing time on the elongation, due to the variation of the Rm-value with the annealing time 
before cold rolling is negligible. Hence Steel 1 has the lowest ARm ⋅ -value, Steel 2 and 316L 
IND laboratory processed have similar ARm ⋅ -values and 316L LAB shows the highest 
ARm ⋅ -value. 
The annealing time before cold rolling has almost no influence on the yield stress, as it has been 
observed for the ultimate tensile stress. The yield stress for Steel 1 and Steel 2 is higher than 
the yield stress for 316L IND laboratory processed and 316L LAB. This difference can be 
related to the α’-martensitic transformation that occurred during cold rolling. 
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Figure III.40: Stress-strain curves of the hot rolled and annealed for 5 minutes and cold rolled reduced 
Ni austenitic stainless steels. 
 
Table III.20: Stress-strain values of the hot rolled and annealed for 5 minutes and cold rolled reduced 
Ni austenitic stainless steels. 
 tannealing = 5min Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Steel 1 1150 1365 4.67 6367 
Reduced Ni 
Steel 2 1049 1317 7.67 9626 
316L IND lab. HRA 908 1219 7.67 9340 
316L 
316L LAB 861 1237 8.67 10719 
 
The mechanical properties for the cold rolled and annealed for 15min at 1050°C reduced Ni 
austenitic stainless steels are given in Figure III.41 and Table III.21. 
Steel 1 and 316L IND industrially processed show the highest ultimate tensile stress. The high 
Rm-value for Steel 1 is due to the α’-martensitic transformation that takes place during tensile 
testing, while the high Rm-value for 316L IND industrially processed is the homogeneity of the 
material. 316L IND laboratory processed has the lowest ultimate tensile stress, while Steel 2 
and 316L LAB, which has a similar chemical composition as 316L IND, have slightly higher 
Rm-values than 316L IND laboratory processed. 
The elongation A50 behaves in a different manner than the ultimate tensile stress. Steel 2 
reaches the highest elongation, i.e. 65%. Steel 1, 316L IND laboratory processed and 316L 
LAB, which has a similar chemical composition as 316L IND, have a similar elongation in the 
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range of 55-58%. 316L IND industrially processed shows the lowest elongation A50, which is 
less than 50%. 
The ARm ⋅ -value is mainly influenced by the elongation behaviour. Consequently, the ARm ⋅ -
value is larger for Steel 2, reaching a value higher than 37000MPa. Steel 1 has also a high 
ARm ⋅ -value, due to the high ultimate tensile stress, which is a consequence of the α’-
martensitic transformation, and the quite high elongation.  
316L IND laboratory processed and 316L LAB have similar ultimate tensile stress and 
elongation, which are lower than the ultimate tensile stress and elongation for Steel 1. This 
decrease in Rm-value and A50 results in a decrease in the ARm ⋅ -value, which has a value 
around 33000MPa.  
316L IND industrially processed has the lowest ARm ⋅ -value due to its lowest elongation, 
though it reaches the highest Rm-value. 
The yield stress is larger for 316L IND industrially processed, which is the more homogeneous 
material. A large difference in the yield stress is already observed when the 316L IND is 
laboratory processed. This difference of 70MPa in yield stress can just be attributed to the 
laboratory processing. Steel 2 and 316L LAB have the same yield stress, which is lower than 
the yield stress of 316L IND in both processing conditions. Steel 1 shows the lowest yield 
stress. 
The effect of the annealing process on the mechanical properties can be determined by 
comparing Table III.19 and Table III.21. There is a large increase on the mechanical properties 
after annealing the cold rolled state. The main reason of this increase is the huge increase (85-
90%) in the elongation, though the ultimate tensile stress decreases to half of its value. 
The influence of the cold rolled and annealed process can be determined by comparing Table 
III.14 and Table III.21. The cold rolling and annealing for 15min at 1050°C results in a slight 
increase of the ARm ⋅ -value of Steel 1, 316L IND laboratory processed and 316L LAB. Steel 
2 has almost no modification of the ARm ⋅ -value after cold rolling and annealing, whereas 
316L IND industrially processed has a slight decrease of the ARm ⋅ -value. The reason of the 
increase of the ARm ⋅ -value is a consequence of a slight increase of the Rm-value (316L IND 
laboratory processed), a slight increase of the A50 (316L LAB) or a slight increase in Rm and 
A50 (Steel 1). For Steel 2, the decrease in ultimate tensile stress is compensated by the increase 
in elongation and for 316L IND industrially processed, the decrease in ARm ⋅ -value is due to 
the decrease in elongation, though there is an increase in the Rm-value. 
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Figure III.41: Stress-strain curves of the cold rolled and annealed for 15 minutes reduced Ni austenitic 
stainless steels. 
Table III.21: Stress-strain values of the cold rolled and annealed for 15 minutes reduced Ni austenitic 
stainless steels. 
 tannealing = 15min Re (MPa) Rm (MPa) A(%) RmxA(MPa) 
Steel 1 229 637 58.00 36861 
Reduced Ni 
Steel 2 248 583 64.58 37636 
316L IND 322 638 49.00 31243 
316L IND lab. HRA 254 579 57.00 33257 316L 
316L LAB 248 594 55.00 32848 
 
III.3.18 Mechanical properties of the cold rolled and annealed for 5min at 1050°C 
reduced Ni austenitic stainless steels 
The mechanical properties after annealing 5min at 1050°C of the cold rolled reduced austenitic 
stainless steel are illustrated in Figure III.42 and listed in Table III.22. 
The ultimate tensile stress is higher for Steel 1, which has the α’-martensitic transformation 
during tensile testing. 316L IND has also a high Rm-value but the reason of it is the 
homogeneity of the material, due to no α’-martensitic transformation is observed. Steel 2 and 
316L LAB, which has a similar chemical composition as 316L IND, have the same ultimate 
tensile stress, which is lower than the Rm-value of 316L IND industrially processed. The lowest 
ultimate tensile stress is obtained for 316L IND laboratory processed. 
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The elongation values are between 50% and 55%. The highest elongation is obtained for Steel 
2. Steel 1 and 316L IND laboratory processed have the same elongation of 53%. A slightly 
lower elongation value is obtained for 316L LAB, which has a similar chemical composition as 
316L IND. The lowest A50-value is obtained for 316L IND industrially processed. 
The combination of highest ultimate tensile stress and quite high elongation results in the 
highest ARm ⋅ -value for Steel 1. A slight decrease in the ARm ⋅ -value, which is related to a 
decrease in the Rm-value, is observed for Steel 2. 316L IND industrially processed has the 
lowest ARm ⋅ -value, due to its lowest elongation. 316L IND laboratory processed and 316L 
LAB have slightly higher ARm ⋅ -values than 316L IND industrially processed.  
The highest yield stress is obtained for 316L IND industrially processed. 316L IND laboratory 
processed and 316L LAB have similar yield stress, which is lower than the yield stress of 316L 
IND industrially processed. Steel 1 and Steel 2 show the lowest yield stress. 
The annealing time has an influence on the mechanical properties. A shorter annealing time 
results in higher ultimate tensile stress for all reduced Ni austenitic stainless steels and a smaller 
elongation. The influence of the lower A50 for shorter annealing times results in lower ARm ⋅ -
values after annealing for 5min at 1050°C than after annealing for 15min at the same 
temperature. The yield stress increases for shorter annealing times for almost all steels, except 
for Steel 2. 
The influence of the cold rolling and annealing process on the mechanical properties can be 
determined by comparing Table III.15 and Table III.22. The cold rolling and annealing process 
results in an increase of the ultimate tensile stress for all reduced Ni austenitic stainless steels 
and a decrease in the elongation for Steel 1, Steel 2 and 316L IND industrially processed. The 
elongation of 316L IND laboratory processed and 316L LAB are almost not influenced from 
the cold rolling and annealing process. The tendency observed for the A50-value is not 
compensated with the increase observed for the Rm-value, resulting in a decrease of the 
ARm ⋅ -value for Steel 2 and 316L IND industrially processed, an increase of the ARm ⋅ -value 
for 316L IND laboratory processed and 316L LAB and no modification of the ARm ⋅ -value 
for Steel 1. 
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Figure III.42: Stress-strain curves of the cold rolled and annealed for 5 minutes reduced Ni austenitic 
stainless steels. 
 
Table III.22: Stress-strain values of the cold rolled and annealed for 5 minutes reduced Ni austenitic 
stainless steels. 
 
 tannealing = 5min Re (MPa) Rm (MPa) A(%) RmxA(MPa) 
Steel 1 242 649 53 34331 
Reduced Ni 
Steel 2 229 617 54 33521 
316L IND 322 638 49 31243 
316L IND lab. HRA 266 600 53 32056 316L 
316L LAB 268 617 52 31856 
 
III.3.19 Impact testing of reduced Ni austenitic stainless steels 
The results obtained for the Charpy tests of the reduced Ni austenitic stainless steels are given 
in Figure III.43. No clear ductile-to-brittle transition temperature is observed for the reduced 
Ni austenitic stainless steels. 316L LAB shows an increase in the impact energy between -
196°C and -100°C. In dependency of the criterium used for the determination of the transition 
temperature ductile-fragile, a temperature between -196°C and -100°C would be defined as the 
transition temperature. 
  Chapter III 
  121 


























A reduction of the Ni content and a reduction of the Cr content compared to the 316L results 
in instable austenite at room temperature, which transforms to α’-martensite during tensile 
testing. An increase of Mo is necessary in order to maintain the corrosion resistance of the 
reduced Ni alloys in comparison to the 316L alloys. 
Due to the instability of the austenite of the reduced Ni austenitic stainless steels, a α’-
martensitic transformation is observed during tensile testing as well as during cold rolling. The 
α’-martensitic transformation results in higher strength values, i.e. higher resistance. This 
phase transformation also results in higher elongation values. Therefore, higher mechanical 
properties are obtained by lowering the Cr and Ni contents in comparison to the 316L, i.e. 
higher ARm ⋅ -values are obtained.  
Figure III.44 illustrates the evolution of the ARm ⋅ -values during processing for the reduced 
Ni austenitic stainless steels. All the reduced Ni austenitic stainless steels showed a higher 
ARm ⋅ -value than the Transformation Induced Plasticity (TRIP) steels, the Dual Phase (DP) 
steels and the Interstitial Free (IF) steels. The ARm ⋅ -values for the austenitic stainless steels 
were within 25000 and 38000MPa. 
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The reduced Ni steels in comparison to the 316L, Steel 1 and Steel 2, show higher ARm ⋅ -
values for all processing conditions. 
The annealing process after hot rolling increases the ARm ⋅ -value of the 316L alloys, mainly 
due to a large increase of the total elongation A50 and a small decrease of the ultimate tensile 
stress Rm. The cold rolling and annealing process does not modify the ARm ⋅ -values of the 
316L alloys. For the 316L LAB, there is no influence of the cold rolling and annealing in the 
Rm-value as well as in the A-value, which is in contrast with the 316L IND, where the cold 
rolling and annealing process results in lower elongations and higher Rm-values. 
Steel 1 shows no influence of the processing on the mechanical properties. The ultimate tensile 
strength, the total elongation and consequently, the ARm ⋅ -value, remain almost constant after 
hot rolling, annealing after hot rolling and annealing after cold rolling. 
A larger ARm ⋅ -value evolution is observed for Steel 2. The annealing after hot rolling results 
in a huge increase in the ARm ⋅ -value, due to a large increase in the total elongation in 
combination with a relatively smaller decrease in the ultimate tensile strength. The cold rolling 
and annealing does not modify the ARm ⋅ -value, i.e., the decrease observed in the ultimate 
tensile strength is compensated by the increase obtained in the elongation. 
A large influence of the grain size on the mechanical properties has been observed. Higher 
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Figure III.44: ARm ⋅ -values evolution of the reduced Ni austenitic stainless steels (a) in comparison 
with other steel families and (b) enlargement of the area of interest. 
 
.




1 N. Cabañas, N. Akdut, B. Hallemans, B. C. De Cooman; “Hot rolling of austenitic stainless steels” III 
Seminario de Tecnología Metalúrgica – Aceros Inoxidables, March, Barcelona, 2001, pp. 1-11 
2 P. Marshall; Austenitic Stainless Steels, Microstructure and Mechanical Properties, Elsevier Applied 
Science Publishers, 1984, pp. 423. 
3 K. Blanquaert; Ontwikkeling van roestvast staal type AISI 316L, met aangepast product RmxA, final 
project, Ghent University, 1997. 
4 N. Cabanas; Development of an austenitic stainless steel type AISI 316L with a product RmxA higher 
than 32000 MPa, final project, Ghent University, 1998. 
5 W. T. DeLong; Met. Progress, vol. 106, mid-June 1974, p.226 
6 Fundation for Computational Thermodynamics (1998); “Thermo-calc version M on AIX / UNIX 
KTH (1993, 1998)”, Stockholm 
7 OCAS Report - Fazenkarakterisatie in austenitisch roestvast staal; WA6393_001, 1999 
8 Metals handbook, 9th edition, Vol. 9, Metallography and Microstructures; p. 283 
  127   
IV CHAPTER IV MICROSTRUCTURE AND TRANSFORMATION 
IN FE-MN SYSTEM 
CHAPTER IV 
 
Microstructure and Transformations in the Fe-Mn System 
 
IV.1 Introduction 
Fe-Mn binary alloys present different phases at room temperature in function of the Mn 
content present in the steel. At high temperature, those phases transform to single phase, 
austenite (γ). Fe-Mn alloys can exhibit the following six transformations depending on the Mn 
content: 
1. γ→α      4. ε→α’, strain induced 
2. γ→α’-martensite     5. γ→α’, stress or strain induced 
3. γ→ε       6. γ→γ (anti-ferromagnetic) 
During the cooling of Fe-Mn alloys with a Mn content less than 5%Mn, the transformation 
observed is from an austenite (γ) structure to a ferrite (α) structure. Fe-Mn binary alloys with 
higher Mn content exhibit a martensitic transformation, which can be from face centered cubic 
(fcc) austenite to body centered cubic (bcc) α’-martensite or from fcc austenite to hexagonal 
closed packed (hcp) ε-martensite during cooling of the alloys from the γ phase. 
Alloys with the hcp (martensite) ↔ fcc (austenite) transformation have been reported to 
exhibit microstructure memory during thermal cycling at relatively low temperatures through 
the ε-martensite (hcp) ↔ γ (fcc) transformation1,2,3,4,5. Development of wide stacking faults in 




 Shockley partial dislocations that shear on every other {111} plane of the γ-
matrix. During heating of the alloy, the stacking fault energy increases and the partials glide 
back to their original position. The reverse transformation from γ → ε-martensite is again 
accomplished by the forward glide of the Shockley partial dislocations shearing the γ-matrix6. 
This ε-martensite ↔ γ transformation is therefore thermally activated and occurs due to the 
motion of the partial dislocations present in the transformation interface. The generation and 
movement of the partial dislocations can easily occur in the matrix with lower stacking fault 
energy (SFE)7. 
The α’-martensite can be contained in sheets of faulted hexagonal ε-martensite8. The α’-
martensite laths forms within the ε-bands and are limited by the width of the bands. The α’-
martensite does not show any evidence of internal twinning and contained very few 
dislocations. 
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The {111}γ plane, which is approximately parallel to (0001)ε and (101)α, is the plane faulted to 
produce the ε-band. When more than one α’-martensite lath is observed in a single ε-band, 
their orientations are either the same or represent two of the six Kurdjumov-Sachs variants 
associated with the (111)γ plane of the band. 
The association between the α’-martensite and hexagonal ε may have an effect on the position 
of the martensite habit plane. The association between α’-martensite and ε-martensite also 
determines the shape of the martensite grains. 
The direct fcc→ bcc transformation is initiated by the moving, along {111}γ planes, of 




The critical temperature below which a phase transformation can occur is determined by the T0 
temperature. εγ /0T  is defined as the temperature at which the free energy of ε-martensite equals 
the free energy of γ with the same chemical composition. Experimentally, the reverse ε-
martensite→γ transformation takes place at a temperature As, which is higher than εγ /0T  and 
the forward transformation γ → ε-martensite takes place at a temperature Ms, which is lower 
than εγ /0T . 
A αγ /0T  temperature can also be defined for the α↔γ transformation or for the α’-
martensite↔γ transformation. In those cases, the αγ /0T  temperature is defined as the 
temperature at which the free energy of the bcc phase equals the free energy of the fcc phase. 
Experimentally, the bcc→fcc transformation also takes place at a temperature As, which is 
higher than αγ /0T  and the reverse transformation fcc→ bcc also takes place at a temperature 
Ms, which is lower than αγ /0T . 
The variations in the transformation temperatures are function of the different alloying 
elements. In the Fe-Mn system, the transition changes from fcc→bcc at lower Mn-content to 
fcc→hcp at higher Mn-content (>10%). In addition, magnetic effects come into play. The anti-
ferromagnetic ε-martensite has a higher density than the paramagnetic γ, which in turn has a 
higher density than the ferromagnetic α. 
The physical properties of γ-Fe are influenced by the presence of moment-volume instabilities. 
At a critical volume, the magnetic state becomes unstable and the magnetic moment changes 
abruptly. Therefore, the ε-phase is not a metastable state that appears in the process of the γ-α 
transformation; on the contrary, it is in itself a stable state. 
The transformation of the fcc lattice to the denser packed hcp structure causes the atomic 
volume to decrease. Some of the Fe alloys order anti-ferromagnetic because of the expansion 
caused by the alloying elements, e.g. Mn. 
The magnetic transformations are also dependent on the Mn content present in the alloy. At 
low Mn content, the TCurie is defined as the temperature where the magnetic transition from 
ferromagnetic to paramagnetic is observed. At high Mn content, the TNéel is defined as the 
temperature where the paramagnetic to anti-ferromagnetic transition is observed. 
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Anti-ferromagnetism is a typical characteristic of Fe-Mn alloys. In a ferromagnet, the spins 
align parallel, whereas in an anti-ferromagnet the spins are compensated within the 
crystallographic unit cell so that the net magnetization is zero. The ordering of the spins can 
take up very different configurations. In the collinear spin structure, neighboring spins align 
antiparallel in a certain crystallographic direction. In non-collinear structures, a canting of the 
spins can occur. They can also be positioned in a helical formation, in which the spin directions 
change from atom to atom with an increment in the angle between the neighboring spins. There 
is a mutual dependence between the anti-ferromagnetic spin alignment and the crystal 
structure. The crystal structure determines which collinear antiparallel spin structure is 
possible. The spin structure, in turn, influences the crystal symmetry. In the fcc structure 4 of 
the 12 nearest neighbor atoms are again nearest neighbors among themselves, so that an 
arbitrary atom cannot be surrounded entirely by atoms of opposite spin. Other than antiparallel 
alignment, parallel alignment between spins of nearest neighboring sites also occurs. As a result 
of the “spin frustration”, symmetry lowering distortions occur that lead to the breaking of 
cubic symmetry. The spacing between neighboring atoms having the same spin direction 
increases with respect to the spacing between atoms having antiparallel spin alignment. The 
crystal, therefore, becomes tetragonally distorted with a ratio c/a<1. The increased spacing 
between the atoms with the same spin direction weakens their coupling and, thereby, makes 
the occurrence of an anti-ferromagnetic spin structure energetically more favorable. Such is the 
case of the γ-Mn, in which a very distinct fcc-fct phase transition occurs9. 
The paramagnetic→antiferromagnetic transition in the fcc structure might be responsible for 
the relative stabilization of the austenite phase at large Mn contents4.  
The SFE can be directly related to the difference in Gibbs free energy between the hcp and fcc 










where S is the entropy; d, the distance between {111}γ planes.  
The existence of an fcc→hcp transformation is not a necessary condition for a strong variation 
of SFE with temperature. 
The twinning stress increases with temperature. The twinning stress (σT) is a function of SFE: 
σT = f(µ.SFE), where µ is the shear modulus. 
Nucleation both of twins and hexagonal platelets is promoted by low values of SFE, since it is 
achieved by propagation of intrinsic stacking fault every {111}γ plane in the case of twins and 
every other {111}γ plane in the case of hcp platelets 
7,10. 
 
IV.2 Experimental procedure 
Five Fe-Mn binary alloys were prepared for the present study. The alloys were cast in a 
laboratory vacuum induction furnace. Their chemical composition is in Table IV.1. The main 
difference corresponds to the Mn content present in the steels, while the other alloying 
elements such as C, Cr... were kept at the lowest possible content. In addition the binary Fe-
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30%Mn had 3%Si and 3.3%Al added. Si was added to avoid carbide precipitation and to 
decrease the oxidation. Al increases the stacking fault energy and therefore suppresses the γ→ε 
phase transformation and promotes the twinning as a deformation mechanism resulting in the 
so-called TWIP (Twinning Induced Plasticity) steels, which exhibit high flow stress and 
extremely large elongations11,12. 
 
Table IV.1: Chemical composition in weight percent of the Fe-Mn binary steels. 
 C Mn Cr Ni Mo Si Al 
1%Mn (VA799) 0.0028 1.1 0.037 0.022 - 0.005 0.06 
5%Mn (VA800) 0.0015 5.6 0.031 0.022 - 0.007 0.05 
10%Mn (VA801) 0.0016 9.7 0.043 0.021 0.023 0.01 0.06 
15%Mn (VA802) 0.0016 14.2 0.07 0.022 0.083 0.013 0.07 
20%Mn (VA803) 0.0017 21.1 0.097 0.021 0.16 0.018 0.15 
30%Mn (VA724) 0.0049 29.4 - - - 3 3.30 
 
Figure IV.1 presents the Fe-Mn binary diagram where the phase transformations and magnetic 
properties of the binary alloys are indicated. At room temperature, different phases are 
observed in function of the Mn content, while at high temperature, only the austenite phase is 
present. 
 












































Figure IV.1: Fe-Mn binary system – main structural phase transformations and magnetic properties. 
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The influence of Mn content on the stability of the austenite phase is presented in Figure IV.2. 
An increase in the Mn content enlarges the region where the austenite is stable to lower 
temperatures. At high temperatures, the expansion of the austenite stability range by the Mn 
additions is limited. 
 































Figure IV.2: Phase fraction evolution (in weight fraction) as a function of temperature for the 
investigated Fe-Mn binary steels. 
 
The large equilibrium region for the austenite phase allows for the processing of the Fe-Mn 
binary alloys of a single phase austenitic microstructure in the temperature range of 900°C-
1250°C. At room temperature, the austenite structure transforms into more stable 
microstructures which are strongly dependent on the Mn content of the binary alloy. 
The binary alloys were processed using the route presented in Figure IV.3. This thermo-
mechanical processing is similar to the one used for the stainless steels. The processing consists 
of four steps: hot rolling, annealing after hot rolling, cold rolling and annealing after cold 
rolling. 
A hot rolling with a total reduction of 80% was carried out after reheating the ingot-cast 
blocks of 245x115x25mm at 1250°C for 1h. After air cooling, an annealing at 1100°C for 
15min and for 20min was applied. This was followed by water quenching. A 50% cold rolled 
reduction was applied to the hot rolled and annealed material. Finally, the 50% cold rolled 
binary alloys were annealed at 1100°C for 15min. 
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Figure IV.3: Schema of the rolling process followed by the Fe-Mn binary steels. 
 
The characterisation of the material was performed by means of microstructural phase 
characterisation and X-Ray diffraction and by the determination of the mechanical properties 
for every step of the processing route.  
For the determination of the phase transformation temperatures, dilatometer experiments were 
carried out on the hot rolled material. The specimens were first homogenised at 1250oC and 
subsequently cooled to room temperature. The transformation behavior was studied in an 
automated dilatometer. A constant heating rate of 1oC/s was used for all the thermal cycles. 
Transformation temperatures were also determined by means of internal friction for Fe-
15%Mn and Fe-20%Mn. Specimens for internal friction study were prepared from the hot 
rolled sheets. Samples (1mm x 3mm x 62.5mm) were cut parallel to the rolling direction. The 
sheets were first annealed at a temperature of 1100oC for 15 minutes and then water quenched 
to room temperature. The internal friction was measured both (i) as a function of the 
temperature at constant strain amplitude (10-7) and (ii) as a function of the strain amplitude (10-8
to 10-4) at room temperature using an automated ultrasonic piezoelectric resonant composite 
oscillator operated at a constant vibration frequency of 40kHz13. These experiments are 
referred to as Amplitude Dependent IF (ADIF) experiments. The heating of the specimen was 
done by infrared heaters at a heating rate of 100oC/min. The computer-controlled interface 
enabled the simultaneous measurement of the internal friction (Q-1) and the resonant frequency 
changes simultaneously during the heating and cooling of the specimens. The elastic modulus E 
was computed using the measured values of the resonant frequency changes with temperature 
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where, ρ is the density of the material, l is the sample length, ω = 2πf (f, the vibration 
frequency) and A is the Rayleigh correction factor14. For the geometry of the specimens used in 
the present study A was 0.9987. 
Impact tests were also performed to the Fe-Mn alloys in order to determine the influence of the 
Mn content on the transition temperature as well as on the energy absorption. 
 
IV.3 Results and discussion 
IV.3.1 Microstructures of the hot rolled Fe-Mn alloys 
The microstructures obtained after hot rolling the Fe-Mn binary alloys are presented in Figure 
IV.4. 
For the lowest Mn content, i.e., for the Fe-1%Mn binary alloy, the phase observed at room 
temperature is ferrite (α). Its grain size is not homogeneous. Increasing the Mn content to 
5%Mn, the phase observed at room temperature is α’-martensite (α’). This phase is present up 
to 10%Mn. At 15%Mn contents, the coexistence of two phases: α’-martensite and ε-
martensite is observed. The proportion of the α’ and ε phase depends on the Mn content 
present in the steel. 
At higher Mn contents, i.e. at about 20%Mn, a combination of ε-martensite and austenite (γ) is 
observed. The proportion of these phases in the binary alloy depends on the alloy chemical 
composition.  
Around 30%Mn content, the Fe-Mn binary alloys do not transform on cooling to room 













Microstructure and Transformations in the Fe-Mn System 
134 
1%Mn - b.c.c. α-ferrite 5%Mn (800) - α-ferrite massive 
  
10%Mn - α’-martensite 15%Mn - α’ + ε 
  
20%Mn - ε + γ 30%Mn - f.c.c. γ-austenite 
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IV.3.2 XRD-analysis of the hot rolled Fe-Mn alloys 
The determination of the phases present at room temperature and their quantification was done 
by means of X-Ray diffraction. Figure IV.5 presents the X-Ray diffractograms obtained for the 
hot rolled Fe-Mn binary alloys. Different phases were identified within the range of the Mn 
content present in the alloys, as expected from the observations made by optical micrography. 
Table IV.2 gives the phase quantification of the hot rolled Fe-Mn binary alloys. For the binary 
alloys Fe-1%Mn, Fe-5%Mn and Fe-10%Mn, a bcc structure, either ferritic or martensitic, was 
observed. For the Fe-15%Mn, three phases were determined by analysis of the X-Ray 
diffraction data: the alloy contained 63% bcc phase, 4% fcc phase (γ) and 33% hcp phase (ε). 
Note that it is very likely that the bcc phase contained exclusively α’-martensite. For the Fe-
20%Mn binary alloy, 13% austenite and 87% ε-martensite were obtaianed. At higher amounts 
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Figure IV.5: X-Ray diffractogram for the hot rolled Fe-Mn binary steels (a) 2θ angle range 18°-23°, 
(b) 2θ angle range 26°-42°. 
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Table IV.2:  Phase composition of the hot rolled Fe-Mn binary steels. 
 α (α’) γ ε 
Fe-1%Mn HR 100 - - 
Fe-5%Mn HR 100 - - 
Fe-10%Mn HR 100 - - 
Fe-15%Mn HR 63 4 33 
Fe-20%Mn HR - 13 87 
Fe-30%Mn HR 3 97 - 
 
The lattice parameters of the bcc α (α’), fcc γ and hcp ε phases are dependent on the Mn 
content of the alloy. Figure IV.6 shows the relation between the lattice parameters of the 
phases observed in function of the %Mn content. 
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Table IV.3:  Lattice parameters in nm for the phases observed in the hot rolled Fe-Mn binary alloys. 
 aα aγ aε cε 
Fe-1%Mn HR 0.287 - - - 
Fe-5%Mn HR 0.288 - - - 
Fe-10%Mn HR 0.289 - - - 
Fe-15%Mn HR 0.291 0.361 0.256 0.404 
Fe-20%Mn HR  0.359 0.257 0.404 
Fe-30%Mn HR 0.288 0.363 - - 
 
IV.3.3 Mechanical properties of the hot rolled Fe-Mn alloys 
Mn is a substitutional solute. Mn acts as an immobile obstacle, which interacts with moving 
dislocations. Therefore, an increase in Mn content results in an increase in yield and tensile 
stress. This is due to the continue interaction between dislocations that glide and the solutes 
present in the glide plane. The inhibition of dislocation movement by the lattice distortion 
associated with solute atoms results in a hardening of the alloy. 
The work hardening, which is the increase of the difficulty of dislocation movement as the 
dislocation density increases with deformation, increases with the amount of plastic strain. 
Therefore, higher stresses have to be applied to deform the alloy. Ferritic steels have a 
moderate work hardening, whereas the austenitic steels strain rapidly harden.  
The presence of different phases at room temperature for different Mn contents of the alloys 
has a pronounced influence on the mechanical properties of the binary alloys. At low Mn 
contents, where only the α ferrite phase is present, the material has a low strength and a high 
ductility, which is characteristic for ferritic alloys. The strength and ductility are modified when 
the Mn content is increased to 10%, where the only phase is α’-martensite, which is 
characterised by a high strength and a very low ductility. The combination of three phases (α’, 
ε and γ), for Fe-15%Mn, results in a high strength and a relatively high elongation. For Mn 
contents higher than 15%Mn, the ε-martensite replaces the α’-martensite until it is completely 
replaced and the only phases present are ε-martensite and austenite (γ). The Fe-20%Mn alloy 
has a slight increase of the strength but a decrease in ductility. This increase in strengthening is 
very likerly due to the duplex structure of this alloy15. The elongation is larger, whereas the 
strength is slightly lower, with increasing the Mn content, which gives more stability to the 
austenite phase. The α’-martensitic transformation that occurs during tensile testing the Fe-
15%Mn and Fe-20%Mn alloys results in higher elongations that the elongation observed for 
α’-martensite alloys. This phenomenon is named TRIP (TRansformation Inducing Plasticity). 
Fe-30%Mn binary alloy has lower strengths that the two phase structure ε-γ because of the 
only presence of austenite phase, which has the low strength levels. The fact that strength does 
not vary with the Mn content at high Mn contents indicates that the Mn does not contribute 
very much to the overall strength15. The Fe-30%Mn alloy reaches higher elongations due to the 
TWIP (TWinning Inducing Plasticity) effect.  
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Figure IV.7: Stress-strain curves of the hot rolled Fe-Mn binary steels. 
Table IV.4: Stress-strain values for the hot rolled Fe-Mn binary steels. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Fe-1%Mn 227 329 45.4 14933 
Fe-5%Mn 527 646 12.7 8172 
Fe-10%Mn 647 834 1.9 1585 
Fe-15%Mn 154 801 23 18407 
Fe-20%Mn 524 847 13.4 11358 
Fe-30%Mn 546 788 36.7 28920 
 
Fe-5%Mn and Fe-10%Mn binary alloys present high yield strength values due to the 
dislocation substructure formed by the martensitic transformation. Solid-solution strengthening 
by Mn contributed only about 30% to the overall strength within these alloys and did not vary 
significantly with different manganese concentrations15.  
 
IV.3.4 Effect of Mn content on the mechanical properties after hot rolling 
The influence of the Mn content on the mechanical properties is presented in Figure IV.8. 
Figure IV.8a shows the effect of the Mn content on the ductility of the Fe-Mn binary alloys. 
Below 10%Mn, there is a decrease of the elongation with increasing the Mn content. Fe-
1%Mn, which has a ferritic microstructure, has an elongation of 45%. The elongation is very 
small, around 2%, at 10%Mn. This is due to the α’-martensite structure. For Mn contents 
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higher that 10%Mn, the ε-martensite appears. This ε phase gives a higher elongation than the 
α’-martensite. When the amount of ε-martensite increases, which occurs when the Mn content 
increases, the ductility decreases. At Mn contents higher than 20%Mn, the fraction of ε 
content present in the steel decreases, resulting in more metastable austenite, which in turn 
results in a higher ductility, in the range of 35-40%. 
The ultimate tensile strength Rm is also a function of the Mn content. At low Mn content, Rm 
increases with increasing Mn content, up to a maximum value around 10%Mn, where the 
microstructure is fully α’-martensite, which is the consequence of the high strengthening 
values, more than the solid solution strengthening effect of the Mn. When the Mn content is 
higher than 10%Mn, the strength decrease slightly at increasing Mn contents. This is very 
likely due to the mechanical transformation of ε-martensite to α’-martensite during 
deformation and the two phase structure, consisting of ε-martensite and γ, present in 
intermediate Mn ranges. Beyond 20%Mn, the austenite phase is the dominant phase. At high 
Mn contents, the main mechanism is twinning-induced plasticity.  
The effect of Mn on the product RmxA mainly follows the same tendency as the one observed 
for the evolution of the ductility in function of the Mn content. For the Fe-1%Mn alloy, which 
shows a ferritic structure, the RmxA-value, is 15000MPa, due to the high elongations observed 
(45%) though it presents very low strength values (330MPa). At increasing Mn content, there 
is a decrease in RmxA-values, due to a decrease of the elongation, a consequence of the α’-
martensitic phase present in the steel. The highest amount of α’-martensite occurs at about 
10%Mn, which is the alloy that consists predominantly of α’-martensite. At Mn contents 
higher than 10%Mn, the ε-martensite appears and an increase of the elongation in combination 
with high strength results in a high RmxA-value. The RmxA-value rises with increasing Mn 
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Figure IV.8: Effect of the Mn content on total elongation A50, the ultimate tensile stress and the RmxA-
product of the hot rolled steel. 
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IV.3.5 Microstructures of the hot rolled and annealed alloys 
Figure IV.9 presents the microstructures of the hot rolled and annealed Fe-Mn binary alloys. 
The annealing was carried out at 1100°C for 20min. 
 
1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
20%Mn - ε + γ 30%Mn - fcc γ-austenite 
  
Figure IV.9: LOM micrograph of the microstructures after hot rolling and annealing of the Fe-Mn 
binary steels (→RD, longitudinal section). 
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The Fe-1%Mn alloy shows a ferrite phase with an inhomogeneous grain size with grains 
ranging from 10µm to 100µm. In general the grain size is larger than the one observed after 
hot rolling. The annealing also influences the inhomogeneity of the grain size. 
The 5%Mn and 10%Mn alloy had an α’-martensite structure. The Fe-5%Mn binary alloy had 
an α’-martensite which had a banded microstructure. 
The Fe-15%Mn alloy contained a combination of three phases: α’-martensite, ε-martensite and 
austenite (γ). The difference between the three phases is unclear in the LOM microstructural 
analysis. When the Mn content increases, this microstructure is replaced by one containing ε-
martensite and γ and both can easily be distinguished.  
At Fe-30%Mn content, only the austenite phase is observed. The γ phase has a large grain size 
and it contains many twins. 
 
IV.3.6 XRD analysis after hot rolling and annealing 
The X-Ray diffractogram measurements of the Fe-Mn binary alloys allow the determination 
and quantification of the phases present after the hot rolling and annealing for 15min at 
1100°C. The different Mn contents in the Fe-Mn binary alloys result in different phases at 
room temperature. Figure IV.10 presents the X-Ray diffractograms for the hot rolled and 
annealed Fe-Mn alloys. Fe-1%Mn alloy contains only bcc ferrite. Due to the fact that the 
crystallographic structure of the α’-martensite is bcc, i.e. the same as for ferrite, there are no 
differences in the XRD results of the Fe-1%Mn, Fe-5%Mn and Fe-10%Mn binary alloys, as α 
and α’-martensite give similar diffractograms. 
At 15%Mn three phases are present at room temperature: α’-martensite, ε-martensite and γ. 
The fraction of each phase is indicated in Table IV.5. By comparison of the results from Table 
IV.2 and Table IV.5, it is possible to observe that annealing results in an increase of the γ 
content present in the alloy at the expense of the α’-martensite. For the ε-martensite phase, 
there is almost no change in volume percentage.  
Higher Mn contents further stabilised the austenite phase, which remains after the annealing 
process. 
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Figure IV.10: X-Ray diffractogram for the hot rolled and annealed Fe-Mn binary steels (a) 2θ range of 
18-23° (b) 2θ range of 26-42°. 
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Table IV.5:  Phase composition of the hot rolled and annealed for 15min Fe-Mn binary steels. 
 α (α’) γ ε 
Fe-1%Mn HRA 100 - - 
Fe-5%Mn HRA 100 - - 
Fe-10%Mn HRA 100 - - 
Fe-15%Mn HRA 54 11 35 
Fe-20%Mn HRA - 24 75 
Fe-30%Mn HRA 2 98 - 
 
IV.3.7 Mechanical properties of the hot rolled and annealed alloys 
The Fe-5%Mn and Fe-10%Mn binary alloys have a high yield strength due to the dislocation 
substructure which is formed by martensitic transformation. 
The combination of the α’, ε and γ phase decreases the yield strength drastically in the Fe-
15%Mn alloy. 
Fe-20%Mn contains ε-martensite, which transforms to α’-martensite during straining. This 
transformation to α’-martensite results in a high yield strength. It is expected the ε-
martensite→α’-martensite16. The γ→ε-martensite→α’-martensite transformation is not 
expected to occur. It was not further studied but one can compare the straining behaviour with 
the cold rolling process (IV.3.12). During cold rolling, the ε-martensite phase of the Fe-
20%Mn transforms to α’-martensite, whereas the γ phase remains constant. The TRIP effect is 
easily characterised by a change of the curvature in the stress-strain curve. This change is due 
to the formation of α’-martensite, resulting in a strong increase of the work hardening rate. 
This change in change in curvature is not detected in the stress-strain curves for the Fe-
20%Mn alloy, though the transformation ε-martensite→α’-martensite results in large 
elongations.  
As the strain is applied, a γ→ε-martensite→α’-martensite phase transformation occurs. 
The single phase alloys, consisting of α for Fe-1%Mn or γ for Fe-30%Mn are associated with 
the lowest yield strength values. 
A pronounced influence of the annealing time was observed only for the high Mn 
compositions. The 5%Mn, 20%Mn and 30%Mn alloys properties are not affected much by the 
annealing time. The 1%Mn, 10%Mn and 15%Mn alloys have a higher yield strength for an 
increase of the annealing time. 
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     HRA15                   HRA20
 Fe-1% Mn     Fe-1% Mn
 Fe-5% Mn     Fe-5% Mn
 Fe-10% Mn   Fe-10% Mn
 Fe-15% Mn   Fe-15% Mn
 Fe-20% Mn   Fe-20% Mn










Figure IV.11: Stress-strain curves of the hot rolled and annealed Fe-Mn binary steels. 
 
Table IV.6: Stress-strain values for the hot rolled and annealed at 1100°C Fe-Mn binary alloys. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Fe-1%Mn HRA15’ 193 330 35.9 11860 
Fe-1%Mn HRA20’ 210 338 31.3 10573 
Fe-5%Mn HRA15’ 564 673 8.3 5559 
Fe-5%Mn HRA20’ 559 663 8.3 5476 
Fe-10%Mn HRA15’ 572 782 1.9 1548 
Fe-10%Mn HRA20’ 638 774 2.5 1935 
Fe-15%Mn HRA15’ 155 727 23.8 17288 
Fe-15%Mn HRA20’ 193 740 16 11818 
Fe-20%Mn HRA15’ 250 666 21.5 14306 
Fe-20%Mn HRA20’ 252 666 34 22637 
Fe-30%Mn HRA15’ 219 581 68.3 39659 
Fe-30%Mn HRA20’ 214 580 67.2 38976 
 
IV.3.8 Effect of Mn content on the mechanical properties after hot rolling and annealing 
The mechanical properties of the Fe-Mn alloys were also tested after annealing. The results 
obtained are presented in Figure IV.12 and Table IV.6. 
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As it was already presented for the hot rolled Fe-Mn binary alloys, the Mn strongly influences 
the mechanical properties. Ductility, ultimate tensile stress and yield strength vary in function 
of the Mn content. The influence of the annealing is mainly pronounced at high Mn contents.  
Fe-1%Mn has an elongation between 30% and 35% for both an annealing time of 15min and 
20min. The elongation decreases when the Mn content increases and the α’-martensite is the 
phase that predominates at room temperature. At 10%Mn, the elongation is minimal, 
corresponding to a phase composition of 100% α’-martensite. For Fe-5%Mn and Fe-10%Mn, 
the variation of the annealing time does not influence the elongation. 
Above 10%Mn, the elongation increases with increasing Mn content. Fe-15%Mn still contains 
α’-martensite but in less than in the case of Fe-10%Mn. The elongation increases to values in 
the range of 15% to 25% for both annealing times. The presence of ε-martensite and austenite 
results in an increase of the elongation in Fe-20%Mn. Higher Mn contents result in a large 
increase in ductility, with values up to 70%. 
The annealing time did not have a pronounced influence on the elongation. Fe-15%Mn exhibits 
a small decrease in elongation with longer annealing times though there is a decrease in α’-
martensite content from 54% for a 15min annealing time to 22% for a 20min annealing time. 
Fe-20%Mn has an increase in ductility with increasing the annealing time, though there is no 
variation in ε-martensite content with longer annealing times. These differences may have to be 
attributed to unhomogeneity of the material. 
The effect of the annealing after hot rolling on the elongation also depends on the Mn content, 
which stabilizes some phases rather than others. At Mn content lower than 10%, the annealing 
process decreases the elongation values. For Fe-10%Mn and Fe-15%Mn content, there is 
almost no difference in ductility after the annealing process. For Mn contents higher than 15%, 
the annealing process has a pronounced effect on the elongation. The higher the Mn content, 
the more increase in elongation is observed. This results in a doubling of the elongation for the 
Fe-30%Mn alloy. 
The annealing process results in a decrease of the yield for the Fe-1%Mn, Fe-10%Mn, Fe-
20%Mn and Fe-30%Mn alloys and an increase for the Fe-5%Mn and Fe-15%Mn alloys. 
Figure IV.12a shows the effect of the Mn content on the ultimate tensile stress for the hot 
rolled and annealed Fe-Mn binary alloys. Fe-1%Mn hot rolled and annealed for 15min at 
1100°C has a stable ferritic phase, in the same manner as the hot rolled material. The tensile 
strength value was 330MPa. There is no effect of the annealing time on the properties. 
Increasing the Mn content, the α’-martensite stability increases, which results in an increase of 
the strength. The influence of the annealing time on the strength is limited, as it was observed 
for the Fe-1%Mn content. For Fe-5%Mn, the ultimate tensile strength presents slightly higher 
values for both annealing times than in the hot rolled stage. For the 10%Mn alloy, which 
contains a high amount of α’-martensite, the values for the ultimate tensile strength decrease as 
a result of the annealing. This may indicate that the α’-martensite present in Fe-5%Mn is more 
stable than the α’-martensite present in Fe-10%Mn. 
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The Fe-15%Mn alloy contains a mixture of α’-martensite, ε-martensite and γ phases. Such 
combination results in a lower ultimate tensile strength for the Fe-15%Mn alloy in comparison 
to the Fe-10%Mn alloy in which only α’-martensite is present. As in the previous cases, there 
is only a limited influence of the annealing time on the ultimate tensile strength of the Fe-
15%Mn alloy, though the annealing decreases the strength values observed after hot rolling, 
due to the larger austenite phase fraction.  
At higher Mn content, there is a decrease in the strength. For Fe-20%Mn, the decrease is about 
60MPa. This decrease can be explained by the absence of α’-martensite. The annealing time 
does not affect the strength, indicating that both phases, ε-martensite and γ, are stable. The 
annealing process modifies the phase fractions. The annealing results in an increase of γ by 
10% and this results in a decrease in the strength of 180MPa. 
At 30%Mn, only the γ phase is present, which has a lower ultimate tensile strength. The 
annealing time does not influence the strength, but the annealing process decreases the strength 
obtained after hot rolling by 200MPa. 
Figure IV.12 shows the effect of the Mn content of the RmxA-value. For Mn contents lower 
than 10%Mn, there is a decrease in the RmxA-value with increasing Mn content. The lowest 
value is obtained at 10%Mn. From 10% to 30%Mn, the RmxA-value increases with increasing 
Mn content.  
The influence of the annealing time is also illustrated in Figure IV.11 and Table IV.6. The 
influence of the annealing time is negligible for Fe-1%Mn, Fe-5%Mn, Fe-10%Mn and Fe-
30%Mn alloys. The mechanical properties of the Fe-15%Mn and Fe-20%Mn alloys are 
influenced by the annealing time. The longer annealing time results in shorter elongations for 
Fe-15%Mn, though there is a decrease in the α’-martensite phase content. This behaviour 
cannot be explained at this stage due to a lower α’-martensite phase content indicates a higher 
percentage of the other phases, which would transform to α’-martensite during tensile testing 
giving as a result higher elongations.  
A different behaviour is observed for the Fe-20%Mn alloy, where longer annealing times result 
in larger elongations, though longer annealing times result in the same percentage of ε-
martensite. Larger percentages of ε-martensite would explain the results obtained due to larger 
ε-martensite→α’-martensite phase transformation during tensile testing would be obtained, i.e. 
larger elongations. 
The influence of the annealing process on the RmxA-value is similar to the influence of the 
annealing process on the elongation.  
The annealing has stronger influence on gamma structures. 
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Figure IV.12: Effect of the Mn content on the uniform elongation A50 (a), the tensile strength, Rm (b) 
and the RmxA50-value (c) of the hot rolled and annealed steel. 
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IV.3.9 Microstructures of cold-rolled Fe-Mn alloys 
The microstructures obtained after 50% cold rolling the hot rolled and annealed Fe-Mn binary 
alloys are presented in Figure IV.13. The Fe-30%Mn binary steel was also cold rolled directly 
from the hot rolled stage, without the intermediate annealing at 1100°C given to the other cold 
rolled alloys. 
Fe-1%Mn has a stable α ferrite phase, which does not transform during cold rolling. The 
microstructure observed still has the different grain sizes, which were observed in the material 
after the hot rolling. The grains are slightly elongated in the rolling direction. 
The 5%Mn and 10%Mn alloys have a fully α’-martensitic structure. The α’-martensite is also 
slightly oriented in the rolling direction, but not as clearly as in the case of the 1%Mn alloy.  
The 15%Mn alloy contains three phases: α’-martensite, ε-martensite and γ. The precise 
microstructure cannot be resolved by LOM microscopy as seen in Figure IV.13. 
Fe-20%Mn alloy contains three phases: α’-martensite, ε-martensite and γ. The microstructure 
resolution is also very difficult by LOM microscopy. 
There is a difference between the Fe-30%Mn content 50% cold rolled after annealing and cold 
rolled after hot rolling. In the first case, the grain boundaries can still be observed in the 
microstructure presented in Figure IV.13 and the grains can be determined from the different 
orientations slip lines visible inside the grains. The material cold rolled directly after hot rolling 
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1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
20%Mn - ε + γ 30%Mn - fcc γ-austenite 
  
30%Mn - HR fcc γ-austenite  
 
 
Figure IV.13: LOM micrograph of the microstructures after 50% cold rolling of the Fe-Mn binary 
steels (→RD, longitudinal section). 
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IV.3.10 XRD of the cold rolled Fe-Mn alloys 
The phases present in the Fe-Mn alloys after cold rolling were determined by X-Ray 
diffraction. Figure IV.14 compares the diffractograms obtained for seven Fe-Mn alloys after a 
50% cold rolling reduction. Different phases were identified depending on the Mn content of 
the alloys. The phase fractions are given in Table IV.7. 
The 1%Mn alloy is fully ferritic, as it was before rolling. The 5%Mn and 10%Mn alloys have a 
bcc α’-martensite structure, due to higher Mn content, which results in the formation of α’-
martensite. Increasing the Mn content to 15%Mn results in a microstructure containing α’-
martensite, ε-martensite and γ. The ε-martensite phase is unstable, thus the ε-martensite 
transforms to α’-martensite during cold rolling by strain-induced transformation. The cold 
rolling results in a phase composition of 66% α’, 30% ε and 4% γ. The same γ→α’ hcp-bcc 
transformation is observed for the binary Fe-20%Mn, which after hot rolling and annealing 
contained only the ε and γ phases. After cold rolling the phase composition is 55% α’, 27% ε 
and 18% γ. 
In the Fe-30%Mn alloy, all phase transformations are suppressed during the cold rolling of hot 
rolled and annealed strip. These transformations are also suppressed during the cold rolling of 
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Figure IV.14: X-Ray diffractogram for the cold rolled Fe-Mn binary alloys (a) 2θ angle range of 18°-
23° (b) 2θ angle range of 26°-42°. 
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Table IV.7:  Phase composition of the Fe-Mn binary alloys cold rolled to a reduction of 50%. 
 α (α’) γ ε 
Fe-1%Mn  100 - - 
Fe-5%Mn  100 - - 
Fe-10%Mn  100 - - 
Fe-15%Mn  66 4 30 
Fe-20%Mn  55 18 27 
Fe-30%Mn HRA - 100 - 
Fe-30%Mn HR - 100 - 
 
IV.3.11 Microstructure evolution during cold rolling 
After annealing of hot rolled strip, cold rolling was carried out in steps of 10%, 20%, 30% 
40% and 50% of cold rolling. The microstructure of the material was observed after each cold 
rolling step in order to determine the evolution of the phase content in the material due to 
strain-induced transformation. 
Figure IV.15, Figure IV.16 and Figure IV.17 show the optical micrographs of the 
microstructures for the 10%, 30% and 50% cold rolling reduction of the 1%Mn, 5%Mn, 
10%Mn, 15%Mn, 20%Mn and 30%Mn alloy hot rolled and annealed and the microstructures 
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1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
20%Mn - ε + γ 30%Mn - fcc γ-austenite 
  
30%Mn - HR fcc γ-austenite  
 
 
Figure IV.15: LOM micrograph of the microstructures after 10% cold rolling of the Fe-Mn binary 
alloys (→RD, longitudinal section). 
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1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
20%Mn - ε + γ 30%Mn - fcc γ-austenite 
  
30%Mn - HR fcc γ-austenite  
 
 
Figure IV.16: LOM micrograph of the microstructures after 30% cold rolling of the Fe-Mn binary 
alloys (→RD, longitudinal section). 
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1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
20%Mn - ε + γ 30%Mn - fcc γ-austenite 
  
30%Mn - HR fcc γ-austenite  
 
 
Figure IV.17: LOM micrograph of the microstructures after 50% cold rolling of the Fe-Mn binary 
alloys (→RD, longitudinal section). 
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From the previous figures, it is clear that there is a pronounced elongation in the rolling 
direction of the ferritic grains in the case of the Fe-1%Mn alloy. It is also remarkable that the 
grain size seems to become larger during the cold rolling. An inhomogeneous grain size is 
observed after all the cold rolling steps. After 10% cold rolling reduction, the ferrite grain size 
seems smaller than in the initial hot rolled and annealed stage. 
For the Fe-5%Mn alloy, α’-martensite is observed for all cold rolling reductions. In the 50% 
cold rolled material the α’-martensite is more elongated in the rolling direction. For 10% cold 
rolling reduction, the bands of the α’-martensite are smaller than in the initial, hot rolled and 
annealed, stage. 
α’-martensite is present at all cold rolling reductions for the Fe-10%Mn alloy. A clear 
influence of the cold rolling on the α’-martensitic microstructure, as observed for the Fe-
5%Mn alloy, was not observed. At 50% cold rolling reduction, the α’-martensite is not clearly 
elongated in the rolling direction. Cold rolling reduces the banding of the α’-martensite, mainly 
for the 10% cold rolled material. This can be an indication of a reduction of the grain size. 
For the Fe-15%Mn alloy, the microstructural evolution during cold rolling is as follows. At 
10% cold rolling reduction, it is possible to distinguish some grains in the microstructure and 
very narrow bands of ε-martensite. At 30% cold rolling, the bands of α’-martensite are larger, 
and the ε-martensite forms small regions where the bands are very thin. At 50% cold rolling 
reduction, most of the observed microstructure corresponds to the α’-martensite, whereas the 
typical microstructure of the ε-martensite phase is hardly observed. In addition, the grain 
boundaries are more difficult to identify. 
For the Fe-20%Mn, a microstructural evolution during cold rolling is observed. At 10% cold 
rolling reduction, the narrow bands of ε-martensite are clearly detectable. At 50% cold rolling, 
the bands of ε-martensite become less clear due to the appearance of α’-martensite. 
The evolution of the microstructure for the Fe-30%Mn alloy is possible to see while comparing 
the microstructures at the different cold rolling reductions. At 10% cold rolling, some slip lines 
appear inside some of the grains. The quantity of slip lines increases while increasing the cold 
rolling reduction. The grain size is elongated in the rolling direction as a result of the cold 
rolling. 
The cold rolling of the Fe-30%Mn hot rolled material also influences the microstructure. After 
10% cold rolling reduction, the grain size is similar to the grain size after the hot rolling. The 
grain boundaries become more difficult to identify in LOM as a result of the cold rolling. 
 
IV.3.12 Phase stability during cold rolling 
The evolution of the phase composition during the cold rolling of the Fe-Mn alloys was 
determined by XRD. The two main mechanisms that will influence the diffraction peak 
intensities as a result of the cold rolling are (a) texture formation and (b) strain-induced 
transformation. 
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Figure IV.18 shows the evolution during the cold rolling of the Fe-1%Mn alloy. The α phase is 
stable during the entire cold rolling. Increasing the cold rolling results in a higher intensity for 
the {200}α and {112}α peaks. The intensity of the {110}α diffraction peak decreases with cold 
rolling reduction. The intensity of the {220}α peak slightly varies. 






















Figure IV.18: X-Ray diffractograms for cold rolled hot rolled and annealed Fe-1%Mn binary alloy. 
 
Figure IV.19 illustrates the evolution of the phases for Fe-5%Mn alloy during cold rolling. The 
phase observed is the bcc α’-martensite, the peaks of which are in the same position as the 
corresponding peaks of the α ferrite. 
During cold rolling, the relative intensity of the {200}α and {112}α reflections is increased, as 
was observed for the Fe-1%Mn alloy. The {110}α peak intensity has a lower relative intensity 
when the degree of cold rolling increases and the {220}α peak intensity does not vary with 
rolling reduction. The evolution observed for the Fe-5%Mn alloy is similar to the one observed 
for the Fe-1%Mn alloy. 
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Figure IV.19: X-Ray diffractogram for cold rolled for hot rolled and annealed Fe-5%Mn binary alloy. 
 
Figure IV.20 gives the X-Ray diffraction measurements for the Fe-10%Mn during cold rolling. 
The phase observed during the entier cold rolling process is α’-martensite. The observations 
are similar to those for the Fe-1%Mn and Fe-5%Mn alloys. Thus, the {220}α and the {112}α 
peak intensities increase with cold rolling reduction; the {110}α peak intensity decreases and 
the {220}α peak intensity does not vary with rolling reduction. 
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Figure IV.20: X-Ray diffractograms evolution for 10%-50% cold rolled for hot rolled and annealed Fe-
10%Mn binary alloy. 
 
The phase evolution during the cold rolling of the Fe-15%Mn alloy is shown in Figure IV.21. 
The Fe-15%Mn alloy contains α’-martensite and ε-martensite. During cold rolling, the strain-
induced phase transformation of ε-martensite to α’-martensite occurs. 
As a result of the cold rolling, the diffraction peaks of the ε-martensite phase decrease in 
intensity. At 50% cold rolling, the peaks corresponding to the α’-martensite behave as in the 
binary alloys where just the bcc phase α or α’-martensite is present, i.e. Fe-1%Mn, Fe-5%Mn 
and Fe-10%Mn. This indicates that the {200}α and {112}α directions increase their relative 
intensity during cold rolling; the {110}α peak intensity decreases its relative intensity and the 
relative intensity in the {220}α direction slightly varies. 
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Figure IV.21: X-Ray diffractograms evolution for 10%-50% cold rolled hot rolled and annealed Fe-
15%Mn binary alloy. 
 
Figure IV.22 illustrated the phase evolution during the cold rolling of the Fe-20%Mn alloy. 
Changes in the volume fraction of three phases: α’-martensite, ε-martensite and γ are 
observed. During cold rolling, the strain-induced transformation from ε-martensite to α’-
martensite occurs, indicating that the ε-martensite is an unstable phase. The initial phase 
mixture of 75% ε and 24% γ is changed to a phase mixture of 27% ε, 55% α’ and 18% γ after 
50% cold rolling. 
The relative intensity of all the ε-martensite peaks decreases with increasing the cold rolling 
degree. For the austenite phase, the {200}γ orientation decreases with increasing cold rolling 
reduction. The same is observed for the {220}γ; the relative amount of γ is however not 
modified by cold rolling. The {200}α and {112}α peak intensities increase, while the {220}α 
peak intensity remains constant during rolling. Note that {111}γ, {002}ε and {110}α’ peaks 
overlap and that the differentiation between the three phases becomes all but impossible in the 
2θ range of 19°-20°. 
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Figure IV.22: X-Ray diffractogram evolution during cold rolling for hot rolled and annealed Fe-
20%Mn binary alloy. 
Figure IV.23 shows the phase composition evolution during the cold rolling of the Fe-20%Mn 
alloy as obtained from the XRD data. As mentioned, the ε-martensite transforms to α’-


















Figure IV.23: Evolution of the phase transformation during cold rolling of the hot rolled and annealed 
Fe-20%Mn binary steel. 
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As γ stays more or less constant, one must conclude that α’ is only formed from ε. There is no 
evidence for the γ→α’ transformation. 
The results suggest that there is the formation of α’ via the strain induced ε→α’ 
transformation, which is the cause of the rolling problem. There is not much evidence for the 
formation of additional ε via the γ→ε strain induced transformation, except at a strain of 20% 
cold reduction. 
After 50% cold rolling, the content of α’-martensite is large and this provokes that the material 
breaks during cold rolling. At 50% cold rolled reduction, the material fractures in the 
transversal direction into many long parallel segments as shown in Figure IV.24. 
 
 
Figure IV.24: Surface aspect after 50% cold rolling of the Fe-20%Mn binary alloy. The high amount 
of ε phase present in the steel provokes that this one cracks while processing. 
Figure IV.25 illustrates the evolution of the XRD peak intensities for the hot rolled and 
annealed Fe-30%Mn alloy during cold rolling. The γ phase is stable during cold rolling, i.e. no 
strain-induced phase transformation is observed. Increasing the rolling reduction results in 
texturing. The relative intensity of the {220}γ peak increases with increasing cold reduction. 
The {111}γ, {200}γ and {113}γ peak have a lower intensity at higher cold rolling reductions. 
The {222}γ peak intensity is slightly modified as a result of cold rolling. 
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Figure IV.25: X-Ray diffractogram evolution during the cold rolling of hot rolled and annealed Fe-
30%Mn alloy. 
 
The Fe-30%Mn alloy was also cold rolled directly in the hot rolled state. The X-Ray 
diffractograms obtained after different amount of cold rolling are given in Figure IV.26. The γ 
phase is stable during the cold rolling. The influence of the cold rolling reduction on the 
orientations is the same as for the cold rolling for the Fe-30%Mn alloy hot rolled and annealed. 
There is an increase in the relative intensity for the {220}γ peak, a decrease in the relative 
intensity for {111}γ, {200}γ, {113}γ peaks and very little change in the intensity of the {222}γ 
peak. 
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Figure IV.26: X-Ray diffractograms for cold rolled Fe-30%Mn alloy, hot rolled and not annealed. 
 
IV.3.13 Effect of Mn content on the mechanical properties of the cold rolled Fe-Mn alloys 
The Fe-Mn binary steels were tested in the cold rolled state. The mechanical properties are 
very poor, in comparison to the hot rolled and annealed stage. The reason of these low 
mechanical properties is the considerable strain hardening. The strength was very high. The 
high values for Rm are due to the high dislocation density formed during the cold rolling.  
The influence of the Mn content on the elongation (A50), ultimate tensile strength (Rm) and 
RmxA-value is illustrated in Figure IV.27 and the obtained values are given in Table IV.8. 
For Mn contents less than 10%, the elongation obtained is low, around 4%, and no difference 
is observed for the 1%Mn and 5%Mn alloys. Fe-10%Mn has a very low elongation due to the 
presence of α’-martensite. That phase has almost no elongation.  
Fe-15%Mn contains a mixture of α’-martensite, ε-martensite and γ. The combination of these 
phases results in a low elongation, but the elongation is higher than the elongation for Fe-
10%Mn.  
Fe-30%Mn was tested after cold rolling of the as-hot rolled sheet and after cold rolling in the 
hot rolled and annealed state. The annealing of the hot rolled sheet before cold rolling 
influences the elongation increasing it until 10%.  
Figure IV.27b presents the effect of Mn content on the ultimate tensile strength of the cold 
rolled Fe-Mn steels. It is clear that there is an increase of the Rm-value with increasing the Mn 
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content. It should be noted that Fe-20%Mn could not be tested as the 50% cold rolling could 
not be reached. The Fe-1%Mn alloy contains a stable α phase, which gives the lower strength 
values. Increasing the Mn content results in an increase of the α’-martensite content, which 
results in higher Rm-values. At 15%Mn, the transformation of the ε-martensite to α'-martensite 
occurs and this results in higher ultimate tensile strength. 
At 30%Mn, the austenite phase is present which gives very high strength. The annealing after 
hot rolling results in slightly lower strength values after 50% cold rolling. 
The RmxA-value in function of the Mn content is presented in Figure IV.27c. For Mn content 
lower than 10%Mn, the RmxA-value is between 2500-3500MPa. This range in RmxA-value is 
due to the difference in the ultimate tensile strength that corresponds to the two different 
phases observed at those Mn contents, i.e. at Fe-1%Mn, the α phase is present and at Fe-
5%Mn, the α’-martensite is present. 
For Fe-10%Mn, the product RmxA has values lower than 1000MPa, due to the very low 
elongation observed, even though the Rm-value is larger.  
At 30%Mn, the highest values for the RmxA-value are obtained, due to the combination of a 
large elongation and a high ultimate tensile strength is obtained. The annealing before cold 
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Figure IV.27: Effect of the Mn content on the elongation A50 (a), the ultimate tensile stress (b) and the 
RmxA-value (c) of the cold rolled Fe-Mn alloys. 
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Table IV.8 lists the yield stress for the Fe-Mn binary steels. At low Mn contents, i.e. 1%Mn, 
5%Mn and 10%Mn, the α or α’-martensite are present. These bcc phases have a yield stress of 
about 95% of the ultimate tensile strength. 
Fe-15%Mn contains ε in combination with α’ and γ. The combination of several phases results 
in a higher yield stress, which is also close to the ultimate tensile strength. 
The Fe-30%Mn alloy microstructure is the stable γ phase. It has a high yield stress. The 
annealing performed after hot rolling in the Fe-30%Mn results in a decrease of 100MPa of the 
yield stress of the 50% cold rolled steel prior to annealing. 
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Figure IV.28: Stress-strain curves of the 50% cold rolled Fe-Mn binary alloys and cold rolled in the as-
hot rolled state. 
Table IV.8: Stress-strain values for the 50% cold rolled Fe-Mn binary alloys and cold rolled in the as 
hot-rolled state. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Fe-1%Mn 653 672 3.8 2571 
Fe-5%Mn 839 886 3.8 3332 
Fe-10%Mn - 878 0.6 530 
Fe-15%Mn 1014 1137 4.0 4554 
Fe-20%Mn - - - - 
Fe-30%Mn HRA 827 1182 10.1 11899 
Fe-30%Mn HR 930 1362 6.1 8244 
 
The cold rolling of the as-hot rolled strip results in a pronounced increase of the ultimate 
tensile strength and very low values for the elongation. The effect of decreasing the elongation 
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has a larger influence on the RmxA-value than the increase of the ultimate strength. Thus, the 
RmxA-values obtained after cold rolling are much lower than the RmxA-values after the cold 
rolling of hot rolled and annealed strip. 
 
IV.3.14 Microstructures of the cold rolled and annealed Fe-Mn alloys 
The microstructures obtained after 50% cold rolling and annealing for 15min of the Fe-Mn 
binary alloys are illustrated in Figure IV.29. 
The Fe-20%Mn alloy broke during the cold rolling as mentioned earlier. Consequently, the 
annealing process was not applied to that alloy. 
The 30%Mn alloy was annealed after both cold rolled conditions, i.e., after the sequence of hot 
rolling, annealing and cold rolling and after the sequence of hot rolling and cold rolling. 
1%Mn alloy had a stable α phase. The microstructure obtained after cold rolling and annealing 
indicates a huge difference in grain size within the steel. Such difference has been observed 
during all steps of the processing of the Fe-1%Mn. 
The 5%Mn alloy and 10%Mn alloy had a α’-martensitic microstructure. By comparing both 
compositions, the bands of α’-martensite in the Fe-5%Mn alloy are larger than in the Fe-
10%Mn alloy. 
The Fe-15%Mn alloy had a well-defined martensitic structure in comparison to the cold rolled 
state. It is possible to visualize the ε-martensitic microstructure within the α’-martensite. 
The microstructure observed for both studied conditions of the 30%Mn alloy is a stable γ. 
There is no difference in grain size. Thus, the intermediate annealing does not influence the 
grain size obtained after cold rolling and annealing. In comparison to the cold rolled state, the 
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1%Mn - bcc α-ferrite 5%Mn - α’-martensite 
  
10%Mn - α’-martensite 15%Mn - α’ + ε + γ 
  
30%Mn - fcc γ-austenite 30%Mn - HR fcc γ-austenite 
  
Figure IV.29: LOM micrograph of the microstructures of the Fe-Mn binary alloys after 50% cold 
rolling and annealing for 15min at 1100°C (→RD, longitudinal section). 
 
IV.3.15 Phase analysis of the cold rolled and annealed Fe-Mn alloys 
The Mn content present in the Fe-Mn binary steels influences the phases identified after 50% 
cold rolling and annealing for 15min. Figure IV.30 and Table IV.9 give the X-Ray 
diffractogram for the cold rolled and annealed steel with the identified phases. 
Microstructure and Transformations in the Fe-Mn System 
172 
Fe-1%Mn has a stable ferrite phase during all process, which is also shown here. The 
microstructure for Fe-5%Mn and Fe-10%Mn was α’-martensite, which X-Ray peaks diffract 
in the same position as the α. 
For higher Mn content, Fe-15%Mn, a mixture of three phases is still observed. 57% α’-
martensite has been quantified for the Fe-15%Mn, in comparison to a lower ε-martensite 
content of 29%. A larger quantity of γ phase has been determined after applying the annealing 
process and a decrease in the α’-martensite was observed. The same behaviour of increasing 
the γ phase and decreasing the α’-martensite phase was obtained after applying the annealing 
after the hot rolling process. For the ε-martensite, no variation in percentage was observed. 
Fe-30%Mn presents a single γ phase in the two cold rolled and annealed states studied, i.e. 
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Figure IV.30: X-Ray diffractogram for cold rolled and annealed Fe-Mn binary alloys (a) between 18-
23° (b) between 26 and 42°. 
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Table IV.9:  Phase composition of the cold rolled and annealed Fe-Mn binary steels. 
 α (α’) γ ε 
Fe-1%Mn  100 - - 
Fe-5%Mn  100 - - 
Fe-10%Mn  100 - - 
Fe-15%Mn  57 14 29 
Fe-20%Mn  - - - 
Fe-30%Mn HRA CRA - 100 - 
Fe-30%Mn HR CRA - 100 - 
 
IV.3.16 Mechanical properties of the cold rolled and annealed Fe-Mn alloys 
The mechanical properties obtained after cold rolling and annealing for 15min are presented in 
Figure IV.31 and Table IV.10.  
The yield stress observed for the cold rolled and annealed for 15min Fe-Mn steels is listed in 
Table IV.10. The yield stress does not follow the same behaviour of the ultimate tensile 
strength. Fe-5%Mn and Fe-10%Mn exhibit high yield stress due to the dislocation substructure 
formed by the α’-martensite transformation.  
For Fe-1%Mn and Fe-30%Mn, α and γ phase are stable, respectively. This stability results in 
low yield stress values. 
Fe-15%Mn has a low yield stress. The phases present are not stable and they transform while 
tensile testing, giving as a results high ultimate tensile strength. 
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Figure IV.31: Stress-strain curves of the cold rolled and annealed Fe-Mn binary alloys. 
Table IV.10: Mechanical properties for the cold rolled and annealed Fe-Mn binary alloys. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Fe-1%Mn 257 349 20.8 7247 
Fe-5%Mn 627 725 4.6 3365 
Fe-10%Mn 523 796 3.6 2833 
Fe-15%Mn 231 706 16.6 11691 
Fe-20%Mn No data No data No data No data 
Fe-30%Mn HRA 225 552 72.3 39893 
Fe-30%Mn HR 237 574 69.1 39689 
 
IV.3.17 Effect of Mn content on the mechanical properties of the cold rolled and annealed 
Fe-Mn alloys 
The effect of the Mn content on the elongation is illustrated in Figure IV.32a. 
Fe-1%Mn has an elongation of 20%. The annealing process after the cold rolling results in an 
increase of this elongation. At increasing Mn content, in the 5%Mn and 10%Mn alloys the very 
low ductility is due to the presence of the α’-martensite, which is present at all the processing 
stages. At higher Mn content, Fe-15%Mn, a mixture of phases is observed and the elongation 
increases to ~15%. 
For the Fe-30%Mn alloy, the austenite phase does not lead to strain-induced transformation 
and this results in high elongation values of ~70%. Note that the mechanical properties of the 
cold rolled and annealed high Mn alloys are not sensitive to the annealing after the hot rolling. 
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Excellent properties were obtained in the absence of an annealing treatment after hot rolling. 
The annealing performed before the cold rolling seems not to influence the elongation obtained 
at the final state of the processing. 
The effect of the Mn content on the tensile strength is presented in Figure IV.32b. The Fe-
1%Mn alloy has the lowest Rm-value. Increasing the Mn content results in a α’-martensite 
microstructure. Consequently, the tensile strength reaches very high values, around, 700-
800MPa for the 5%Mn and 10%Mn alloys. The Fe-15%Mn alloy contains three phases 
initially. The ε-martensite phase transforms to α’-martensite during tensile testing by strain-
induced transformation. This increase of the volume fraction of α’-martensite results in high 
Rm-values, which are similar to the Rm-values of the 5%Mn and 10%Mn alloys. 
The Fe-30%Mn alloy contains γ phase in both studied conditions. The austenite phase gives 
Rm-values of 550-600MPa. The effect of the annealing after hot rolling is not observed in the 
strength, as well as it occurred with the ductility. 
The RmxA-value evolution in function of the Mn content is illustrated in Figure IV.32c.  
The low strength of the Fe-1%Mn alloy, the low ductility for the 5%Mn and 10%Mn alloys 
results in RmxA-values less than 10000MPa. The Fe-15%Mn alloy has a high RmxA-value due 
to the combination of a higher elongation compared to the 5%Mn and 10%Mn alloys and a 
higher tensile strength. 
The Fe-30%Mn alloy has a RmxA-value close to 40000MPa, due to the exceptional 
combination of a very large elongation and a high strength. This combination of properties is 
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Figure IV.32: Effect of the Mn content on the elongation (a), the tensile strength (b) and the RmxA-
value (c) of the cold rolled and annealed steel. 
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IV.3.18 Phase transformations in Fe-Mn binary alloys 
The thermal cycles for the Fe-Mn binary alloys are shown in Figure IV.33. The Mn content 
present in the steel stabilises different phases at room temperature. Those phases transform to 
austenite at high temperature.  
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Figure IV.33: Schematic dilatational-temperature curve showing the phase transformations during 
heating and cooling of the binary Fe-Mn alloys (a) α↔γ transformation, (b) α’↔γ transformation, (c) 
ε↔γ transformation and (d) no transformation α, α’, ε↔γ. 
During the dilatometric experiments the As temperature for the α→γ or ε→γ transformation 
and the Ms temperature for the γ→ε or γ→α transformation are clearly visible due to the 
change in the thermal expansion coefficient. 
The Ms and As temperatures were calculated for each cycle by fitting the Koistinen and 
Marburger’s equation17 to the experimental data: 
( )[ ]TMKf si −⋅−= exp1         (IV.2) 
where fi is the volume fraction of the α’-martensite or ε-martensite formed at a temperature T 
below Ms and K is a rate constant, which is dependent on the austenite grain size and the 
cooling rate. 
Fe-1%Mn has a bcc phase (ferrite α) at room temperature. Increasing the temperature, the α-
phase is stable up to 875°C. At this temperature, the α→γ transformation starts. The phase 
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transformation occurs in a short range of temperature. While cooling from high temperature, 
where the austenite phase is stable, at 850°C, the γ→α reverse transformation takes place. The 
temperature range of the reverse transformation is around 50°C, which is larger than the range 
of the α→γ transformation. 
An increase of the Mn content results in a decrease of the transformation temperatures. Fe-
5%Mn has an As temperature at 725°C and an Ms temperature at 500°C. In comparison to Fe-
1%Mn, the transformation hysteresis is larger for Fe-5%Mn. This indicates that the austenite 
phase is stabilized by the Mn additions. The reverse transformation occurs in a short range of 
temperatures. An even larger hysteresis cycle is observed for the Fe-10%Mn alloy, where the 
As temperature is at 625°C and the Ms temperature is at 300°C. The α→γ transformation takes 
place in a relatively small temperature range, while the temperature for the reverse γ→α 
transformation is almost 200°C. 
When the Mn content is increased above 10%, other non-equilibrium phases are present in the 
microstructure: α’-martensite, ε-martensite and γ. This implies that other phase 
transformations occur. Fe-15%Mn contains both α’ and ε. Figure IV.34 shows the 
transformation temperatures for the complete thermal cycle for the binary alloy Fe-15%Mn. 
While heating, first the ε→γ (hcp-fcc) phase transformation is observed at 200°C. This phase 
transformation takes place in a range of 100°C. At 550°C, the α→γ (bcc-fcc) phase 
transformation is observed. This transformation takes place in a range of 50°C at a temperature 
lower than the α→γ transformation observed with lower Mn content, i.e. Fe-10%Mn, Fe-
5%Mn and Fe-1%Mn. During cooling, the reverse phase transformations do not take place in 
the same manner. In 100-200°C range, two transformations occur. First, the γ→ε 
transformation takes place at 170°C (with the same rate of transformation as in a binary alloy 
with a higher content of ε-phase) and at 150°C, part of the ε-martensite transforms to              
α’-martensite and the initial phases are obtained. This hcp-bcc phase transformation takes 
place until room temperature. 
Figure IV.34 shows the thermal cycle behavior for the binary alloy Fe-20%Mn. Due to the Mn 
content, the ε-phase is the principal phase present in the initial stage (87% ε-phase and 13% γ-
phase). During heating, the ε-phase (hcp) transforms to γ-phase (fcc) at 180°C. During 
cooling, the reverse phase transformation, which brings the material to the same initial phases 
relation, is observed at 145°C. The Ms-As temperature interval for the ε→γ transformation is 
smaller than that for the reverse γ →ε transformation. 
 
Microstructure and Transformations in the Fe-Mn System 
180 






















Figure IV.34: Thermal cycle for the binary alloys Fe-15%Mn in the range of room temperature to 
1000°C showing the additional α’↔γ transformation characterized by a wider hysteresis than the ε↔γ 
transformation. 
In Figure IV.35, the experimental data for fε and –ln (1- fε)  obtained for Fe-20%Mn are 
presented. Note that –ln (1- fε) varies linearly with temperature in the range of temperature 
values close to Ms allowing the determination of the Ms temperature. 
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Figure IV.35: Analysis of the dilatation versus temperature curve for the Fe-20%Mn binary alloy 
heated at 1°C/s for the second performed cycle. 
 
Figure IV.33 also presents the heating for Fe-30%Mn. At around 1150°C, the start of the γ→δ 
phase transformation is observed. 
The increase in Mn content results in a decrease of the Ms and As temperatures. This is in 
agreement with the results reported by Lee and Choi7. 
For Fe-15%Mn and Fe-20%Mn binary alloys, the thermal cycle has been performed at low 
temperatures too, where only the ε↔γ phase transformation is observed. Figure IV.36 shows 
the dilatational changes between the thermal cycles at low temperature for the 15%Mn and 
20%Mn alloys, where it is possible to observe the influence of the α’-martensite phase. During 
the thermal cycling between room temperature and 350°C ε transforms to γ and vice-versa. 
The easy reversibility of the ε↔γ transformation is observed for both alloy compositions. The 
 α’-phase remains in the matrix during the thermal cycling if the maximum temperature is 
below the As temperature for the α’→γ transformation. The presence of the α’-martensite in 
the matrix influences the ε↔γ transformation. The α’-phase acts as an obstacle to the 
transformation. This can be appreciated from the larger interval of temperatures needed to 
achieve the ε→γ transformation. The α’-martensite also delays the ε→γ phase transformation 
temperature, which occurs at higher temperatures. 
Note that ε is denser than γ. 
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Figure IV.36: Dilatometric data during thermal cycling between room temperature and 350°C for the 
15%Mn (ε+α’↔γ+α’) and 20%Mn (ε↔γ) alloys. The transformation hysteresis is only due to the ε↔γ 
transformation in both cases. 
T0 is defined as the temperature at which the ∆G = 0 between the two phases involved in the 
transformation. 
The values for the T0 temperature were also calculated for all Fe-Mn binary alloys. In addition, 





=          (IV.3) 
Figure IV.37 shows the comparison of the T0 temperature obtained from Thermocalc and the 
T0 temperature obtained experimentally for the ε↔γ transformation. 
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Figure IV.37: Comparison of the theoretical T0 temperature for the ε-γ transformation obtained by 
Thermocalc calculations and the experimentally determined T0 temperature. 
An increase in Mn content results in a decrease in the Ms, As and T0 temperatures, i.e. a higher 
stability of the γ phase. This is in agreement with the results reported by Lee and Choi7. 
Figure IV.38 shows the effect of the Mn content on the transformation temperatures, obtained 
by dilatometry. The As, Ms and T0 temperatures are compared with the ones reported by Lee 
and Choi7 in Figure IV.39. 
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Figure IV.39: Comparison of the experimental Ms, As and T0 temperatures obtained in the present 
study and the transformation temperatures reported by Lee and Choi7. 
 
Thermal cycling is known to stabilize the phase transformation temperature. 15 thermal cycles 
were applied to all the Fe-Mn binary alloys and As, Ms and T0 were determined. The 
transformation temperature α↔γ phenomenon is indicated in Figure IV.40 a, b and c. The 
transformation temperatures evolution during thermal cycling of the ε↔γ is indicated in Figure 
IV.40 d and e. 
After repeated thermal cycling, a reduction in the αγ /sM  temperature of about 15°C is 
observed for Fe-1%Mn (Figure IV.40 a). The γα /sA  temperature reaches a stable value after 
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the 8th cycle. As a consequence, the αγ /0T  temperature is mainly influenced by the 
αγ /
sM  
temperature variations and reaches a stable value after the 12th cycle. 
Figure IV.40 b shows the evolution of '/ αγsM , 
γα /'
sA  and 
'/
0
αγT  for the Fe-5%Mn binary alloy. 
A very slight decrease can be observed for the γα /'sA  temperature, which has almost no effect 
on the '/0
αγT  temperature. 
The temperatures evolution during thermal cycling for Fe-10%Mn content is presented in 
Figure IV.40 c. The γα /'sA , 
'/ αγ
sM  and 
'/
0
αγT  temperatures are almost constant from the first 
thermal cycle.  
Figure IV.40 d shows the temperatures evolution during thermal cycling for the Fe-15%Mn. 
The γε /sA  temperature does not vary. The 
εγ /
sM  temperature decreases of about 30°C in the 
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Figure IV.40: Ms, As and T0 evolution during thermal cycling for the Fe-Mn binary alloys. 
The transformation temperatures evolution corresponding to the 20%Mn alloy is illustrated in 
Figure IV.40 e. After repeated thermal cycling an initial reduction in the measured εγ /sM  
temperature of about 15oC was recorded for the Fe-20%Mn alloy specimens. γε /sA  increases 
slightly with increasing number of cycles. However, after ten cycles εγ /sM  and 
γε /
sA  reached 
stable values. It is assumed that only at that point the material achieves a stable thermo-
mechanical state as no shifts of the transformation temperatures are detected. This has been 
observed previously for the NiTi shape memory alloys, for which stabilization occurs after 16 
cycles19. 
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Figure IV.41 shows the comparison between the εγ /0T  temperature obtained experimentally 
and the εγ /0T  temperature obtained using Thermocalc calculations. The calculated 
εγ /
0T  
corresponds to a value of 147°C, whereas the experimental εγ /0T  is at 159°C for the first 
cycles. The influence of the thermal cycling on γε /sA , 
εγ /
sM  and 
εγ /
0T  is also indicated. The 
εγ /
sM  temperature decreases about 20°C during the cycling, whereas the 
γε /
sA  temperature 
increases less than 10°C. As a consequence, εγ /0T  decreases only about 5°C. 
 





























Figure IV.41: Comparison of the experimental and calculated εγ /0T  temperature for the binary alloy 
Fe-20%Mn. The arrows indicate the evolution of the temperatures during thermal cycling. 
 
The magnetic transformation was also observed during thermal cycling. Figure IV.42 shows a 
typical example for Fe-10%Mn, where the α’↔γ transformation is observed and the power 
related to the thermal cycle. The α’→γ transformation is observed at 625°C in the dilatation 
curve. At the same temperature, the power curve has a small increase indicating that the α’→γ 
transformation is an endothermic phase transformation. 
An increase of the power is observed at 675°C. It is related to the ferromagnetic to 
paramagnetic transformation. While cooling, a large decrease in power is observed at 665°C, 
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which corresponds to the reverse magnetic transformation. The reverse paramagnetic-to-
ferromagnetic transformation occurs at the same temperature as during heating. 
At 300°C, a small decrease in the power line is observed. This decrease is related to the 
exothermic nature of the γ→α’ phase transformation; as the heat of the transformation is 
released, less power is required to stabilize the cooling rate. 
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Figure IV.42: Thermal cycle for the binary Fe-10%Mn binary alloy showing the α’↔γ transformation 
and the power related to the thermal cycle. 
 
Fe-20%Mn contains the largest fraction of ε-martensite. A microstructure memory effect was 
clearly observed, with only small changes occurring during the first thermal cycles. Figure 















   (a)      (b) 
Figure IV.43: Microstructure of the binary Fe-20%Mn before cycling (a) and after fifteen thermal 
cycles (b) between room temperature and 300°C. The indicated areas illustrate the changes observed 
after thermal cycling. The section corresponds to one basis of the dilatometer sample. 
 
IV.3.19 Effect of phase transformations on elastic modulus and internal friction of Fe-Mn 
alloys 
The internal friction measurement was carried out for the ε-martensite containing Fe-Mn 
alloys, i.e., Fe-15%Mn and Fe-20%Mn. 
Figure IV.44 shows the internal friction and the longitudinal elastic modulus changes as a 
function of temperature in the 15%Mn and 20%Mn alloys. The internal friction spectra pass 
through a maximum during heating and cooling over the ε↔γ transformation temperature, 
which is illustrated by a dilatometric expansion or compression, respectively. It is interesting to 
note that the peaks occur at very low strain amplitude (10-7), which is typical for a truly 
anelastic relaxation phenomenon. However, the peak does not appear if the frequency is 
changed to lower values (Figure IV.45). 
ε 
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Figure IV.44: Internal friction and elastic modulus response of the Fe-15%Mn and Fe-20%Mn alloys 
in the temperature range in which the γ-ε transformation takes place. 













Figure IV.45: Internal friction data for Fe-20%Mn alloy using a torsion pendulum at room 
temperature. 
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The damping peak observed during the ε↔γ transformation during heating and the reverse 
transformation during cooling is also associated with distinct step-like changes in the Young 
modulus data. This is in sharp contrast to the elastic modulus changes reported in Ni-Ti shape 
memory alloy where the elastic modulus had been observed to pass through a 
minimum19,20,21,22. Step-like changes in the Young modulus data have also recently been 
reported in Fe-Mn-Cr-Ni and Fe-Mn-Cr-Si-Ni shape memory alloy23,24. Since the ε↔γ 
transformation involves the glide of the transformation dislocations, the internal friction peak 
may be due to the correlated motion of these transformation dislocations. During heating of the 
specimen the stacking fault energy increases and this causes the partial dislocations to glide 
back to their original nucleating positions (Figure IV.46). This gives rise to the maximum in 
the internal friction response. The peak height is also low, characterizing the low fault energy 
associated with the partial dislocations. The changes in the elastic modulus are due to the free 
energy change involving the transformations. Since both the ε and γ phases are equally close 
packed, it is assumed that their elastic moduli are similar and the step like change is due to the 
strain introduced by the glide of the dislocations. 
In the damping response for the Fe-20%Mn alloy an initial increase in the damping is noticed in 
addition to a similar step-like response in the elastic modulus. This is thought to be due to the 
magnetic transition25 of the γ-phase from antiferromagnetic to paramagnetic structure at the 
calculated Néel temperature for this composition based on the data of Cotes et al.4. The Néel 
temperature TN for the Fe-15%Mn and Fe-20%Mn alloys are 7
oC and 87oC respectively as 
reported by Cotes et al.4. An anomalous decrease in the elastic modulus is observed due to the 
paramagnetic to antiferromagnetic transition at TN in the Fe-20%Mn alloy. The TN-related 
anomaly is below room temperature for the Fe-15%Mn alloy. Hence the observations suggest 
that the damping peaks corresponding to the ε↔γ transformation are not related to the 
magnetic ordering of the phases. 
 
γ γ → γ + ε ε + γ → γ
T < Ms T > As  
Figure IV.46: Schematic of the γ→ε transformation mechanism via the formation of thin ε-martensite 
plates. The transformation interface contains glissile partial dislocations. While heating, at T>As, the 
dislocations glide back to the original positions and while cooling, at T<Ms, glide forward. 
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IV.3.20 Amplitude dependent relaxation results 
Figure IV.47 shows the strain amplitude-dependent internal friction results in the specimens of 
three Fe-Mn alloys. The damping, Q-1, in all the alloys is independent of the strain amplitude up 
to a strain amplitude of 10-5. When the strain amplitude increases beyond this limit, an increase 
in the damping is recorded for the 15%Mn and 20%Mn alloys. The amplitude independent 
damping values are normalized to the same level of damping for the sake of comparison. The 
amplitude dependent damping is due to the hysteresis involving dislocations breaking away 
from weak pinning points in the lattice. However, the higher strain amplitude required to cause 
damping and the magnitude of damping indicates a relatively smaller dislocations loop length 
available for vibration. This is in sharp contrast to the large damping usually observed in α-
iron. However, the result suggests that the starting microstructure of both the alloys contain 
mobile dislocations prior to the transformation. The ADIF from a Fe-30%Mn alloy specimen is 
also shown in Figure IV.47. This alloy does not show any damping response at the higher 
strain amplitude range. This ADIF response is very likely due to the fact that the 
microstructure is fully austenitic. Since the γ↔ε transformation is achieved by the glide of 
Shockley partials shearing the austenite matrix on every other {111} plane, the ADIF is due to 
the motion of these partial dislocations at the γ↔ε interfaces. ε-martensite (hcp) is known to 
be associated with wide stacking faults bound by the Shockley partials6. Hence the coordinated 
motion of partial dislocations may give rise to the observed amplitude dependent damping. 
Figure IV.48 shows a comparison between the strain amplitude dependent internal friction 
(ADIF) phenomenon in various phases. It is interesting to see that the γ and α phases do not 
give rise to ADIF. The ADIF in the two alloys is only due to the ε-martensite phase. 
Figure IV.47 shows the room temperature ADIF results for the Fe-Mn alloys. The strain 
amplitude related damping data has two parts as shown in Figure IV.47: 
111 −−− += hiTot QQQ          (IV.4) 
1−
iQ is the strain amplitude-independent damping. It is proportional to 
4lΛ  where Λ is the 
dislocation density in the material and l is the dislocation loop length. 1−hQ is the strain 
amplitude-dependent damping resulting from the hysteresis due to microplastic yielding 
(dislocation motion) under the application of an increasing applied stress. Granato et al.26 have 































=2 . Ω is an orientation factor for the single crystal, 
Λ is the dislocation density, LN is the dislocation segment determined by network pinning, l is 
the average dislocation loop length, K is a factor depending on the anisotropy of the elastic 
constants and the orientation of the sample with respect to the applied stress, η is Cottrell’s 
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misfit parameter measuring the magnitude of the lattice dilatation at the point defect, a is the 
lattice parameter and ε0 is the strain amplitude. 
From eq. (IV.3) it follows that )log( 10
−
hQε should vary linearly with 1/ε0. The slope of this 
Granato-Lücke (GL) plot varies inversely with 1/ε0  The GL plot of the amplitude-dependent 
part of the internal friction can easily reveal changes in the dislocation structure brought about 
by the transformation. 
The internal friction data were normalised to the same level of strain-amplitude independent 
damping 1−iQ  for ease of comparison. The damping in the two alloys is independent of the 
strain amplitude up to a strain amplitude of 10-5. The damping increases when the vibration 
strain amplitude is larger than 10-5. This strain is larger than the strain typically required to 
cause amplitude-dependent damping in pure strained α-iron (~10-6)27. This suggests a smaller 
dislocation length available for vibration in the two alloys28. The ADIF was observed only 
when both phases were present at room temperature as a result of an incomplete γ→ε 
transformation. No 1−hQ  was observed in the ADIF for a homogeneous γ-phase (Fe-29%Mn) 
or a homogeneous α-phase (Fe-0.4wt.%C) alloy specimen prepared for the present study 
(Figure IV.48). The results therefore, suggest that 1−hQ  is due to correlated motion of the 
transformation dislocations present at the ε/γ transformation interfaces. 
The γ (fcc) → ε (hcp) transformation in shape memory alloys has been found to be associated 
with the development of wide stacking faults13,29. These stacking faults are bound by widely 
spaced partial dislocations29 and hence can give rise to a strain-amplitude dependent damping 
as observed in the present two alloys. 
 











 Fe-15% Mn (γ, ε, α')
 Fe-20% Mn (γ, ε)








Figure IV.47: Amplitude dependent internal friction behaviour for Fe-Mn alloys with 15%, 20% and 
30%Mn. 
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Figure IV.48: Strain amplitude dependent internal friction in different phase constituents. 
Figure IV.49 shows the calculated free energy changes during the ε↔γ transformation 
together with the changes in the measured internal friction. The internal friction peaks 
measured coincide with the Ms and As temperatures of the ε↔γ transformation observed by 
dilatometry. 
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Figure IV.49: Calculated free energy changes during the ε↔γ transformation ∆G ε→γ (top), the kinetics 
of martensite transformation (middle) and the associated internal friction spectra (below). The internal 
friction peaks appear during the forward and reverse ε↔γ transformations. 
 
IV.3.21 Effect of cycling on the internal friction results 
Figure IV.50 shows the internal friction behaviour as a function of four consecutive thermal 
cycles of the Fe-20%Mn alloy. It can be seen that the internal friction peak height during the 
ε→γ transformation remains the same and the temperature of ε→γ transformation remains 
unaffected by the thermal cycling. The γ→ε transformation shifts to higher temperatures. The 
thermal cycling does also not affect the ferromagnetic transformation temperature. It has been 
suggested that during the thermal cycling, the dislocations in the γ phase increase because of 
the transformation temperature’s proximity to the Néel temperature, which causes an intrinsic 
softening of the γ-phase30. 
It is interesting to see that the dislocation effect is marginally altered after the 6th thermal cycle. 
The magnitude of damping changes when the number of thermal cycles increases. 
Transformations in Fe-Mn-Si-Cr alloys have been proposed to occur through the forward and 
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backward motion of Shockley partials during the ε↔γ transformations6. During the γ→ε 
transformations more dislocations are created at the austenite-martensite interfaces making it 
difficult to nucleate ε phase. The reduction in the apparent volume of the ε phase can account 
for the mild decrease in the damping values in this specimen. 
The increased number of dislocations makes the nucleation of martensite difficult and hence a 
higher driving force is required to nucleate them. Strain amplitude dependent internal friction 
measurements on the samples that had undergone repeated thermal cycling shows a mild 
decrease in the damping in the specimens as a result of increasing thermal cycle (discussed later 
in Figure IV.50). Decrease in the ADIF is possible when there is a decrease in the overall 
dislocation density of the material resulting from the reduction in the volume of the ε-phases or 
the decrease in the effective length of the dislocations due to entanglement or impurity pinning. 
The former factor had been widely advocated by earlier researchers for the reason outlined 
above. 

























Figure IV.50: Effect of thermal cycling on the internal friction spectra of the Fe-20%Mn binary alloy. 
 
Figure IV.51 shows the changes in the internal friction for thermal cycling of the Fe-20%Mn 
binary alloy. Neither the magnetic transition from anti-ferromagnetic to paramagnetic nor the 
phase transformation temperature change due to the thermal cycling. This result implies that 
the activation energy and the chemical free energy change of the system during the ε↔γ 
transformation remain unchanged. The height of the internal friction peak remains unchanged 
during the thermal cycling. The strain amplitude used during the testing (10-7) is unlikely to 
lead to strain-induced martensitic transformation31,32. 
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 after 6th  cycle






Strain amplitude, ε0  
Figure IV.51: Effect of thermal cycling on the internal friction behavior in the Fe-20%Mn 
binary steel. The ADIF is not changed even after the 13th thermal cycle. 
 
The ADIF data are presented in a GL plot using eq. (IV.2) in Figure IV.52. It is observed that 
the slopes of all the plots are the same indicating that the lengths of the dislocation segments 
and the dislocaion density do not change. This suggests that no additional dislocations are 

























Figure IV.52: The Granato-Lücke plot for the ADIF result in Fe-20%Mn alloy at room temperature. 
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IV.3.22 Impact testing of Fe-Mn alloys 
The results obtained for the Charpy tests are illustrated in Figure IV.53. The Mn content 
present in the alloy influences the impact resistance. The Fe-1%Mn alloy, which contains only 
ferrite, shows a sharp transition temperature from ductile to brittle at –40°C. Increasing the Mn 
content results in an increase of the transition temperature to 220°C at 5%Mn. The Fe-10%Mn 
alloy has no clear transition temperature. The transition from ductile to fragile occurs in a 
continuous fashion.  
For the Fe-15%Mn alloy, the transition temperature was clearly decreased and it is around 
room temperature.  
The Fe-20%Mn alloy has a transition temperature range from –100°C to -200°C. At a 
temperature of 200°C, this same alloy had an additional second transition in the impact energy. 
This behaviour is related to the occurance of the ε→γ phase transformation.  
For the Fe-30%Mn alloy, for which the γ phase is stable, no transition temperature is observed. 
 

































































Figure IV.53: Impact test results in function of the test temperature for the Fe-Mn binary alloys. 
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The influence of the Mn content on the ductile to brittle transition temperature (DBTT), which 
is considered as the temperature at which the highest increase of absorbed energy is observed, 
is illustrated in Figure IV.54. There is an increase of the DBTT at about 10%Mn.  
 




















Figure IV.54: Ductile-brittle transition temperature in function of the Mn content for the Fe-Mn binary 
alloys. 
 
The maximum energy absorption in function of the Mn content is given in Figure IV.55. There 
is a decrease of the maximum energy at about 10-15%Mn, which can be related to the 
presence of α’-martensite. 
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Figure IV.55: Maximum energy absorption in function of the Mn content for the Fe-Mn binary alloys. 
 
IV.4 Conclusions 
The phase stability and transformations within the Fe-Mn binary system has been studied. The 
Mn percentage results in different phases at room temperature: Fe-1%Mn, ferrite; Fe-5%Mn 
and Fe-10%Mn, α’-martensite; Fe-15%Mn, a mixture of α’-martensite, ε-martensite and γ; Fe-
20%Mn, a mixture of ε-martensite and γ; and Fe-30%Mn, γ. Those phases influence the 
mechanical properties of the binary alloys: 
- The ferrite phase (Fe-1%Mn) shows low stress and high elongations 
- The α’-martensite (Fe-5%Mn, Fe-10%Mn) show very high stress in 
combination with very low ductilities 
- The combination of α’-martensite, ε-martensite and γ (Fe-15%Mn) results 
in high stress and low elongations 
- The combination of ε-martensite and γ (Fe-20%Mn) also results in high 
stress and low elongations 
- The γ phase (Fe-30%Mn) shows very high stresses in combination with 
very high elongations, as a consequence of the TWIP (TWining Inducing 
Plasticity) effect 
The processing parameters influence the mechanical properties too as it has been illustrated in 
Figure IV.56: 
- Fe-1%Mn mainly shows a decrease in elongation 
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- Fe-5%Mn shows a small decrease in elongation and a small increase in 
stress 
- Fe-10%Mn has no influence on the processing parameters 
- Fe-15%Mn shows a decrease in stress in combination with a decrease in 
elongation 
- Fe-20%Mn also shows a decrease in stress in combination with a decrease 
in elongation. The ε→α’ transformation during the cold rolling of the alloy 
results in the rupture of the material 
- Fe-30%Mn shows a very high decrease in stress and a very high increase in 
elongation, giving as a result ARm ⋅ -values of about 40000MPa. 
 



































Figure IV.56: ARm ⋅ -values evolution while processing of the binary Fe-Mn alloys. 
It should be noted that the ε-martensite phase, largely observed in the Fe-20%Mn alloy, is 
reported to present the Shape Memory Effect (SME) as it was observed. The SME is obtained 
after training the material. 
 
.
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CHAPTER V 
 
Hot working Fe-Mn System 
 
V.1 Introduction 
The development of the Ni-free high N high Mn stainless steel1, 2, 3, 4, 5, 6 and new high Mn 
Shape Memory Alloys (SMA)7, 8, 9, 10, 11, 12, 13, 14, 15, 16, 17, 18, 19, 20, 21 is becoming more important. It 
is expected that the Mn will influence the hot workability. Until now, low Mn content steel 
with less than 2% has been used as structural C-Mn steels22. A C content of ~0.1%, in 
combination with Mn, influences the properties of the steels23 giving it a high toughness, 
ductility, a reasonably high work hardening and, usually, a good wear resistance. High %Mn 
contents, in the range of 7-20%Mn, are used in combination with high C contents, in the range 
of 0.6-1.2%, in the Hadfield steels24. Hadfield steels have a high resistance to both impact and 
abrasion. These steels are also characterized by a high work hardening rate. 
Steels with a similar Mn content as the Hadfield steels but with very low C contents (about 
0.03%) are currently in development25 for applications that require low magnetic permeability, 
low temperature cryogenic strength and low temperature toughness. The corresponding loss in 
yield strength due to the low C content is compensated by alloying the steel with alloying 
elements such as nitrogen, chromium, vanadium, molybdenum and titanium. 
It is known that Mn influences the intrinsic properties of Fe such as the stacking fault energy, 
the tensile strength and the yield strength22,26. Below 2%Mn content, the ferrite phase gives 
low strengths and high ductilities. Between 2%Mn and 10%Mn, α’-martensite is present. 
Higher strengths are obtained due to the solid-solution strengthening of the Mn. The 
elongation is lower. From 10%Mn to 15%Mn, a mixture of α’ and ε−martensites is present. If 
α’ is the major phase, the strength can reach high values. If the ε phase is the major phase, the 
strength levels decrease progressively until α’ is replaced entirely by ε. For Mn levels between 
15% and 28%, a phase mixture of γ and ε is obtained. If ε is the predominant phase, there is a 
further decrease of the strength. For Mn contents higher than 28%, only the γ phase is present. 
These steels have low strength and high elongations. 
It has been reported for the case of C-Mn steels that Mn increases the yield strength22. The 
reported solid solution strengthening influence varies between 26.1 MPa/%Mn27 when there is 
no dependence of the microstructural parameters and 59.5 MPa/%Mn28 when grain size and 
volume fraction of ferrite are considered. Mn, as a substitutional austenite-stabilizing element, 
does not have a direct influence on the mechanical properties of austenite. Mn is a solution 
strengthener in α-Fe; it is not in γ-Fe. In γ-Fe, the effect of Mn on the mechanical properties is 
indirect. The main influence of the Mn content is its influence on the N content, which is 
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always enhanced in Mn steels. The N is a very strong solid solution strengthener in both α-Fe 
and γ-Fe. 
The tensile strength of ferritic steels is also influenced from the Mn additions22. Within the C-
Mn steels, the influence of the %Mn on the tensile strength has been reported in a factor 
variation between 029 and 53.630. 
The influence of the Mn content on the stacking fault energy (SFE) of austenitic γ-Fe is not 
clear. B. Jiang et al. 31 reported a decrease in the SFE with increasing the Mn content in Fe-
Mn-Si based alloys. Others32, mainly within the SMA research community, report an increase 
of the SFE with increasing the Mn content for the Fe-Mn-Si alloys. Lee et al.18 reported that 
the SFE of γ decreases with increasing the Mn content up to 13at%Mn and that at higher Mn 
contents, the SFE increases with increasing Mn content. The results from Lee et al. are 
compared with Schumann’s results33 and Volosevich et al.‘s results34 in Figure V.1. The Mn 
content with the lowest SFE, about 13 at%, is in good agreement with Schumann’s result 
(about 14 at%) and shows a big difference from Volosevich et al.’s results. 
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Figure V.1: Influence of the Mn content on the SFE. 
 
The high SFE values result in an easier climb of dislocations or cross slip at high temperatures. 
Those alloys have an easy dynamic recovery due to the annihilation of dislocations with 
opposite burgers vectors during hot working. Consequently, the deformation stresses decrease 
  Chapter V 
  209 
and high ductilities are obtained. The deformation observed in hot torsion for alloys with high 
SFE is shear-like. 
The stress-strain curves for alloys with high SFE show a monotonic hardening to a steady state 
plateau in which the dislocation generation is compensated by the dislocation annihilation.  
Alloys with low SFE show a limited dynamic recovery due to the limited mobility of 
dislocations. As a consequence, when an applied strain is larger than a critical one, the driving 
force becomes sufficiently large for dynamic recrystallization. When dynamic recrystallization 
occurs, the dislocations are eliminated by replacing the deformed grains with new grains poor 
in dislocations.  
The stress-strain curves for alloys with low SFE show a high work hardening peak, which is 
followed by a softening to a steady state. The ductilities obtained for low SFE alloys are lower 
than the ductilities for high SFE alloys. 
The effect of Mn on the austenite stability seems to be composition-dependent, as Mn is an 
austenite stabilizing element at low Mn concentration and a ferrite stabilizer at high Mn 
concentrations2,35. In the Fe-Mn binary system with Mn contents up to 20%, non-equilibrium 
phases are readily formed at room temperature as the Mn content increases (Figure V.2). The 
austenitic fcc high temperature phase is stable between 900°C and 1250°C. Part of this γ-phase 
transforms to metastable α-martensite and ε-martensite at low temperature. In the present 
chapter, the influence of the Mn content in the hot workability of the Fe-Mn binary alloys 
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Figure V.2: Phase equilibrium for the lowest, intermediate and highest Fe-Mn binary alloys studied. 
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The hot rolling behaviour of the Fe-Mn binary alloys is a function of (a) the high temperature 
constitutive equations of the material, (b) the stress state existing in the roll gap36. The 
constitutive equation is a function of the composition, the starting microstructure, the strain ε, 
the strain rate ε&  and the temperature T: 
),,,,...,,( turemicrostrucTccf ji εεσ &=       (V.1) 
where ci is the concentration of element i. 
An understanding of the constitutive behaviour of the material is essential for the determination 
of the intrinsic hot formability and the microstructural evolution during hot working36. 
During the hot rolling deformation process, large deformation strains are applied at high 
deformation rates. 
At room temperature, the flow stress σ, the stress that causes an irreversible plastic 
deformation in a uniaxial state of stress, can usually be approximated by the Ludwik-Hollomon 
equation: 
mnc εεσ &⋅⋅=           (V.2) 
where ε is the strain; ε& , the strain rate; n, the strain hardening; m, the strain rate sensitivity and 
c, a constant37. The value of m increases with rising temperatures, but it does not increase 
uniformly with temperature. For elevated temperatures, m ≥ n and the effect of strain hardening 
can be neglected. The Ludwik-Hollomon equation does not describe the flow curve with good 
accuracy at elevated temperatures37. 
Sellars and Tegart38 have shown that at elevated temperatures, the stress σ, strain ε, strain rate 
ε& , and temperature T are related via an empirical hyperbolic-sine function. This relation was 
initially proposed by Garofalo39 to describe the dependence of the minimum creep rate in 









A HWnp expsinh ασε&        (V.3) 
where A, α, n and QHW are material constants, which are often expressed in function of the 
chemical composition of the alloy40. R is the universal gas constant (8.314 J mol-1 K-1), and T is 
the absolute temperature in K at which the deformation occurs. σp is the stress peak value, i.e. 
the maximum stress of the flow curve, and ε&  is the strain rate with which the test is performed. 
QHW is the activation energy for plastic deformation at high temperature. α is an adjustable 
parameter41,42. 
At low stress levels, eq. (V.3) reduces to a power creep law nA σε ⋅=&  and at high stress 
levels, eq. (V.3) reduces to an exponential creep law ( )σβε ⋅⋅= exp'A& . 
By re-arranging eq. (V.3), a new variable can be defined, the Zener-Hollomon parameter, Z, 
eq. (V.4), which groups both the strain rate ε&  and the temperature T into one single parameter 
Z. Z can be considered as a temperature-corrected strain rate: 
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= sinhexp&        (V.4) 
As QHW depends on the alloy composition
40, Z also depends on the chemical composition of 
the steel. 
 
V.2 Experimental procedure 
Torsion tests were used to obtain the constitutive equations of the Fe-Mn binary alloys and 
hence the characterization of their hot rolling behaviour43. 
The chemical compositions of the five Fe-Mn binary alloys used for the present study are listed 
in Table V.1. The alloys were prepared in a laboratory vacuum induction furnace. 
 
Table V.1: Chemical composition of the Fe-Mn binary alloys (in wt%). 
 C Mn Cr Ni Mo Si Al 
1%Mn (VA799) 0.0028 1.1 0.037 0.022 - 0.005 0.06 
5%Mn (VA800) 0.0015 5.6 0.031 0.022 - 0.007 0.05 
10%Mn (VA801) 0.0016 9.7 0.043 0.021 0.023 0.01 0.06 
15%Mn (VA802) 0.0016 14.2 0.07 0.022 0.083 0.013 0.07 
20%Mn (VA803) 0.0017 21.1 0.097 0.021 0.16 0.018 0.15 
 
The Fe-Mn binary alloys were hot rolled in 4 passes with 50% reduction in order to eliminate 
the initial coarse, as-cast, microstructure. Cylindrical specimens for hot torsion tests with a 
length of 25mm and a gauge diameter of 6mm were prepared from the rolled as-cast material 
in the transversal direction. 
The specimens were first homogenised at 1250°C and cooled to the torsion temperature as 
shown in Figure V.3. The heating of the specimen was done by induction heating using a 
heating rate of 12°C/s. The heating rate was the same for all the tests. 
Single-pass hot torsion tests at a constant strain rate were carried out to a total true strain of 
3.4. The thermomechanical process was computer-controlled in an automated torsion machine 
described in Chapter 2. The measured torque, T, and the torsion angle, θ, were converted to 

















ε   (V.6) 
where R and L are the radius and the length of the test samples, respectively. 
σ, ε and the temperature of the sample were continuously recorded37, 44 during each test. 
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The test temperatures were 950°C, 1050°C, 1150°C and 1250°C. The strain rates were 0.1/s, 




































































Figure V.3: (a) Typical thermal cycle used during the tests, (b) Mechanical cycle, i.e. stress and torsion 
angle used during the torsion tests, (c) Matrix of the tested deformation conditions. 
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V.3 High temperature constitutive equation 
The values used for the determination of the materials constants in the Sellars-Tegart equation 
were the peak stress σp, and the corresponding peak strain, εp. The peak stress is the maximum 
value of stress in the first cycle of the flow curve. 
Mean flow stress (MFS) is the constant flow stress that gives rise to a deformation energy 
equal to the real dissipated deformation energy. The dissipated deformation energy for a 
specific strain is represented by the area under the stress-strain curve. The MFS at a certain 
strain can be calculated as shown in Figure V.4. 
L. Duprez et al.45 have used the MFS corresponding to a true strain of 0.3, in order to 
compare their results with hot rolling data for duplex stainless steels. In the present study, the 
MFS-value that corresponded to a true strain of 0.3 did not reflect the same state in the flow 
curve. Increasing temperature at a constant strain rate, the stress at a strain of 0.3 goes from a 
stress before the peak stress at low temperatures where dynamic recrystallization had not yet 
started, through the peak stress until it reached a state after the peak stress at high 
temperatures where dynamic recrystallization had already been completed. This same 
behaviour for the MFS-value was observed when the strain rate was increased at a constant 
















Figure V.4: Calculation of the MFS. 
Figure V.5 shows the stress-strain curves obtained at high temperature in high Z-conditions of 
low T and high strain rate and in low Z-conditions of high T and low strain rate, Table V.2, for 
Fe-Mn with different Mn contents. The peak stress σp, and the corresponding peak strain εp, 
increase in both the high Z and the low Z-conditions for increasing the Mn content. In low Z-
conditions, σp, and εp, are lower than for in high Z-conditions, as expected. This reflects the 
softening of the material, as less stress is needed to twist the torsion sample, at a constant 
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strain rate and at high temperature in comparison to a low temperature deformation at the 
same strain rate. 
 





















































Figure V.5: (a) Stress-strain curves showing the influence of Mn content and (b) cyclic stress-strain 
curve behaviour of the Fe-1%Mn alloy. 
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Table V.2: Values for the ln Z corresponding to the considered low and high Z-values for Figure V.5. 
ln Z low ln Z high ln Z 
1% Mn 15.90 23.36 
10% Mn 22.77 31.91 
20% Mn 19.70 28.08 
 
The higher the applied strain rate, the higher σp and the corresponding εp within one chemical 
composition. In contrast, the higher the temperature of the test, the lower the σp and the 
corresponding εp.  
For all the Fe-Mn binary alloys studied, the samples could deform up to the applied true strain 
of 3.4, without breaking. Only for a few tests, did the sample break before a strain of 3.4 was 
applied. This may be attributed to the unhomogeneity of the sample. 
Dynamic recrystallization of a single peak type was observed for all Fe-Mn binary alloys, in the 
range of temperatures and strain rates studied as shown in Figure V.5a. Cyclic dynamic 
recrystallization was observed only in the case of the Fe-1%Mn binary alloy. This behaviour is 
illustrated in Figure V.3b for Fe-1%Mn. 
 
The hyperbolic sine function proposed by Sellars and Tegart38 is fitted in two steps, Figure 
V.6. First, equation (V.3) is rewritten in the following manner in order to determine the 










 −=&        (V.7) 
Equation (V.7) is of the general form XBAy ⋅+= ' , where ε&ln=y , the Y-axis intercept, 
RT
Q
AA HW−= ln' , pX ασsinhln=  and nB = , which is the slope of equation (V.7) and it is 
indicated in Figure V.6a. α is a parameter that allows that ε&ln  versus ( )( )ασsinhln  curve at a 
constant T are parallel lines. In most cases a value of 0.012MPa-1 is reported42. The parameter 
A’ is temperature dependent. 
A further modification of equation (V.7), eq. (V.8), allows the determination of the activation 
energy QHW from the slope of the data fitting equation. Parameters α and n are already known 
from equation (V.7) and allow that equation (V.8) are parallel lines at a constant strain rate as 











sinhln +−= εασ &       (V.8) 









=  and 
nR
Q
B HW=' , which is the slope of equation (V.8). 
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The last parameter, A, is determined by fitting the data to equation (V.9)  
( )pHW nART
Q
Z ασε sinhlnlnlnln +=+= &       (V.9) 
Equation (V.9) is a single straight line where the slope is n and the Y-axis intercept is Aln , as 



























Figure V.6: Schema of (a) the determination of n, (b) the activation energy QHW and the A parameter. 
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Figure V.7 shows the determination of the parameters α, n, QHW and A for Fe-10%Mn by 
fitting the equations (V.7), (V.8) and (V.9) to the experimental results. 
The α-parameter is usually reported as having a constant value. In most cases a value of 
0.012MPa-1 is reported 46, 47, 48, 49, making the comparison of the data for the constitutive 
equations in different alloys easy. McQueen et al.42, 50 proved that the α-parameter alters 
considerably the stress exponent n but that it has a negligible effect on the activation energy 
QHW. There is no direct physical meaning for α and n, as they are parameters in the 
mathematical fitting.  
Figure V.8 shows the relation between n and α for the Fe-10%Mn alloy. Several values for α 
were applied. The determination of n was done by fitting equation (V.7) to the experimental 
data. There is a drop in n as α increases, which indicates that there is no a single solution for α 
and n, due to they are fitting parameters with no physical meaning.  
The selected n and α parameters minimized the difference between the fitting equation and the 
data. The results obtained for n and α for the Fe-10%Mn binary alloy were 3.33 and 0.0225, 
respectively. The n-value is lower than those reported for austenitic stainless steels, which are 
usually between 4 and 5, but they are similar to the ones reported for C steels. On the other 
hand, the α-value obtained is higher than the α = 0.012 reported for austenitic stainless steels 
and α = 0.014 reported for C steels, where the α-value is considered constant. 
 
The activation energy QHW is determined by from the slope of the data fitting equation (V.8). 
For the particular case of Fe-10%Mn binary alloy, QHW = 317.45 KJ mol
-1 was found as 
illustrated in Figure V.7. This QHW-value is lower than the one reported for austenitic stainless 
steels for which it is between 400 and 500 KJ mol-1, but closer to the QHW-values reported for 
C steel and HSLA steels. 
The parameter A is determined by fitting equation (V.9). In case of the Fe-10%Mn alloy, the 
value obtained for A is 3.21x1010, ln A = 26.5. This ln A-value is lower than the values 
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Figure V.7: (a) Determination of n, α by fitting equation (V.7), (b) Determination of QHW by fitting the 
equation (V.8), (c) Determination of lnA by fitting the equation (V.9). 
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Figure V.8: Variation of n with α in according equation (2) for the binary alloys studied. 
 
The same data analysis procedure was applied to all the available Fe-Mn binary alloys. The 
values of α, n, A and Q were obtained as a function of the Mn-content of the Fe-Mn binary 
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(c)      (d) 
Figure V.9: Evolution of n, α, QHW and A in f(%Mn) and comparison with the parameters for pure iron 
and austenitic stainless steels. 
 
Table V.3: Determined values for the studied parameters. 
 n α QHW (KJ/mol) A 
1%Mn 3.52 0.0157 230.43 3.05x108 
5%Mn 3.46 0.0200 349.96 1.33x1012 
10%Mn 3.33 0.0225 317.45 3.21x1010 
15%Mn 2.87 0.0210 301.16 6.29x109 
20%Mn 2.35 0.0235 278.50 5.92x108 
 
Increasing the Mn content from 1% until 20%Mn resulted in a decrease of the n-value from 
3.52 to 2.35. The α-parameter increased from 0.0157 to 0.0235, with increasing Mn content. 
The activation energy QHW decreased with increasing Mn content. This tendency was not 
observed for the Fe-Mn binary alloy with lower Mn content, i.e., 1%Mn, which presents an 
activation energy of 230 KJ mol-1. This activation energy can be compared to the activation 
energy of 280 KJ mol-1 for a pure iron51. For low Mn contents, the activation energy clearly 
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increased as a result of the solution strengthening effect of the Mn47. For Mn contents higher 
than 5%, this solution strengthening effect is not observed. In the case of higher Mn content, 
the activation energy was in the range 275-300 KJ mol-1. This is a very low value in 
comparison to the 350-500 KJ mol-1, which are typically reported for austenitic stainless steels. 
The explanation for this difference may be related to the much higher solute content in 
austenitic stainless steels. The Cr and Mo contents raise the activation energy much more than 
the Mn additions. 
A similar behaviour is observed for the A-parameter, which decreases while increasing the Mn 
content, except for the Fe-1%Mn binary alloy. 
 
V.4 Flow stress modelling 
The materials models for hot rolling can predict (a) the response of the material in terms of 
microstructural evolution, and (b) the optimum rolling parameters or the process limits in a hot 
rolling mill36. 
The full stress-strain curves obtained from the hot torsion tests were used to study the 
recovery and recrystallization behaviour of Fe-Mn binary alloys (Figure V.10). Dynamic 
recovery results from the increase in the dislocation density with the applied strain and the 
simultaneous re-arrangement of these dislocations in low-energy dislocation structures, which 
provokes a softening in the material. The softening is mainly a consequence of the annihilation 
of dislocations with opposite Burgers vectors during hot working. The softening results in a 
decrease in the deformation stresses and therefore, an increase in the ductility. This behaviour 
is observed for alloys with high SFE, which can easily show a climb of dislocations or cross 
slip at high temperatures. 
If the dislocation density is increased further, dynamic recrystallization can occur and 
contributes to the softening of the material too due to the formation of new grains that are 
almost dislocation-free in comparison to the deformed grains52. The dynamic recrystallization 
starts when an applied strain is larger than a critical strain. The critical energy level depends on 
(a) deformation temperature, (b) grain size and (c) strain rate. It is also considered to be 
dependent on the chemical composition.  
The dynamic recrystallization is observed in alloys that undergo a low degree of dynamic 
recovery during high temperature deformation. The capacity for dynamic recrystallization also 
depends on the ease of migration of the grain boundaries, which increases as the purity of the 
metals is improved. The addition of solute atoms limits the ability of the metal to recover, thus 
increasing the tendency to dynamic recrystallization. The solute atoms may also hinder the 
migration boundaries, slowing down the rate of dynamic recrystallization. Consequently, the 
effect of the alloying elements is to delay the dynamic recrystallization. 
Dynamic recrystallization is observed for alloys with low SFE. 
A schematic representation of the flow curves is given in Figure V.10. From a microstructural 
point of view, the flow curve can be divided in three parts, which are strain and temperature 
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dependent. The first part, in which work hardening and dynamic recovery occur, is at low 
strains. The second part occurs at larger strains, where a steady state regime is reached. These 
two parts are separated by a transition zone, which is characterised by a decrease in the true 
stress due to the occurrence of the dynamic recrystallization. The dynamic recrystallization can 
take place in two different ways: single peak behaviour, that uses to occur at low temperatures 
and high strain rates, and multiple peaks or cyclic behaviour, that uses to occur at high 
















no recovery / no recrystallization
 
Figure V.10: Schematic representation of the flow curves. 
 
In the present study of the Fe-Mn binary alloys, the dynamic recrystallization already occurred 
before a strain of 1 was reached. The recovery and recrystallization modelling was therefore 
carried out in the range of strain from 0 to 1 as it is shown in Figure V.11 for Fe-10%Mn. 
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Figure V.11: Fitting of the experimental data for alloy Fe-10%Mn with equations. 
 
The austenite grain size influences the stress-strain curve. In this study, the austenite grain size 
has not been taken in account due to the fact all samples have been reheated at the same 
temperature (1250°C) for the same period of time. So, it was assumed that the initial grain size 
is the same for all the samples. 
 
The flow stress σ can be divided in two parts representing the recovery phenomenon and the 
recrystallization phenomenon. 
( ) rexdynedyn XX σσσ ⋅+⋅−= 1         (V.10) 
where σe is the recovery stress; σrex, the recrystallization stress and Xdyn, the fraction of 
dynamic recrystallization. 
The recovery stress, σe, and as well as the recrystallization stress, σrex can be fitted to the 
exponential equations eq. (V.11) and eq. (V.12) respectively.  
εσσ rsse e









a rxbrxrex rx expεσ &          (V.12) 
where σss is the steady flow stress (eq. (V.13)) and r is the recovery parameter (eq. (V.14)), ε&  
is the strain rate; T, the temperature in K, arx and brx are fitting parameters and Qrx represents 
the activation energy of the dynamic recrystallization. 
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σss, the steady state stress, represents the constant stress value obtained when the dynamic 











σεσ exp&         (V.13) 
where T is the temperature in K, ass and bss are fitting parameters and Qσss represents the 
activation energy for the steady state stress. 
 










ar rbr r expε&          (V.14) 
where T is the temperature in K, ar and br are fitting parameters and Qr is the activation energy 
for the recovery parameter. 
The parameters obtained for the steels studied in the present case are summarised in Table V.4. 
 
Table V.4: Determined values for parameters in recovery, eq. (V.13) and (V.14). 
 aσss bσss Qσss (KJ mol
-1) ar br Qr (KJ mol
-1) 
1%Mn 1.39 0.27 5666 9.75 -0.40 -1953 
5%Mn 0.55 0.23 6892 59.08 -0.46 -3611 
10%Mn 1.11 0.22 5991 31.48 -0.50 -2880 
15%Mn 2.17 0.27 5381 12.07 -0.55 -1638 
20%Mn 1.14 0.20 6190 290.97 -0.48 -5197 
 
The strain at which the dynamic recrystallization starts is the critical strain, εc. Normally the 
critical strain is lower than the peak strain, as the dynamic recrystallization starts before the 
peak stress is reached, so εc < εp. Below the critical strain εc, no dynamic recrystallization 
occurs and the only softening mechanism is dynamic recovery43, i.e. the first term in eq. (V.10).  
In order to determine experimentally the critical strain for dynamic recrystallization, the 
experimental stress-strain curves were fitted without using a predefined equation for the critical 
strain. From the critical strain values obtained via the fitting of the experimental data for every 
test, the critical strain was determined as the strain at which the recrystallization starts.  









a cbcc c expεε &         (V.15) 
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where T is the temperature in K, ac and bc are fitting parameters to be determined and Qc is the 
activation energy for the critical strain. 









exp1033.1 073.02 εε &        (V.16) 
The critical strain depends on the deformation temperature, the grain size, the strain rate and 
the chemical composition52. Herman et al.52 have published equations to determine the critical 
strain in the case of C-Mn steels. It is assumed that the C and the Mn content have an influence 
on the critical strain. Therefore, the calculation of the equations for the steels object of study 
has started with the determination of the critical values for the strain.  
The parameters for equation (V.15) in function of the Mn content of the binary alloy are given 
in Table V.5. 
Table V.5: Influence of Mn content on the parameters of equation (V.15). 
 ac bc Qc (KJ mol
-1) 
1%Mn 7.70⋅10-2 0.216 1906 
5%Mn 1.84⋅10-2 0.107 3922 
10%Mn 1.33⋅10-2 0.073 4432 
15%Mn 1.45⋅10-2 0.070 4399 
20%Mn 0.86⋅10-2 0.073 5205 
 
While increasing the Mn content, it is possible to observe an increase in the activation energy 
of the critical strain and a decrease in the other two parameters, which reflects a dependency 





















078.0 %170.0063.0εε &    (V.17) 
where T is the temperature in K, and %Mn is the Mn content in wt%. 
Figure V.12 shows the evolution of the critical strain at a temperature of 950°C and a strain 
rate of 0.1s-1 in function of the Mn content. Experimental values are compared with the eq. 
(V.15). Eq. (V.17) is also represented in order to compare with the experimental results. 
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Figure V.12: Evolution of the critical strain in function of the Mn content for 950°C and 0.1s-1. 
 
The influence of the C content present in the C-Mn steel studied by Herman et al.52 can be 
observed by comparing the critical strain for Fe-1%Mn alloy, which indicates an activation 
energy of 1906 KJ mol-1 and the proposed equations for C-Mn steels52, where the activation 
energy values reported are close to 7000 KJ mol-1. 
In order to reduce the number of variables on the expression for critical strain, the Zener-
Hollomon parameter was used instead of ε&  and T. The critical strain could be expressed by 
means of equation (V.18). The experimental conditions, i.e. T and strain rate, were reduced to 
the Z-parameter in order to determine the parameters ac-Z and bc-Z of equation (V.18). 
ZcZcc bZa −− −⋅= lnln ε         (V.18) 
The parameters for equation (V.18) in function of the Mn content of the binary alloy are given 
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Table V.6: Parameters of equation (V.18) for the Fe-Mn binary alloys. 
 ac-Z bc-Z 
1%Mn 0.114 3.544 
5%Mn 0.096 4.083 
10%Mn 0.108 4.073 
15%Mn 0.111 3.927 
20%Mn 0.129 4.124 
 






  Fe-1% Mn









Figure V.13: ln εc in function of ln Z. 
 
These alternative relations between the critical strain and the Mn content reveal that εc 
increases with increasing Mn content, except for the lower Mn content, Fe-1%Mn. The 
relation is given by eq. (V.19). 
( ) 4ln0855.0%0020.0ln −⋅+⋅= ZMncε        (V.19) 
Figure V.14 shows the comparison between the values obtained from equation (V.18) and 
(V.19) for the binary Fe-Mn alloys. The Fe-1%Mn alloy does not follow the relation given in 
equation (V.19). 
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Figure V.14: Comparison between the parameters obtained by fitting equation (V.18) to the 
experimental values of the critical strain and equation (V.19). 
 
When ε>εc, the dynamic recristallization starts and xdyn represents the fraction of dynamic 





















dynx        (V.20) 
where εc is the critical strain and ε50 is the strain where 50% of the dynamic recrystallization 
has taken place. Note that as ln (0.5) = -0.693, xdyn will be 0.5 when ε is equal to ε50. 
From the critical strain εc values obtained experimentally, the determination of the ε50 was 
made as the strain where 50% of the dynamic recrystallization was obtained. Alternatively, ε50 









a b 505050 exp50εε &          (V.21) 
where T is the temperature in K, a50 and b50 are parameters to be determined and Q50 
represents the activation energy of the 50% dynamic recrystallization. 
The parameters for equation (V.21) in function of the Mn content of the binary alloy are given 
in Table V.7. 
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Table V.7: Parameters of equation (V.21) for the Fe-Mn binary alloys. 
 a50 b50 Q50 (KJ mol
-1) 
1%Mn 3⋅10-3 0.207 5462 
5%Mn 0.13⋅10-3 0.240 9658 
10%Mn 0.4⋅10-3 0.189 8259 
15%Mn 0.31⋅10-3 0.243 9010 
20%Mn 0.25⋅10-3 0.386 9465 
 
From Table V.7, it is clear that the activation energy for the strain where 50% of the dynamic 
recrystallization has occurred is about 9098 KJ mol-1. The binary alloy Fe-1%Mn has an 
activation energy around 5500 KJ mol-1. 
 
In order to reduce the number of variables in the expression for ε50, the Zener-Hollomon 
parameter was used instead of ε&  and T. ε50 can be expressed by means of equation (V.22). 
The experimental conditions, i.e. T and strain rate, were reduced to the Z-parameter in order 
to determine the parameters a50-Z and b50-Z of equation (V.22). 
ZZ bZa −− −⋅= 505050 lnln ε         (V.22) 
The parameters for equation (V.22) in function of the Mn content of the binary alloys are given 
in Table V.8. 
 
Table V.8: Parameters of equation (V.22) for the Fe-Mn binary alloys. 
 a50-Z b50-Z 
1%Mn 0.200 5.873 
5%Mn 0.232 9.049 
10%Mn 0.285 9.565 
15%Mn 0.358 10.612 
20%Mn 0.302 8.974 
 
The equations in Table V.8 are shown in Figure V.15. There is an increase in the slope and in 
the independent term of equation (V.22) with increasing the Mn content. The steel with the 
highest Mn content does not follow this tendency.  
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Figure V.15: ln ε50 in function of ln Z. 
 
The equations in Table V.8 can be summarised in eq. (V.23) where the strain at 50% of 
dynamic recrystallization is related to the Mn content of the steel. 
( ) ( )1683.6%3407.0ln1759.0%0121.0ln 50 +⋅−⋅+⋅= MnZMnε    (V.23) 
The recrystallization stress, eq. (V.12), could be determined by fitting the experimental data to 
eq. (V.10). The parameters arx and brx and the activation energy for recrystallization Qrx 
obtained for the Fe-Mn alloys are listed in Table V.9. 
 
Table V.9: Determined values for parameters in recrystallization, eq. (V.12). 
 arx brx Qrx (KJ mol
-1) 
1%Mn 3.13 0.109 3866 
5%Mn 2.09 0.006 4561 
10%Mn 17.06 0.005 1766 
15%Mn 8.36 0.128 2783 
20%Mn 1.80 0.426 5094 
 
The equation for σrx in Table V.9 for the Fe-1%Mn binary alloy can be compared to the one 
reported for C-Mn steels. The activation energy and strain rate exponent are similar in both 
cases, ~3500 KJ mol-1 and 0.1, respectively. The constant parameter has a value of 0.8 for the 
C-Mn steel and 3.13 in the present case. This difference reflects the pronounced influence of 
the C content. 
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Figure V.16 illustrates the influence of the temperature on the xdyn for the binary alloy Fe-
10%Mn at a fixed strain rate of 0.1/s. When increasing the temperature at a constant strain 
rate, the recrystallization phenomenon becomes faster, so less strain is needed to obtain a 
completely recrystallized microstructure. 
 
















Figure V.16: Temperature-dependence of xdyn for Fe-10%Mn. 
 
The influence of the Mn content, Figure V.17, on the xdyn is not clear. At a low constant strain 
rate, xdyn behaves similarly at a fixed temperature for all five compositions studied, while at a 
high strain rate, the dynamic recrystallization seems to be related to the Mn content present in 
the steel. The recrystallization at a constant strain rate and at low temperatures is faster when 
the Mn content increases, while at a constant strain rate and at high temperatures the 
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(c)       (d) 




The main conclusions are: 
- The Fe-Mn binary alloys show a dynamic recristallization. The recrystallization is of a 
single peak type for all the Mn contents except Fe-1%Mn, which shows a cyclic 
dynamic recrystallization. 
- The activation energy of the hot working, QHW, is a function of the Mn content. The 
solution strengthening effect of the Mn is only observed at low Mn contents (<10%Mn) 
resulting in higher QHW values. At high Mn contents (>10%Mn), a decrease in QHW is 
observed, i.e. a softening. 
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- The activation energy QHW of the binary Fe-Mn alloys is much lower than the activation 
energy of the austenitic stainless steels, due to the presence of other alloying elements 
in stainless steels, Cr and Mo, which increase the activation energy much more than 
Mn. 
- Alloying elements, e.g. Mn, tend to delay the dynamic recrystallization, which is 
observed for alloys with low SFE. 
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CHAPTER VI 
 
Fe-Mn-Cr Martensitic Stainless Steels 
 
VI.1 Introduction 
Since Cr is a ferrite-forming element, consequently, an increase of the Cr content increases the 
ferrite content. The alloys containing 16 to 19%Cr and 6 to 12%Ni due to an adequate heat 
treatment remain fully austenitic down to room temperature.  
As stated earlier, Cr passivates the steel. Consequently, an increase of the Cr content increases 
the corrosion resistance of the steel. Furthermore, the Cr content improves the oxidation 
resistance at higher temperatures. 
Compared to the interstitial alloying elements C and N, Cr and the other substitutional 
elements such as Si and Mo have a moderate solid solution hardening effect. Ohkubo et al. 1 
show that an increase of 0.01mass%N or 0.01mass%C in a Fe-17Cr-12Ni-0.8Mn alloy result 
in an increase of 8% in the hardness HV10 in comparison to the increase of 5% obtained for an 
increase of 1mass% of Cr. Nevertheless, the 0.2% proof stress Rp0.2 and the tensile strength Rm 
of a steel is increased by Cr1. Cr in the range of 12 to 22% has only a small, but important, 
strengthening effect on low-carbon chromium steels. Lacy and Gensamer2 have listed the 
strengthening coefficient for chromium in iron as 9653kN/m2 per 1%Cr up to 42% Cr. 
In the present chapter, Ni-free Fe-8%Mn-Cr alloys were prepared in order to study the 
influence of the Cr content on the phase stability of the Fe-8%Mn binary system. The Mn 
content was fixed at 8%, which enlarges the γ region stability in comparison to the Fe-Cr 
binary system.  
The influence of the Cr content on the Fe-8%Mn alloy is illustrated in Figure VI.1. There is an 
austenite stable region between 700-1500°C, for Cr contents <15%. Increasing the Cr content 
or decreasing the temperature, a two-phase austenitic-ferritic microstructure is observed. 
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Figure VI.1: Fe-8%Mn-Cr pseudo binary phase diagram for 0%<Cr<20% calculated with Thermocalc. 
 
VI.2 Experimental procedure 
Five Ni-free Fe-Mn-Cr alloys were prepared for the present study. The alloys were cast in a 
laboratory induction furnace. The chemical composition of the alloys is given in Table VI.1. 
The main difference between the alloys is the Cr content. The Mn content ranged from 7.5% to 
8.5%. The other alloying elements such as e.g. C and N were kept within their lowest possible 
range. 
For the chemical composition, the Creq and Nieq of the Ni-free Fe-Mn-Cr austenitic stainless 
steels were calculated, using the following formulas3 from Figure I.1: 
 
NbTiMoSiCrCreq %%2%4.1%5.1% +⋅+⋅+⋅+=      (VI.1) 
( ) MnNCNiNieq %5.0%%30% ⋅++⋅+=       (VI.2) 
 
The Nieq is around 5, except for the Ni-free Fe8Mn15Cr, for which it is close to 6 as a result of 
its slightly higher Mn and N content. Of course, the Creq increases with the Cr content.  
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Table VI.1: Chemical composition in weight percent of the Ni-free Fe-Mn-Cr austenitic stainless steels. 
 C N Mn Cr Ni Mo Si Creq Nieq 
Fe8Mn3Cr (L105) 0.03 0.01 8.05 3.69 0.04 0.09 0.02 3.87 5.27 
Fe8Mn6Cr (L102) 0.03 0.0116 7.48 6.42 0.08 0.06 0.05 6.60 5.07 
Fe8Mn9Cr (L106) 0.03 0.0119 7.96 9.24 0.08 0.06 0.1 9.50 5.32 
Fe8Mn12Cr (L97) 0.03 0.0166 7.81 12.35 0.1 0.07 0.11 12.64 5.40 
Fe8Mn15Cr (L107) 0.03 0.0204 8.45 15.03 0.11 0.07 0.14 15.37 5.85 
 
Table VI.2 gives the calculated pitting resistance equivalent (PRE), Ms and Md30 temperatures 
for the five Fe-Mn-Cr stainless steels. The calculated PRE, Ms and Md30
4 were determined 
using the following empirical equations: 
NMoCrPRE %16%3.3% ⋅+⋅+=        (VI.3) 
( ) ( ) ( )













  (VI.5) 
 
As expected, the PRE-value increases with the Cr content. The Ms and Md30 temperatures are 
higher than room temperature, which implies that the Ni-free Fe-Mn-Cr stainless steels will 
have a martensitic microstructure at room temperature.  
 
Table VI.2: PRE, Ms (°C), Md30 (°C) temperatures of the Ni-free Fe-Mn-Cr stainless steels. 
 PRE Ms(°C) Md30(°C) Creq/Nieq 
Fe8Mn3Cr 4.15 314 360 0.73 
Fe8Mn6Cr 6.80 286 326 1.30 
Fe8Mn9Cr 9.63 245 283 1.79 
Fe8Mn12Cr 12.85 204 239 2.34 
Fe8Mn15Cr 15.59 158 195 2.63 
 
The studied Ni-free Fe-Mn-Cr stainless steels are represented in the DeLong diagram of Figure 
VI.2. The Fe8Mn3Cr, Fe8Mn6Cr and Fe8Mn9Cr compositions are located in the martensite 
range. The Fe-Mn-12%Cr alloy composition is located on the boundary between the 
martensite and the dual phase martensite-ferrite range. The Fe8Mn15Cr alloy composition is 
located in the two-phase martensitic-ferritic region.  
The chemical composition and thereby, the microstructure obtained will influence the 
properties of the Ni-free Fe-Mn-Cr steels. At high temperatures, the α’-martensitic or α’-
martensitic/ferritic microstructure transforms to austenite. 
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Figure VI.2: DeLong diagram containing the investigated Ni free Fe-Mn-Cr martensitic stainless steels 
(A: austenite, F: ferrite, M: martensite). 
 
The influence of Cr content on the stability of the austenite phase is presented in Figure VI.3. 
At higher temperatures, an increase in the Cr content results in a reduction of the austenite 
stability range. At low temperatures, there is no influence of the Cr content on the austenite 
stability. 
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Figure VI.3: Phase fraction evolution (in weight fraction) as a function of temperature for the 
investigated Ni-free Fe-Mn-Cr stainless steels. 
 
VI.2.1 Processing route 
The hot rolling of the Ni-free Fe-Mn-Cr stainless steels was carried out in the single austenite 
phase region. The temperature range of the processing was 1250°C-900°C. Fe8Mn3Cr, 
Fe8Mn6Cr and Fe8Mn9Cr were hot rolled in the fully austenitic region. Fe8Mn12Cr was 
processed mainly in the austenitic region: at higher temperatures, a duplex microstructure may 
have been present. Fe8Mn15Cr was fully processed in the two-phase austenitic-ferritic region. 
At the lower processing temperatures (<1000°C), the only phase in thermodynamical 
equilibrium is austenite. The microstructures present during processing are expected to 
influence the mechanical properties of the alloys. 
The Ni-free Fe-Mn-Cr alloys were processed as indicated in the schematic presented in Figure 
VI.4. The thermo-mechanical processing is the same as the one used for austenitic stainless 
steels of the 300 serie. The processing consisted of four steps: hot rolling, annealing at 1100°C 
for 15min after hot rolling, cold rolling and annealing at 1100°C for 15min after cold rolling. 
An initial rough rolling of 30% reduction was applied to as-cast blocks (300x170x40mm) to a 
thickness of about 26-28mm. In order to remove the oxide layer of the rough rolled sheets, 
they were steel blasted. The hot rolling to a total reduction of 80% was carried out after 
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reheating the sheets (226x115x26mm) at 1250°C for 1h. After air cooling, the hot rolled strip 
was annealed at 1100°C for 15min. The annealing treatment was followed by water quenching. 
A 50% cold rolling reduction was applied to the hot rolled and annealed steel. The 50% cold 
rolled Fe-Mn-Cr alloys were then annealed at 1100°C for 15min and subsequently water 
quenched. 
 
Figure VI.4: Schematic of the processing used for the Ni-free Fe-Mn-Cr stainless steels. 
 
VI.2.2 Rolling stress 
The rolling stress evolution during the hot rolling of the five Fe-Mn-Cr alloys is shown in 
Figure VI.5.  
There is no pronounced influence of the Cr content on the stress measured during the rolling. 
The effect of a duplex structure in Fe8Mn15Cr results in a slight decrease of the stress values 
in the temperature range when the two-phase microstructure is present, i.e. from 1150°C to 
975°C.  
There is an increase of the stress value as the temperature decreases, i.e. after each of the 
rolling passes. At about 975°C, a higher increase of the stress is observed with decreasing the 
temperature. 
From the Mean Flow Stress (MFS), given in Figure VI.6, it is clear that the five alloys behave 
similarly, except the Fe8Mn15Cr alloy, which shows slightly lower MFS-values at the 
temperatures corresponding to the two-phase stability range. At about 975°C, a higher 
increase in the MFS-value is observed at decreasing temperatures. This increase may be related 
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Figure VI.5: Stress evolution during hot rolling of the Ni-free Fe-Mn-Cr stainless steels. 
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VI.2.3 Hot torsion 
Figure VI.7 shows the stress-strain curves obtained at high temperature for a strain rate of 
0.5/s and temperature 950°C for the Ni-free Fe-Mn-Cr stainless steels. Not a clear tendency is 
observed. 























Figure VI.7: Hot torsion test results illustrating the effect of the Cr content on the hot deformation 
behaviour of Fe-Mn-Cr stainless steels. 
 
Table VI.3 lists the n, α, activation energy Q and lnA parameters for the Ni-free Fe-Mn-Cr 
stainless steels obtained from the experimental curves. An increase in the activation energy is 
observed with increasing the Cr content. 
 
Table VI.3: n, α, Q, ln A and A values obtained for the Ni-free Fe-Mn-Cr martensitic stainless steels 
object of study. 
 3% Cr 6%Cr 9%Cr 12%Cr 15%Cr 
n 3.94 4.67 4.18 2.84 6.02 
α 0.013 0.002 0.010 0.016 0.006 
Q (KJ mol-1) 278.39 254.18 303.59 404.53 523.71 
ln A 22.87 31.48 26.54 34.15 53.18 
A 8.53x109 4.72x1013 3.36x1011 6.81x1014 1.25x1023 
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The evolution of the lnZ in function of the Cr content is shown in Figure VI.8. No clear 
influence of the Cr content is observed.  























Figure VI.8: Evolution of ln Z in function of the Cr content. 
 
VI.3 Results and discussion 
VI.3.1 Microstructures of hot rolled Ni-free Fe-Mn-Cr alloys 
The microstructures of the hot rolled Ni-free Fe-Mn-Cr stainless steels are shown in Figure 
VI.9.  
The Fe8Mn3Cr, Fe8Mn6Cr, Fe8Mn9Cr and Fe8Mn12Cr alloys have a α’-martensitic 
microstructure. These four alloys were etched with Kalling’s (1.5g CuCl2, 33ml HCl, 33ml 
ethanol, 33ml H2O) reagent. The Fe8Mn15Cr has a two-phase microstructure with α’-












Fe8Mn3Cr / Martensite Fe8Mn6Cr / Martensite 
  
Fe8Mn9Cr / Martensite Fe8Mn12Cr / Martensite 
  
Fe8Mn15Cr / Ferrite + Martensite  
 
 
Figure VI.9: LOM micrograph of the microstructures of the Ni-free Fe-Mn-Cr alloys after hot rolling 
(→RD, longitudinal section). 
 
VI.3.2 XRD-analysis of the hot rolled Ni-free Fe-Mn-Cr alloys  
The determination of the phases present at room temperature was carried out by means of X-
Ray diffraction. Figure VI.10 shows the X-Ray diffractograms obtained for the hot rolled Fe-
Mn-Cr alloys. At low Cr contents, α’-martensite was the only phase observed. The α’-
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martensite peaks diffract in the same 2θ angle as the ferrite peaks; the difference between the 
α’-martensite and ferrite phase peaks cannot be done by means of XRD, but after 
microstructural analysis, one can state that the phase observed is α’-martensite. The 
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Figure VI.10: X-Ray diffractogram for the hot rolled Ni-free Fe-Mn-Cr alloys. 
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VI.3.3 Mechanical properties of the hot rolled Ni-free Fe-Mn-Cr alloys 
The presence of α’-martensite at room temperature after hot rolling has a pronounced 
influence on the mechanical properties of the Ni-free Fe-Mn-Cr alloys. The ultimate tensile 
strength for the Ni-free Fe-Mn-Cr austenitic stainless steels is high due to the presence of α’-
martensite. The ultimate tensile stress increases when the Cr content increases, except for the 
Fe8Mn15Cr alloy. The lower Rm-value of the Fe8Mn15Cr alloy can be explained by the two-
phase microstructure of the alloy.  
It is known that interstitial elements produce a very strong strengthening in comparison to the 
strengthening caused by substitutional elements. Consequently, the strength expected in the 
alloys, considering that the α’-martensite contains 300ppm of C, after applying equation (VI.6) 

















100         (VI.6) 












 is the lattice 
dilatation due to the presence of C in solution and cc is the concentration of C content in at%. 
The obtained strengths are slightly lower than the calculated values, probably due to a lower C 
content in the steel than the indicated 300ppm. 
The elongation (A50) at fracture of the five alloys is very low, i.e. less than 10%. There is an 
increase in the elongation with increasing Cr content, except for the Fe8Mn6Cr alloy, where 
the elongation obtained is similar to the one of the Fe8Mn12Cr alloy. 
The low elongations influence the RmxA-value. With 1249MPa, Fe8Mn3Cr has the lowest 
RmxA-value. This value increases to 10275MPa for the Fe8Mn15Cr alloy, which presents a 
two-phase ferritic-α’-martensitic microstructure. The low elongation of the Fe8Mn9Cr alloy 
results in a low RmxA-value for that alloy too, which is slightly higher than 2000MPa. 
 
Fe-Mn-Cr Martensitic Stainless Steels 
252 

































Figure VI.11: Stress-strain curves of the hot rolled Ni-free Fe-Mn-Cr alloys. 
Table VI.4: Stress-strain values for the hot rolled Ni-free Fe-Mn-Cr alloys. 
 Rm (MPa) A (%) RmxA (MPa) 
Fe8Mn3Cr 986 1.2 1249 
Fe8Mn6Cr 1070 6.6 7072 
Fe8Mn9Cr 1076 2.1 2299 
Fe8Mn12Cr 1148 7.7 8869 
Fe8Mn15Cr 1039 9.9 10275 
 
VI.3.4 Microstructures of the hot rolled and annealed Ni-free Fe-Mn-Cr alloys 
Figure VI.12 shows the optical microstructures of the hot rolled and annealed for 15min at 
1100°C Ni-free Fe-Mn-Cr stainless steels. 
The microstructure observed for the Fe8Mn3Cr, Fe8Mn6Cr and Fe8Mn9Cr alloys consists of 
only α’-martensite. The Fe8Mn3Cr and Fe8Mn6Cr alloys have huge grain sizes. The original 
parent γ grain boundaries can be determined from the lath size. For Fe8Mn9Cr, the grain size 
cannot clearly be determined due to a slight etching of the grain boundaries. 
The Fe8Mn12Cr alloy mainly has a α’-martensitic microstructure, with some small islands of 
ferrite. The ferritic phase is elongated in the rolling direction. The grain size within the α’-
martensite is difficult to determine from the different direction of the laths of α’-martensite. 
The Fe8Mn15Cr alloy has a two-phase α’-martensitic– ferritic microstructure. The grain size 
of both phases is about 5µm.  
  Chapter VI 
  253 
The annealing process has an influence on the final microstructures. For low Cr contents, the 
α’-martensite is present as large laths after the annealing process. The Fe8Mn12Cr alloy also 
has a lath martensitic structure. The presence of a second phase, α-ferrite, is more pronounced 
after annealing. 
The Fe8Mn15Cr alloy shows an entirely different microstructure. After hot rolling, the optical 
microstructure contains two phases, with large differences in grain size and phase fraction. 
After annealing, small grains are visible and the differentiation between both phases, α’-

























Fe-Mn-Cr Martensitic Stainless Steels 
254 
 
Fe8Mn3Cr / Martensite Fe8Mn6Cr / Martensite 
  
Fe8Mn9Cr / Martensite Fe8Mn12Cr / Martensite 
  
Fe8Mn15Cr / Ferrite + Martensite  
 
 
Figure VI.12: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after hot 
rolling and annealing for 15 minutes at 1100°C followed by water quenching (→RD, longitudinal 
section). 
 
VI.3.5 XRD-analysis of the hot rolled and annealed Fe-Mn-Cr steels 
Figure VI.13 shows the X-Ray diffractograms of the hot rolled and annealed (1100°C for 
15min) Ni-free Fe-Mn-Cr alloys. There is no difference in the peaks intensities between the 
alloys with Cr content up to 12%Cr. The Fe8Mn15Cr alloy has a small amount of ε-martensite, 
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which can be inferred from the presence of the {101}ε peak. This small amount of ε phase was 
not observed by light optical microscopy.  
After annealing the Fe8Mn15Cr alloy, the small amount of γ phase observed after hot rolling 
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Figure VI.13: X-Ray diffractogram for the hot rolled and annealed (15 minutes at 1100°C) Fe-Mn-Cr 
alloys. 
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VI.3.6 Mechanical properties of hot rolled and annealed Ni-free Fe-Mn-Cr alloys 
The mechanical properties of the hot rolled and annealed for 15min at 1100°C alloys are listed 
in Figure VI.14 and Table VI.5.  
The Fe8Mn3Cr alloy has a very low ultimate tensile strength, though it is composed from α’-
martensite, which is characterised by higher strengths. The reason for these low values can be 
attributed to the defects or small cracks that were present in the tensile test samples, which 
provoke the very early fracture of the tensile test sample.  
The Rm-value increases with the Cr content up to 12%Cr, where Rm reaches a value higher 
than 1000MPa. At higher Cr content, the ultimate tensile strength is slightly lower than 
1000MPa, due to a two-phase α’-martensitic–ferritic microstructure.  
The elongation is very small in all cases, which results in relatively poor RmxA-values. The 
Fe8Mn3Cr has an elongation of 0.2%, which indicates a brittle behaviour of the alloy. An A50-
value slightly larger than 1% is obtained for the Fe8Mn6Cr and Fe8Mn9Cr alloys. This is due 
to the high amount of α’-martensite present in the alloy. The Fe8Mn12Cr alloy has a more 
substantial elongation of 6%, which can be explained from the effect of the ferrite phase in the 
microstructure.  
For the Fe8Mn15Cr alloy, the elongation is close to 10%. This higher elongation value is due 
to the two-phase microstructure of the alloy.  
The RmxA-value is mainly influenced by the values of the maximum elongation A50. 
Consequently, the Fe8Mn3Cr has the lowest RmxA-value; the Fe8Mn6Cr and Fe8Mn9Cr have 
similar RmxA-values, which are lower than the RmxA-value obtained for the Fe8Mn12Cr and 
the Fe8Mn15Cr alloys. The Fe-Mn-Cr alloy with the highest Cr content has the largest RmxA-
value, which its mainly due to its high elongation. 
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Figure VI.14: Stress-strain curves of hot rolled and annealed (15 minutes at 1100°C) Ni-free Fe-Mn-Cr 
alloys. 
Table VI.5: Stress-strain values for hot rolled and annealed Ni-free Fe-Mn-Cr alloys. 
 Rm (MPa) A (%) RmxA (MPa) 
Fe8Mn3Cr 121 0.2 33 
Fe8Mn6Cr 795 1.3 1032 
Fe8Mn9Cr 869 1.4 1210 
Fe8Mn12Cr 1068 6.1 6561 
Fe8Mn15Cr 991 9.6 9495 
 
VI.3.7 Microstructures of the cold rolled Ni-free Fe-Mn-Cr alloys 
The optical microstructures of the Ni-free Fe-Mn-Cr alloys after 50% cold rolling reduction 
are given in Figure VI.15. A large difference is observed between the microstructures of all 
alloys. 
The Fe8Mn3Cr alloy has a α’-martensitic microstructure. The martensite laths are almost 
distinguishable. 
The microstructure of the Fe8Mn6Cr alloy consists of α’ lath martensite. The width of α’-
martensite laths is not uniform. At higher Cr content, the microstructure is fully martensitic. 
The laths are slightly larger in the case of the Fe8Mn9Cr.  
The Fe8Mn12Cr alloy has a two-phase α’-martensitic and ferritic microstructure. The α phase 
is slightly elongated in the rolling direction.  
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A two-phase microstructure, α’-martensite and ferrite, is also observed for the Fe-Mn-Cr alloy 
with 12%Cr content. The grains are slightly elongated in the rolling direction. The grain size is 
between 10 and 20µm. 
 
Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.15: LOM micrograph of the microstructures of the Ni-free Fe-Mn-Cr alloys after 50% cold 
rolling (→RD, longitudinal section). 
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VI.3.8 XRD-analysis of cold rolled Ni-free Fe-Mn-Cr alloys 
Figure VI.16 review the X-Ray diffractograms for the 50% cold rolled Ni-free Fe-Mn-Cr 
alloys. The only diffraction peaks recorded are the ones representing α’-martensite. This phase 
diffracts very close to the 2θ angles of α-ferrite. The distinction between α and α’-martensite 
cannot therefore be made by X-Ray measurements.  
The highest intensity is observed for the {112}α peak for most Fe-Mn-Cr alloys, except the 
Fe8Mn6Cr, which has the highest intensity for the {110}α peak. The Fe8Mn3Cr and the 
Fe8Mn12Cr alloys have similar intensity for the {200}α and the {112}α peaks. 
 
























Figure VI.16: X-Ray diffractogram for the 50% cold rolled Ni-free Fe-Mn-Cr alloys. 
 
VI.3.9 Mechanical properties of cold rolled Ni-free Fe-Mn-Cr alloys 
The mechanical properties of the 50% cold rolled Ni-free Fe-Mn-Cr austenitic stainless steels 
could only be obtained for the Fe8Mn12Cr and the Fe8Mn15Cr alloys. The alloys with lower 
Cr content failed during cold rolling. Only small specimens were retrieved for microstructural 
analysis. The remaining tensile test curves are plotted in Figure VI.17 and the mechanical 
properties are listed in Table VI.6. 
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The ultimate tensile strength of the cold rolled Fe8Mn12Cr alloys was 1285MPa. It is higher 
for the 15%Cr alloy, which has a two-phase microstructure. The high value for the Rm-value is 
mainly due to the presence of the α’-martensite phase. 
The elongation is about 1%. Consequently, the RmxA-value is strongly dependent on the Rm-
value.  
The yield stress of Fe8Mn12Cr is quite close to its ultimate tensile stress, which indicates that 
the inhomogeneous elongation is very small. The Fe8Mn15Cr has a slightly larger 
inhomogeneous elongation, which can be seen from a larger difference between the yield stress 
and the ultimate stress for such alloy. 
 




















Figure VI.17: Stress-strain curves of the 50% cold rolled Ni-free Fe-Mn-Cr alloys 
Table VI.6: Stress-strain values for the cold rolled Ni-free Fe-Mn-Cr alloys. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
Fe8Mn3Cr N.A. N.A. N.A. N.A. 
Fe8Mn6Cr N.A. N.A. N.A. N.A. 
Fe8Mn9Cr N.A. N.A. N.A. N.A. 
Fe8Mn12Cr 1271 1285 0.9 1098 
Fe8Mn15Cr 1218 1331 1.0 1340 
(N.A.: not available) 
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VI.3.10 Microstructure evolution during cold rolling 
The microstructural evolution during cold rolling was studied in the range of 10% to 50% 
rolling reduction after an incremental reduction of 10%. The microstructure evolution is shown 
in Figure VI.18, Figure VI.19, Figure VI.20, Figure VI.21 and Figure VI.22.  
The Fe8Mn3Cr alloy shows an evolution of its microstructure during cold rolling reduction. 
α’-martensite is present after all cold rolling reductions. After 10% cold rolling reduction, the 
microstructure seems to consist of two phases since the different appearance of the α’-
martensite laths. An increase of the α’-martensite lath packets is observed when the cold 
rolling reduction increases. After 50% cold rolling reduction, the microstructure shows a fully 
α’-martensitic microstructure.  
The Fe8Mn6Cr alloy shows a lath martensitic microstructure for all cold rolling steps. The 
laths of the α’-martensite appear to become smaller when the cold rolling reduction increases, 
except for the 30% cold rolled reduction. 
The Fe8Mn9Cr alloy also shows a α’ lath martensitic microstructure for all cold rolling 
reductions. The lath packets of the α’-martensite seem to become larger and more elongated in 
the rolling direction when the cold rolling reduction increases.  
At 12%Cr, the Fe-Mn-Cr alloy has a second phase in the microstructure. This second phase 
seems to increase its fraction in function of the degree of cold rolling reduction. The second 
phase is also more elongated in the rolling direction for higher cold rolling reductions. The 
laths packets of α’-martensite seem not to be largely modified with the cold rolling process. At 
50% cold rolling reduction, the α’-martensite laths become more difficult to observe; this may 
be due to a too soft etching practice. 
At higher Cr contents, the microstructure observed is a two-phase α’-martensite – ferrite. This 
microstructure is present during all the cold rolling process. The grain size appears to increase 
when the cold rolling reduction increases. At higher cold rolling reductions, the grains are 
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Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.18: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after 10% cold 
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Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.19: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after 20% cold 
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Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.20: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after 30% cold 
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Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.21: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after 40% cold 
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Fe8Mn3Cr / martensite Fe8Mn6%Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.22: LOM micrographs of the microstructures of the Ni-free Fe-Mn-Cr alloys after 50% cold 
rolling (→RD, longitudinal section). 
 
VI.3.11 Phase stability during cold rolling 
The evolution of the phase composition during cold rolling of the Ni-free Fe-Mn-Cr alloys was 
determined by X-Ray diffraction. The mechanism that will influence the diffraction peak 
intensities as a result of cold rolling is the texture formation and the peak broadening. Phase 
transformations are not possible during cold rolling. 
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Figure VI.23 shows the evolution of the diffraction peaks caused by cold rolling of the Ni-free 
Fe8Mn3Cr alloy. Increasing the cold rolling degree results in an increase of the relative 
intensity of the {200}α and {112}α diffraction peaks. The {110}α diffraction peak intensity 
decreases with cold rolling reduction. The {220}α diffraction peak intensity is not modified by 
cold rolling reduction.  
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The evolution of the diffraction peak intensity during cold rolling of the Fe8Mn6Cr is given in 
Figure VI.24. The relative intensity of the {110}α and {220}α diffraction peak intensity is not 
modified by cold rolling. The {200}α and {112}α diffraction peak intensity increases with the 
cold rolling degree. 
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Figure VI.25 gives the evolution of the relative intensity of the diffraction peaks for the 
Fe8Mn9Cr alloy. The relative intensity of the {220}α diffraction peak is not modified by cold 
rolling. The relative intensity of the {110}α diffraction peak is also not modified during the 
cold rolling reduction up to a total cold rolling degree of 40%. Between 40% cold rolling 
reduction to 50% cold rolling reduction, a decrease in the intensity of the {110}α diffraction 
peak is observed.  
The {200}α and {112}α diffraction peaks intensity increases during cold rolling. 
 



































  Chapter VI 
  271 
The X-Ray diffractograms evolution during the cold rolling of the Fe8Mn12Cr alloy is shown 
in Figure VI.26. As it was observed with lower Cr contents, the relative intensity of the {220}α 
diffraction peak is not modified with the cold rolling degree. The relative intensity of the 
{110}α is not modified up to 30% cold rolling reduction. Between 30% to 50% cold rolling, 
the relative intensity of {110}α diffraction peak decreases by about 25%. The {200}α and 
{112}α diffraction peaks intensity increases during cold rolling. For the {112}α diffraction peak 
intensity, there is no modification of the intensity between 40% and 50% cold rolled reduction. 
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Figure VI.27 shows the evolution of the relative intensity of the X-Ray diffraction peaks of the 
Ni-free Fe8Mn15Cr alloy during cold rolling. The only diffraction peaks observed are from the 
bcc α and bcc α’-martensite that diffract in the same 2θ angle. No ε-martensite is observed; ε-
martensite was present in the hot rolled and annealed stage. 
The relative intensity of the {110}α diffraction peak is almost not modified during cold rolling. 
Only at 50% cold rolling reduction, the relative intensity of the {110}α peak decreases by 
about 25%. The {220}α peak intensity decreases during cold rolling.  
The relative intensity of the {200}α diffraction peak and {112}α diffraction peak increases. The 
largest increase in relative intensity is observed between the 40% and 50% cold rolling 
reduction. The {200}α diffraction peak intensity increases from 40% to 90% in the last 10% 
cold rolling reduction. The {112}α peak intensity increases 55% until 100%.  
 























Figure VI.27: X-Ray diffractogram evolution during cold rolling of the Ni-free Fe8Mn15Cr alloy. 
 
VI.3.12 Microstructures of cold rolled and annealed Ni-free Fe-Mn-Cr alloys 
The optical microstructures obtained after 50% cold rolling and annealing (15min at 1100°C) 
of the Ni-free Fe-Mn-Cr alloys are illustrated in Figure VI.28. 
Up to 12%Cr, the only phase observed in the Fe-Mn-Cr alloys is still α’-martensite. The 
Fe8Mn3Cr alloy has a α’-martensitic microstructure with very thin lath widths. The parent γ 
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phase boundaries can be identified on the basis of the different orientation of the α’-martensite 
laths.  
The Fe8Mn6Cr alloy has unclear grain boundaries, as the α’-martensite laths are more 
randomly distributed. The α’-martensite laths are wider for the Fe8Mn6Cr alloy than for the 
Fe8Mn3Cr alloy. Increasing the Cr content to 9%, the width of the α’-martensite laths packets 
decreases and they are less randomly distributed. The grain boundaries are not well defined for 
the Fe8Mn9Cr alloy.  
The Fe8Mn12Cr alloy has a α’-martensitic microstructure with a small fraction of second 
phase ferrite. The α phase is elongated in the rolling direction. The α’-martensite is present as 
thin bands, which are not elongated in the rolling direction.  
The Fe8Mn15Cr has a two-phase microstructure of α’-martensite and ferrite. The grains are 
slightly elongated in rolling direction. The grain size is between 10 and 20µm, as already 
observed after cold rolling. 
The annealing after the cold rolling has a pronounced effect on the microstructures of the Fe-
Mn-Cr alloys. The alloy with the lowest Cr content, i.e. Fe8Mn3Cr, has more clearly defined 
α’-martensite laths and the lath size seems to be largest.  
The Fe8Mn6Cr and Fe8Mn9Cr alloys have a similar microstructure before and after annealing. 
The α’-martensite laths have a similar width.  
A large influence of the annealing is observed for the Fe8Mn12Cr alloy. Before annealing, the 
bands of the α’-martensite were difficult to identify and large areas of second phase, probably 
ferrite, could be observed along the microstructure. After annealing, the α’-martensitic 
microstructure is easily identified and the ferrite phase is present as small, thin features 
elongated in the rolling direction.  
For the Fe-Mn-Cr alloy with higher Cr content, the annealing results mainly in a decrease of 
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Fe8Mn3Cr / martensite Fe8Mn6Cr / martensite 
  
Fe8Mn9Cr / martensite Fe8Mn12Cr / ferrite + martensite 
  
Fe8Mn15Cr / ferrite + martensite  
 
 
Figure VI.28: LOM micrograph of the microstructures of the Ni-free Fe-Mn-Cr alloys after cold 
rolling and annealing (15 minutes at 1100°C) (→RD, longitudinal section). 
 
VI.3.13 XRD-analysis of cold rolled and annealed Ni-free Fe-Mn-Cr alloys 
The X-Ray diffractograms for the Ni-free Fe-Mn-Cr alloys steels are given in Figure VI.29.  
The main phase observed is the α’-martensite and α phase for all the Fe-Mn-Cr alloys, which 
diffract in the almost identical 2θ angle. For the Fe8Mn15Cr alloy, a small amount of ε-
martensite can be detected. This ε-martensite was not observed after the 50% cold rolling 
stage.  
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The Fe8Mn15Cr differs from the lower Cr Ni-free Fe-Mn-Cr austenitic stainless steels. The 
{200}α diffraction peak shows the highest intensity for the Fe8Mn15Cr, whereas the {110}α or 
the {112}α diffraction peak intensity are the highest for the lower Fe-Mn-Cr alloys studied. 




























Figure VI.29: X-Ray diffractograms for cold rolled and annealed (15 minutes at 1100°C) Ni-free Fe-
Mn-Cr alloys. 
 
VI.3.14 Mechanical properties of cold rolled and annealed Ni-free Fe-Mn-Cr alloys 
The mechanical properties of the annealed cold rolled Ni-free Fe-Mn-Cr alloys were only 
studied for the Fe8Mn12Cr and for the Fe8Mn15Cr alloys. Due to the cold rolling failure, only 
small samples for microstructural analysis could be retrieved from the cold rolled alloys with 
lower Cr content. 
The mechanical properties are given in Figure VI.30 and in Table VI.7. The ultimate tensile 
strength is similar for the Fe8Mn12Cr and the Fe8Mn15Cr alloys, which indicates that there is 
almost no influence of the volume fraction of the second phase present in the alloy. The Rm-
value is about 1000MPa, due to the presence of α’-martensite.  
The elongation differs between both alloys. The Fe8Mn12Cr alloy has an elongation of 5%, 
whereas the Fe8Mn15Cr alloy has and elongation of 8%. The elongations are low in both 
alloys due to the presence of α’-martensite, though in the Fe8Mn15Cr alloy, the elongation has 
a larger value due to its two-phase microstructure. Consequently, the RmxA-value for the 
Fe8Mn15Cr alloy is larger than for the Fe8Mn12Cr alloy. 
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The effect of the annealing process on the mechanical properties can be determined by 
comparing Figure VI.17 and Table VI.6 and Figure VI.30 and Table VI.7. The annealing 
process results in a decrease of the ultimate tensile stress of about 200MPa for both alloys. 
This decrease is largely compensated by an increase of the elongation. Consequently, the 
annealing process results in an increase of the RmxA-value for both alloys. The increase of the 
RmxA-value is different and is strongly dependent on the increase of the elongation. 



















Figure VI.30: Stress-strain curves of the cold rolled and annealed (15 minutes at 1100°C) Ni-free Fe-
Mn-Cr alloys. 
 
Table VI.7: Stress-strain values for cold rolled and annealed Ni-free Fe-Mn-Cr alloys. 
 Rm (MPa) A (%) RmxA (MPa) 
Fe8Mn3Cr N.A. N.A. N.A. 
Fe8Mn6Cr N.A. N.A. N.A. 
Fe8Mn9Cr N.A. N.A. N.A. 
Fe8Mn12Cr 1074 4.8 5179 
Fe8Mn15Cr 1054 8.0 8380 
(N.A.: Not available) 
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VI.3.15 Phase transformation in Ni-free Fe-Mn-Cr alloys 
Dilatometric cycles for the Ni-free Fe-Mn-Cr martensitic stainless steels are presented in 
Figure VI.31. The room temperature α’-martensite transforms to austenite at high 
temperature. The phase transformation α’-martensite↔γ is observed for alloys with up to 
12%Cr. The Fe8Mn15Cr alloy does not reveal any phase transformation during the thermal 
cycling. 
The As temperature for the α’-martensite→γ transformation and the Ms temperature for the 
reverse γ→α’-martensite transformation are clearly visible as the discontinuous change of the 
thermal expansion coefficient. 
The Ms and As temperatures were calculated by fitting the Koistinen and Marburger’s 
equation5 to the experimental data: 
( )[ ]TMKf si −⋅−= exp1         (VI.7) 
where fi is the volume fraction of martensite formed at a temperature T below Ms and K is a 
rate constant, which is dependent on the austenite grain size and the cooling rate. 
T0 is defined as the temperature at which the ∆G = 0 between the two phases α’-martensite 
and γ involved in the transformation. The values for the T0 temperature were determined 




=          (VI.8) 
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Figure VI.31: Dilatational-temperature curves showing the phase transformations occurring during 
heating and cooling of Ni-free Fe-Mn-Cr alloys. 
 
The effect of the Cr content on the Ms, As and T0 temperatures is presented in Figure VI.32. 
An increase of the Cr content in the Fe-Mn-Cr alloys results in a decrease of the Ms 
temperature. The decrease of the Ms temperature is approximately 200°C for the Fe8Mn12Cr 
compared to the Fe-8%Mn alloy. The values for the Fe-8%Mn were calculated by 
extrapolating the data of the Fe-Mn binary system. 
An increase in the Cr content results in a slight decrease of the As temperature up to 9%Cr. 
The Fe8Mn12Cr has a higher As temperature than the Fe8Mn9Cr alloy.  
The dependence of Ms and As on the Cr content influences the T0 temperature evolution in 
function of the Cr content. The T0 temperature decreases with the Cr content, mainly due to 
the decrease observed for the Ms temperature. 
The hysteresis between the As and Ms temperatures during the thermal cycle is widened by the 
addition of Cr. This indicates that the presence of larger quantities of Cr makes the forward 
and the reverse phase transformation more difficult. Higher/lower temperatures have to be 
achieved to start the forward/reverse phase transformations. 
A comparison between the experimental transformation temperatures and the theoretical 
transformation temperatures obtained from Thermocalc calculations is given in Figure VI.33. It 
is observed that the As temperature experimentally determined coincides with the theoretical 
one for the range of 0% until 12%Cr. 
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Figure VI.32: Martensitic transformation starting temperature (Ms), austenitic transformation starting 
temperature (As), T0 and hysteresis evolution in function of the Cr content within the Ni-free Fe-Mn-Cr 
alloys. 

























Figure VI.33: Comparison between the As, Ms and T0 temperatures obtained experimentally from 
dilatometer data (open symbols) and the theoretical phase transformation temperatures obtained by 
Thermocalc, which account for systems in the equilibrium state. 
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The ferromagnetic transformation was also observed during thermal cycling. Figure VI.34 
shows the thermal cycle for Fe8Mn3Cr where the α’↔γ transformation is observed and the 
power related to the thermal cycle. The α’→γ transformation is observed at approximately 
650°C. At the same temperature, an increase in the power curve is observed, which indicates 
that the α’→γ transformation is an endothermic phase transformation. At around 700°C, a 
strong increase of the power is observed during heating. This increase is related to the 
ferromagnetic to paramagnetic transformation. While cooling, a large decrease in power is 
observed at around 700°C, which is also related to the reverse magnetic transformation. At 
around 300°C, a small decrease in the power is observed. This decrease corresponds to the 
γ→α’ phase transformation, which is exothermic. 































Figure VI.34: Thermal cycle for the Fe8Mn3Cr alloy showing the α↔γ transformation and the power 
related to the thermal cycle. 
 
Thermal cycling is known to stabilize the phase transformation temperatures. Therefore, 15 
thermal cycles were applied in succession and the As, Ms and T0 temperatures were determined 
for each cycle. Figure VI.35 shows the evolution of As, Ms and T0 temperatures during thermal 
cycling.  
The Ms temperature of the Fe8Mn3Cr alloy slightly increases during thermal cycling. The As 
temperature decreases slightly. The increase in the Ms temperature is compensated by the 
decrease in the As temperature. Therefore, the T0 temperature remains constant at 470°C. 
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The Fe8Mn6Cr has a similar behaviour as the Fe8Mn3Cr. The small increase in the Ms 
temperature observed during thermal cycling is compensated by the decrease in the As 
temperature. The T0 temperature remains almost constant.  
A slightly larger increase in the Ms temperature is observed during cycling the Fe8Mn9Cr alloy. 
This increase in the Ms temperature is compensated by a larger decrease in As temperature 
during thermal cycling, resulting in a stable T0 temperature for the Fe8Mn9Cr alloy. 
A different behaviour is observed for the Fe8Mn12Cr alloy. The Ms temperature increases by 
31°C during continuous thermal cycling. The As temperature also increases during thermal 
cycling. Consequently, the T0 temperature of the Fe8Mn12Cr increases by 26°C after fifteen 
thermal cycles.  
The transformation temperatures reach their stable value after very few thermal cycles. This 
can be observed in Figure VI.35, which gives Ms and As data for eleven identical successive 
thermal cycles. 
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VI.4 Conclusions 
The main conclusions of the present chapter are as follows: 
- Ni-free Fe-8Mn-Cr alloys mainly show a single α’-martensite phase for all Cr contents. 
The presence of Cr does not modify the phase observed in the binary Fe-Mn alloy. 
- No phase transformations were observed during processing, except for the Fe8Mn15Cr 
alloy, where a clear presence of ε-martensite was detected. Clearly, a small amount of 
the parent austenite phase transformed to ε-martensite, whereas most of the austenite 
transformed to a bcc α’-martensite phase. 
- The mechanical properties are characterized by the presence of the α’-martensite, 
which results in very high ultimate tensile strength in combination with very low 
ductilities. 
- The results presented in this chapter showed that the austenite stabilizing potential of 
Mn is much lower than the one of Ni. This, once more, underlines the Nieq and Creq of 
the DeLong diagram on a certain thermomechanical treatment.
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VII CHAPTER VI N-ALLOYED NI-FREE FE-MN-CR AUSTENITIC 
STAINLESS STEELS  
CHAPTER VII 
 
N-alloyed Ni-free Fe-Mn-Cr Austenitic Stainless Steels 
 
VII.1 Introduction 
The price of austenitic Cr-Ni stainless steels depends on both the Ni price, which is high, and 
the fluctuations of the Ni price, which are often unpredictable. In order to decrease both cost 
and price fluctuations, one can lower the alloying cost by replacing Ni by Mn. Mn enhances the 
stability of austenite and it increases the solubility of N in steel in contrast to Ni. The 
substitution of Ni by Mn increases the alloying range for N because Mn increases the solubility 
of N in liquid iron and in austenite1. On the other hand, Cr is needed as well.  
High Mn contents are often used together with high N contents. An additional advantage is the 
fact that N is a very cost effective austenite stabilizer2. N interstitially dissolves in the austenite 
lattice3. The solubility of N in pure iron at a constant 1
2
=Np bar is illustrated in Figure VII.1. 
The solubility of N in austenite is much higher than in ferrite due to the larger interstices of 
austenites compared to ferrites as indicated in Table VII.1. The solubility of N increases with 
the T and the N gas pressure, see Figure VII.2. Bezobrazov et al.4 proposed an empirical 
formula, eq. (VII.1), to calculate the N solubility taking in account the Cr content and the 
partial N pressure. The equation (VIII.1) was proposed for 1600°C and a p from 1 to 50bar. 
 
[ ] [ ] [ ] α
22
221 %%% NCrCrNFeFeCrFe pcNpcNN ⋅⋅+⋅⋅=−      (VII.1) 
 
where α=0.4-0.26⋅cCr, ci is the mass fraction of the i-th element (ci=[%i]/100). 
N is normally kept within a relatively narrow range of 0.025 to 0.045% unless intentionally 
added5.  
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Figure VII.1: Solubility of N in pure iron at 1
2
=Np bar
6, 7, 8, 9, 10. 
Table VII.1: Solubility of N in α and γ-iron11. 
 T (°C) Solubility (%wt) 
N in γ-iron 650 2.80 
 590 2.35 
N in α-iron 590 0.10 
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Figure VII.2: Solubility of N in liquid Fe-Cr alloys at 1600°C and different pressures after Bezobrazov 
et al.4. The experimental data are obtained by Torkhov et al.12 1-N solubility in pure iron according to 
Frehser and Kubisch13; 2 to 6 calculated solubility for 20, 50, 70, 90, 100% of Cr, respectively, 
according to Torkhov et al.12; 7 to 11-the calculations using eq. (VII.1). The dashed line 12 marks a 
limit for the validity of the Sieverts’ law: [ ] 21
2
% NFe pN =  
 
Alloying affects the temperature dependence of the nitrogen solubility in the liquid iron 
significantly1. Alloying with specific elements is the easiest way to increase the nitrogen 
solubility. Cu, Co, Ni, C and N decrease the solubility of N in molten steel, whereas Mo, Mn 
and Cr increase the solubility of N. Nb, V and Ti increase the N solubility, but they cannot be 
used due to the low solubility of the nitrides in the solid state. Except for Mn, the alloying 
elements that enhance the N solubility are ferrite stabilizers. Consequently, the solubility of N 
in Fe-Cr-Mn alloys is higher than in Fe-Cr-Ni alloys, due to the higher solubility of N in Mn 
alloyed steels. Cr significantly increases the N solubility in liquid steel and it has a lesser 
tendency for nitride formation in the solid state.  
At high contents, Ni, Co and Mn stabilize the austenite down to room temperature without 
forming nitrides. Of Ni, Co and Mn, Mn is the only element that increases the N solubility.  
The influence of the Cr content on the N solubility is given in Figure VII.3. The solubility of N 
increases with the Cr content. The influence of the Cr content on the N solubility is larger 
within the austenite phase than within the ferrite phase. 
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Figure VII.3: N solubility of Fe-Cr alloys in equilibrium with a N atmosphere of 1bar14. 
 
N is a much stronger austenite former and austenite stabilizer than Ni according to the Nieq 
formula, eq. (VII.3). Thus, N reduces the amount of δ-ferrite in Cr-Ni steels.  
C also acts as an effective austenite stabiliser. In austenite, C occupies the same interstitial sites 
as N; therefore, it lowers the N-solubility. The solubility for N is higher than for C in both 
ferrite and austenite irons, due to the smaller atomic size of N. The atomic radius of C and N 
are 0.077nm and 0.072nm, respectively. 
Generally, as a rule of thumb, the C content is usually kept in austenitic stainless steels in order 
to avoid carbide precipitation along grain boundaries and intercrystalline corrosion e.g. after 
welding. However a high C content is used to stabilize the austenite in wear resistant steels 
such as Hadfield manganese steel, Mn12C1.2, or non-magnetic steels, Mn18Cr4C0.5.  
The effect of N on the SFE depends on the basic chemical composition of austenitic steels. In 
CrMn steels, N reduces the stacking fault energy in austenite in the range up to 0.45%N. This 
leads to a high work hardening rate. The high work hardening rate is largely responsible for the 
combination of high strength and good toughness15 of austenitic stainless steels. In austenite, 
N, next to C, is the strongest (interstitial) strengthening element, which, due to the lattice 
strains, increases the hardness, the 0.2 proof stress (Rp0.2) and the tensile strength (Rm)
3. The 
room temperature tensile and yield strength are directly related to the nitrogen content. The 
high temperature strength is also enhanced by the presence of N and C. 
Figure VII.4 illustrates the influence of the N content on the ultimate tensile stress and the 
yield stress. Increasing the N content, an increase in the Rm and the Rp0.2 values is observed. 
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Figure VII.4: Effect of N on the yield stress Rp0.2 and ultimate tensile stress Rm of steel Cr18Ni16Mn10 
solution treated at 1150°C for 20min followed by water quenching16. 
 
Impact toughness increases simultaneously with yield strength in austenitic N alloyed steels, 
while the strengthening of austenitic steels by carbon is usually accompanied by a reduction in 
toughness17. In contrast to C, N austenitic steels retain a high fracture toughness at low 
temperatures. The lower is the temperature the more effectively N strengthens austenite. 
In contrast to C, interstitial N does not cause “sensitisation”, i.e. the occurance of 
intercrystalline corrosion. This becomes very interesting since due to the need of avoiding 
intergranular corrosion, C has to be limited to maximum 0.03%. High N contents have been 
reported to promote the formation of CrN. The solubility of N is clearly higher in austenites 
than in ferrites. Thus, reports of Cr nitrides precipitation are mainly limited to e.g. in the ferritic 
phase of high nitrogen alloyed duplex stainless steels. In the case of an austenitic stainless steel 
with a high nickel equivalent, i.e. with high Ni, Mn and N additions, austenite solidifies directly 
out of the melt due to the enlarged austenitic phase region. There is no δ-ferrite phase region 
which could lead to Cr nitride precipitates. Consequently, no Cr nitrides are formed. During 
welding high nitrogen austenites or duplex stainless steels suffer from N loss. To 
counterbalance this loss, N has to be added via the electrode filler material or via the protective 
gas.  
N also increases the corrosion resistance. In Cr-Mn steels, N was found to improve pitting 
resistance in 18Cr18Mn type steels. N also improves the general and the intergranular 
corrosion resistance. The beneficial effect of N is expressed by the higher coefficient for N in 
most PRE-formulas.  
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The alloying of austenitic steels with N has several advantages: (1) nitrogen is a more effective 
solid-solution strengthener than carbon and also enhances grain size (Hall-Petch) 
strengthening; (2) nitrogen is a strong austenite stabilizer thereby reducing the amount of 
nickel required for stabilization; (3) nitrogen reduces the tendency to form ferrite and 
deformation-induced α’ and ε martensites; (4) nitrogen has a greater solid-solubility than 
carbon, thus decreasing the tendency for precipitation at a given level of strengthening; and (5) 
nitrogen is beneficial for pitting corrosion resistance. 
Due to the above mentioned improvement of the mechanical properties of austenites and the 
austenitic phases of duplex stainless steels by nitrogen, the development of nitrogen alloyed 
steels has recently been given much attention. 
 
VII.2 Experimental procedure 
Seven N-alloyed Ni-free Fe-Mn-Cr alloys were prepared for the present study. The alloys were 
cast in a laboratory air induction furnace. The N was introduced via Mn(N). Their chemical 
composition is given in Table VII.2. The main difference between the alloys corresponds to the 
Cr content and the N content. A relation between the %N contained in the steel in function of 
the Cr content was observed. The higher the Cr content in the alloy, the higher the N content. 
The relation between the Cr content and the N solubility obtained is given in Figure VII.5.  
The Mn content was ranging between 7% and 8.5% and the alloying elements C and Ni were 
kept at the lowest possible content. 
For the chemical composition, the Creq and Nieq of the N-alloyed Ni-free Fe-Mn-Cr austenitic 
stainless steels were calculated, using the following formulas18: 
NbTiMoSiCrCreq %%2%4.1%5.1% +⋅+⋅+⋅+=      (VII.2) 
( ) MnNCNiNieq %5.0%%30% ⋅++⋅+=       (VII.3) 
The Creq mainly increases with the Cr content. The Nieq mainly increases in function of the N 
content from 3.8% for the alloy with lowest N content, which corresponds to the alloy with 
lowest Cr content, up to 13.5% for the alloy with highest N content, which corresponds to one 
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Table VII.2: Chemical composition in weight percent of the N-alloyed Ni-free Fe-Mn-Cr alloy. 
 C N Mn Cr Ni Mo Si Creq Nieq 
20Cr9Mn0.3N (L130) 0.03 0.27 8.56 20.25 0.13 0.08 0.16 20.62 13.35 
19Cr7Mn0.3N (L124) 0.03 0.29 7.37 19.11 0.15 0.05 0.15 19.43 13.47 
16Cr8Mn0.2N (L126) 0.03 0.18 7.73 16.16 0.11 0.05 0.12 16.43 10.34 
12Cr8Mn0.2N (L129) 0.03 0.22 8.06 12.26 0.1 0.05 0.08 12.47 11.54 
9Cr8Mn0.2N (L128) 0.03 0.19 8.32 9.57 0.09 0.04 0.05 9.72 11.00 
6Cr7Mn0.1N (L127) 0.03 0.12 7.06 6.16 0.09 0.04 0.06 6.32 8.15 
3Cr7Mn0.1N (L125) 0.01 0.11 6.59 3.68 0.05 0.03 0.02 3.77 6.85 














Figure VII.5: Dependency of the %N contained in the steel in function of the %Cr present in the steel. 
 
Table VII.3 gives the calculated PRE, Ms and Md30 temperatures for the present N-alloyed Ni-
free Fe-Mn-Cr alloys. The PRE, Ms and Md30 were determined using the following formulas
19: 
NMoCrPRE %16%3.3% ⋅+⋅+=        (VII.4) 
MoCuCrNiMnNCCM s %6%54%12%30%13%1230%810502)( ⋅−⋅−⋅−⋅−⋅−⋅−⋅−=°
           (VII.5) 
( ) MoNiCrMnSiNCCM d %5.18%20%7.13%1.8%2.9%%462497)(30 ⋅−⋅−⋅−⋅−⋅−+⋅−=°
           (VII.6) 
 
Note that the formula used for the calculation of the Ms temperature was determined for 
austenitic stainless steels 18%Cr-8%Ni and may have a limited use for the present steels.  
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The PRE-value increases with the Cr content mainly, as expected from the PRE formula. The 
influence of the N content on the PRE becomes important for higher N contents, which also 
correspond to alloys with higher Cr contents. 
The Ms temperature has values below 0°C for the 20Cr8Mn0.3N, 19Cr7Mn0.3N 
16Cr8Mn0.2N and the 12Cr8Mn0.2N alloys. One would expect no α’-martensite for these 
alloys at room temperature. The 9Cr8Mn0.2N has also a Ms temperature lower than room 
temperature, which can suggest that there will be no α’-martensite at room temperature. 
For the 6Cr7Mn0.1N and 3Cr7Mn0.1N alloys, the high value for the Ms temperature indicates 
that those alloys have a α’-martensitic microstructure at room temperature. 
 
Table VII.3: PRE, Ms (°C), Md30 (°C) temperatures of the N-alloyed Ni-free Fe-Mn-Cr alloys. 
 PRE Ms(°C) Md30(°C) Creq/Nieq 
20Cr9Mn0.3N 24.80 -211.14 7.01 1.54 
19Cr7Mn0.3N 23.93 -210.95 21.80 1.44 
16Cr8Mn0.2N 19.24 -44.71 110.82 1.59 
12Cr8Mn0.2N 15.90 -44.95 145.98 1.08 
9Cr8Mn0.2N 12.82 11.49 191.60 0.88 
6Cr7Mn0.1N 8.23 159.81 282.61 0.77 
3Cr7Mn0.1N 5.49 221.18 337.46 0.55 
 
The studied N-alloyed Ni-free Fe-Mn-Cr alloys are represented in the DeLong diagram of 
Figure VII.6. The position of the steels on the DeLong diagram gives an idea of the phases that 
are expected.  
The 20Cr8Mn0.3N lays in the duplex austenite-ferrite region, whereas the 19Cr7Mn0.3N lays 
in the boundary between the austenitic and the duplex austenitic-ferritic region. These two 
alloys will probably show a duplex microstructure. The 16Cr8Mn0.2N and the 12Cr8Mn0.2N 
alloys lay in the two-phase austenitic-martensitic region, whereas the 9Cr8Mn0.2N alloy is at 
the boundary between the two-phase austenitic-martensitic region and the martensitic. The 
6Cr7Mn0.1N and the 3Cr7Mn0.1N alloys lay in the martensitic region. 
The chemical composition and the microstructure will influence the properties of the N-alloyed 
Ni-free Fe-Mn-Cr alloys. At temperatures higher than 800°C, the α’→γ phase transformation 
will occur from the phase observed at room temperature (α’-martensite) to the austenite phase. 
The phase transformation at high temperature will not result in a 100% austenite due to the 
alloying elements present in the steel, which may stabilize the ferrite or the α’-martensite. This 
occurs for alloys with high Cr content. 
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Figure VII.6: Position of the N-alloyed Ni-free Fe-Mn-Cr alloys in the DeLong diagram. 
The phase stability as a function of the temperature for the N-alloyed Ni-free Fe-Mn-Cr alloys 
is given in Figure VII.7. 
Figure VII.7a illustrates the phase fraction evolution of the N-alloyed Ni-free Fe-Mn-Cr alloys 
that have a room-temperature α’-martensitic microstructure or a two phase α’-γ-
microstructure in the DeLong diagram. These alloys have a Cr≤12%. At high temperatures, the 
γ phase is stable in the 700°C-1300°C range. At temperatures>1300°C, the stability of the γ 
phase increases when the Cr content decreases; this is also related to the increase of the N/Cr 
ratio in the alloys. At lower temperatures, <600°C, a small influence of the Cr content is 
observed with the increase in Cr content. 
Figure VII.7b illustrates the phase fraction evolution of the N-alloyed Ni-free Fe-Mn-Cr alloys 
that have a two-phase γ-α or γ-α’ microstructure. Those steels have a Cr content >12%. The 
stability of the γ phase depends mainly on the %Cr content. Higher Cr contents lead to less 
austenite stability and the obtention of a two-phase γ-α microstructure. The 20Cr8Mn0.3N 
alloy does not have a fully γ stability range at any temperature. 
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Figure VII.7: Calculated equilibrium phase fraction evolution as a function of temperature for the 
investigated N-alloyed Ni-free Fe-Mn-Cr alloys. 
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VII.2.1 Processing Route 
The processing of the N-alloyed Ni-free Fe-Mn-Cr alloys was done by using the same 
conditions used for the Ni-free Fe-Mn-Cr alloys (Chapter VI), i.e. a hot rolling was directly 
applied after the solidification of the poured thin cast blocks. The temperature of the hot 
rolling process was 900°C-1250°C. This resulted in a processing in the single γ phase stability 
range for alloys with a Cr content <12%, i.e. 12Cr8Mn0.2N, 9Cr8Mn0.2N, 6Cr7Mn0.1N and 
3Cr7Mn0.1N alloys. The alloys with Cr content >12% were processed in part or entirely in the 
two-phase γ-α stability range. 
The different microstructures and processing conditions will influence the mechanical 
properties of the alloys. As the alloys were cast in the air induction furnace, the material 
obtained contained impurities. The direct hot rolling process applied after pouring the melt 
resulted in the rolling of the impurities and the rolling of the oxide layer create around the cast 
block. Therefore, the material is unhomogeneous and this can be observed from the larger 
spread of the mechanical properties. 
The 20Cr8Mn0.3N, 16Cr8Mn0.2N and 12Cr8Mn0.2N alloys were processed using the route 
indicated in Figure VII.8, which consisted in two steps: hot rolling and annealing at 1100°C for 
15min. The other N-alloyed Ni-free Fe-Mn-Cr alloys were only hot rolled. The hot rolling of 
alloys was carried out directly after the air casting of the material in compact thin ingots as 
explained in Chapter II. The cast blocks of 226x115x26mm were maintained at 1250°C for 
15min in order to perform the hot rolling at high temperatures and to reduce the temperature 
losses from the removing of the cast mould and the transportation from the casting induction 
furnace to the rolling mill. 
The hot rolling with a total reduction of 80% was carried out after maintaining the cast blocks 
of 226x115x26mm at 1250°C for 15min. After air cooling, an annealing at 1100°C for 15min 
was only applied at the 20Cr8Mn0.3N, 16Cr8Mn0.2N and 12Cr8Mn0.2N alloys. The 
annealing was followed by water quenching. 
The alloys with Cr content lower than 12% were not annealed due to the main phase is α’-
martensite as it could be expected from the DeLong diagram. Alloys with a Cr content higher 
than 12% were expected to have a two phase austenite-α’-martensite or austenite-ferrite 
microstructure. 
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Figure VII.8: Schematic of the hot rolling used for the processing of the N-alloyed Ni-free Fe-Mn-Cr 
alloys. 
 
VII.2.2 Rolling Forces 
The hot rolling stresses of the N-alloyed Ni-free Fe-Mn-Cr alloys are given in Figure VII.9. 
Figure VII.9a shows the evolution of the stress values obtained during hot rolling for the alloys 
with Cr content higher than 12%. Those alloys show a two phase austenitic-ferritic 
microstructure at high temperature. A tendency is observed for those two phase alloys: the 
larger the Cr content, the lower the stress at low rolling temperatures. 
Figure VII.9b shows the evolution of the stress values obtained during hot rolling for the alloys 
with Cr content lower than 12%. Those alloys mainly contain a single austenite phase 
microstructure at high temperature. A clear influence of the Cr content is observed on the 
stress needed for the hot rolling. The larger the Cr content, the higher the stress needed for the 
hot rolling process. 
There is an increase of the stress value while the temperature decreases, i.e. when the rolling 
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Figure VII.9: Stress evolution while hot rolling of the N-alloyed Ni-free Fe-Mn-Cr alloys (a) for alloys 
with two phases at high temperature, (b) for alloys with a single phase at high temperature. 
 
Figure VII.10a gives the MFS data for the alloys with Cr content higher than 12%. Contrary as 
it was expected from the stress values, there is not a clear relation between the MFS-values 
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and the Cr content of such alloys. The highest MFS-values correspond for the two phase 
austenitic-ferritic 19Cr7Mn0.3N alloy and the lowest MFS-values correspond to the two phase 
austenitic-ferritic 20Cr8Mn0.3N alloy.  
Figure VII.10b shows the MFS data for the alloys with Cr content lower than 12%. Except for 
the alloy with lower Cr content, i.e. 3%Cr, a dependence of the MFS on the Cr content is 
observed for the alloys with Cr content between 6 and 12%. 
The MFS value increases when the number of passes increases, which correspond to a 
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Figure VII.10: Mean flow stress evolution while hot rolling of the N-alloyed Ni-free Fe-Mn-Cr alloys 
(a) for alloys with two phases at high temperature, (b) for alloys with a single phase at high 
temperature. 
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VII.3 Results and discussion 
VII.3.1 Microstructures of hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys 
The microstructures of the hot rolled N-alloyed Ni-free Fe-Cr-Mn alloys are shown in Figure 
VII.11a. The etchant was (COOH)2⋅2H2O. 
The 20Cr8Mn0.3N alloy shows a two-phase austenitic-ferritic microstructure. Both phases 
seem to be in similar percentage. 47% austenite and 53% ferrite were quantified from the X-
ray diffractograms. 
The 19Cr7Mn0.3N alloy also has a two-phase γ-α microstructure. The percentage of ferrite 
phase (30%), which is the slightly darker phase on the micrograph, is smaller than the 
percentage of austenite (70%). 
A different microstructure is observed for the 16Cr8Mn0.2N alloy. The γ-α’ two-phase 
microstructure is also observed but the difference between both phases is not as clear due to 
the different etching procedure used (etchant: (COOH)2⋅2H2O). The α’-martensite is revealed 
within the grains of austenite. The phase observed at the grain boundaries is very likely as 
ferrite, expected from the position of the alloy composition in the DeLong diagram. 
The 12Cr8Mn0.2N alloy shows a two-phase γ-α’ microstructure. The difference between both 
phases is not as clear due to the etching (etchant: (COOH)2⋅2H2O). The α’-martensite is 
present within austenite grain.  
The 9Cr8Mn0.2N alloy has a two-phase γ-α’ microstructure. The austenite is possible to 
identify from the observation of some twins in the grains. The α’-martensite is observed within 
the austenite grains. 
The 12Cr8Mn0.2N and 9Cr8Mn0.2N alloys contain a small amount of ε-martensite, as 
detected by the X-Ray diffractograms, though it is not detectable by optical microscopy. 
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20Cr8Mn0.3N - α + γ 19Cr7Mn0.3N - α + γ 
  
16Cr8Mn0.2N - α’ + γ 12Cr8Mn0.2N - α’ + γ + ε 
  
Figure VII.11a: LOM micrograph of the microstructures after hot rolling of the N-alloyed Ni-free Fe-
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9Cr8Mn0.2N - α’ + γ + ε 6Cr7Mn0.1N - α’ 
  
3Cr7Mn0.1N - α’  
 
 
Figure VII.11b: LOM micrograph of the microstructures after hot rolling of the N-alloyed Ni-free Fe-
Mn-Cr alloys, with Cr content lower than 12% (→RD, longitudinal section). 
 
VII.3.2 Phase analysis of hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys 
The phase determination was done by means of room temperature X-Ray diffraction. Figure 
VII.12 and Figure VII.13 show the X-ray diffractograms obtained for the N-alloyed Ni-free 
Fe-Mn-Cr alloys. 
The Cr, Mn and N content of the alloys will determine their phase composition. Cr contents 
higher than 12% will result in the observation of the austenite peaks and the ferrite peaks. The 
ferrite peaks and the α’-martensite peaks diffract in almost the same 2θ angle and this 
overlapping makes the separate determination of the two phases difficult. The proportion of 
the α and γ phase can be determined from the intensity of the peaks. The 20Cr8Mn0.3N alloy 
has the {110}α peak with higher intensity in relation to the rest of the observed peaks for the α 
phase and for the γ phase. 
The 16Cr8Mn0.2N alloy also shows the diffraction peaks of the α phase and the γ phase. The 
intensity of the diffraction peaks of the γ phase is higher than the intensity for the diffraction 
peaks of the α phase; thus, one would expect more austenite phase than ferrite/α’-martensite 
phase. 
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The 19Cr7Mn0.3N alloy also shows the diffraction of both austenite and ferrite phases. The 
slightly higher intensities for the diffraction peaks of the austenite phase indicate that the 
austenite content will be higher than the ferrite content.  
At Cr contents lower than 12%, the α’-martensite phase is mainly observed. The 
12Cr8Mn0.2N alloy and the 9Cr8Mn0.2N alloy also contain small amounts of ε-martensite. 
For Cr contents lower than 6%, the only phase observed is the α’-martensite. 
All the alloys had the highest diffraction peak intensity for either {111}γ or {110}α. The highest 
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Figure VII.12: X-Ray diffractograms for the hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys with 
Cr>12% (a) 2θ range of 18-23° (b) 2θ range of 26-42°. 
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Figure VII.13: X-Ray diffractograms for the hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys with 
Cr≤12% (a) 2θ range of 18-23° (b) 2θ range of 26-42°. 
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VII.3.3 Mechanical properties of hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys 
The influence of the presence and content of different phases on the mechanical properties was 
investigated after the hot rolling of the N-alloyed Ni-free Fe-Mn-Cr alloys. 
There is a clear tendency on the mechanical properties as a function of the alloying elements, 
and a clear dependency on the phases present at room temperature. Higher Cr contents show a 
two phase microstructure, α or α’-martensite and γ, which results in high ultimate tensile stress 
in combination with considerable elongations. 
The highest ultimate tensile stress is observed for the 20Cr8Mn0.3N alloy, the 19Cr7Mn0.3N 
alloy and the 16Cr8Mn0.2N alloy. This increase in the Rm-value can be related to the high Cr 
content of those alloys, i.e. to the high N content. From Cr contents lower than 16%, the 
ultimate tensile strength is between 500-550MPa.  
The elongation reaches values between 10-20% for the high Cr content alloys and lower than 
3% for the rest of the N-alloyed Ni-free Fe-Mn-Cr alloys, i.e. for the alloys with Cr content 
lower than 12%, which mainly contain larger fractions of α’-martensite. 
The low elongation values result in low RmxA-values, less than 2000MPa for most of the alloys 
studied. The elongation values between 10% and 20% combined with higher Rm-values result 
in the highest RmxA-values for the N-alloyed Ni-free Fe-Mn-Cr alloys. The 20Cr8Mn0.3N 
alloy, the 19Cr7Mn0.3N alloy and the 16Cr8Mn0.2N alloy have RmxA-values in the range of 
10000-15000MPa. 
The yield stress has values lower than 100MPa for all the N-alloyed Ni-free Fe-Mn-Cr alloys, 
except for the 20Cr8Mn0.3N alloy, the 9Cr8Mn0.2N alloy and the 19Cr7Mn0.3N alloy, where 
the yield stress value stays between 250-600MPa. 
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Figure VII.14: Stress-strain curves of the hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys. 
Table VII.4: Stress-strain values for the hot rolled N-alloyed Ni-free Fe-Mn-Cr alloys. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
20Cr9Mn0.3N 87 696 ± 32 16.6 ± 4.4 11579 ± 3274 
19Cr7Mn0.3N 588 821 ± 25 18.5 ± 3.1 15239 ± 2981 
16Cr8Mn0.2N 360 763 ± 64 13.0 ± 1.1 9952 ± 1467 
12Cr8Mn0.2N 128 553 ± 86 1.1 ± 0.4 637 ± 312 
9Cr8Mn0.2N 429 506 ± 3 0.6 ± 0.03 306 ± 18 
6Cr7Mn0.1N 93 501 ± 57 2.6 ± 0.3 1282 ± 138 
3Cr7Mn0.1N 92 549 ± 96 2.4 ± 0.1 1331 ± 283 
 
VII.3.4 Microstructures of the hot rolled and annealed N-alloyed Ni-free Fe-Mn-Cr alloys 
Figure VII.15 shows the optical microstructures of the hot rolled and annealed for 15min at 
1100°C alloys with 20%Cr, 16%Cr and 12%Cr.  
The 20Cr8Mn0.3N alloy has a two-phase austenitic-ferritic microstructure. Within the 
austenite phase, one can observe recrystallized grains and annealing twins.  
The 16Cr8Mn0.2N alloy has a three-phase austenitic-α’-martensitic-ferritic microstructure. 
The austenite and α’-martensite are difficult to distinguish by optical microscopy. The 
distinction is done by X-Ray diffraction. Some austenite grains contain twins. The austenite 
grains are within the α’-martensite phase. The ferrite phase is presented as thin elongated 
bands in the rolling direction. 
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The 12Cr8Mn0.2N alloy has a three-phase austenitic-α’-martensitic-ε-martensitic 
microstructure. The three phases are difficult to identify by optical microscopy due to the 
etching agent used. Some austenite grains can be identified due to the presence of annealing 
twins. The α’-martensite and the ε-martensite are not easy to be identified. The distinction 
between the phases was done via X-Ray diffraction. 
The annealing process has a pronounced influence of the microstructure of the 20Cr8Mn0.3N 
alloy. The recrystallization of the austenite phase can clearly be observed. The ferrite phase 
seems to recrystallize too, but its grain boundaries are difficult to identify.  
The annealing process modifies the microstructure of the 16Cr8Mn0.2N alloy. The large grains 
observed after hot rolling can now be clearly differentiated as austenite and α’-martensite. The 
ferrite phase that was observed in the grain boundaries after hot rolling is now elongated into 
thin bands after the annealing process. 
The microstructures of the 20Cr8Mn0.3N alloy before and after annealing are similar. 
 
20Cr8Mn0.3N - α + γ 16Cr8Mn0.2N - α' + γ + ε 
  
12Cr8Mn0.2N - α' + γ + ε  
 
 
Figure VII.15: LOM micrograph of the microstructure after hot rolling and annealing for 15 minutes at 
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VII.3.5 Phase analysis of hot rolled and annealed N-alloyed Ni-free Fe-Mn-Cr alloys 
Figure VII.16 shows the X-Ray diffractograms of the hot rolled and annealed for 15min at 
1100°C alloys with 20%Cr, 16%Cr and 12%Cr.  
The 20Cr8Mn0.3N alloy shows the diffraction peaks of the austenite and ferrite phase.  
The 16Cr8Mn0.2N alloy has also a two-phase austenitic-ferritic microstructure. The presence 
of the {101}ε diffraction peak indicates the presence of small amounts of ε-martensite. This ε-
martensite phase was not present in the hot rolled state. The phase fraction obtained was 4.5% 
ε-martensite, 53% γ and 42.5% α’-martensite. 
The X-Ray diffraction of the 12Cr8Mn0.2N alloy shows the presence of α’-martensite, 
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Figure VII.16: X-Ray diffractogram for the hot rolled and 15 minutes annealed at 1100°C N-alloyed 
Ni-free Fe-Mn-Cr alloys (a) 2θ range of 18-23° (b) 2θ range of 26-42°. 
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VII.3.6 Mechanical properties of hot rolled and annealed N-alloyed Ni-free Fe-Mn-Cr alloys 
The mechanical properties of the N-alloyed Ni-free Fe-Mn-Cr alloys with 20%Cr, 16%Cr and 
12%Cr, after hot rolling and annealing at 1100°C for 15min, are reviewed in Figure VII.17 and 
Table VII.5. 
The ultimate tensile stress of the 20Cr8Mn0.3N alloy is around 660MPa. This alloy has a two-
phase austenitic - ferritic microstructure.  
The two-phase α’-martensitic - austenitic microstructure of the 16Cr8Mn0.2N alloy results in 
higher ultimate tensile stress values. This increase is due to the strain induced transformation of 
γ to α’-martensite that occurs during the tensile test. The initial microstructure already 
contains α’-martensite, but there is still 53% of austenite, which transforms to α’-martensite 
during tensile testing. 
The 12Cr8Mn0.2N alloy behaves in a different way as the 16Cr8Mn0.2N alloy. The lower 
austenite fraction and higher α’-martensite fraction present in the alloy result in lower ultimate 
tensile stress, as there is less phase transformation during tensile testing.  
The presence of α’-martensite results in higher ultimate tensile stress and the value is higher 
when more α’-martensitic transformation is observed during tensile testing, i.e. when more 
unstable austenite fraction is present. 
The elongation is larger for the duplex austenite-ferrite alloy. The A50-value is 37%. This 
elongation decreases when the α’-martensite is present in the microstructure. The elongation is 
larger for the alloy with less α’-martensite fraction due to more elongation is needed to 
transform a larger percentage of unstable austenite. The alloy with 12%Cr, which contains 
66.3% of α’-martensite has a very low elongation of 1.6%. 
The RmxA-value is largely influenced by the values of the elongation. As a consequence, the 
highest RmxA-value is obtained for the alloy with highest elongation, i.e. the 20Cr8Mn0.3N 
alloy. The decrease in elongation observed for the alloy with 16%Cr is slightly compensated 
with the ultimate tensile stress, and results in RmxA-values of 12000MPa. The combination of 
very low elongations and slightly low ultimate tensile stress results in very low RmxA-values 
for the 12Cr8Mn0.2N alloy. 
The yield stress has a different tendency than the ultimate tensile stress. The yield stress 
increases in function of the Cr content present in the alloy. The highest yield stress is observed 
for the alloy with 20%Cr. A slight decrease in the yield stress value is observed decreasing the 
Cr content until 16%. A larger decrease is observed for the alloy with a Cr content of 12%, 
which is the alloy with lower austenite content within the three annealed alloys. 
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Figure VII.17: Stress-strain curves of the hot rolled and annealed for 15 minutes N-alloyed Ni-free Fe-
Mn-Cr alloys. 
Table VII.5: Stress-strain values for the hot rolled and annealed N-alloyed Ni-free Fe-Mn-Cr alloys. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
20Cr9Mn0.3N 400 661 37.0 24436 
16Cr8Mn0.2N 346 878 13.6 12051 
12Cr8Mn0.2N 119 708 1.6 1174 
 
VII.3.7 Phase transformations in N-alloyed Ni-free Fe-Mn-Cr alloys 
The dilatometric cycles for five N-alloyed Ni-free Fe-Mn-Cr austenitic stainless steels are 
presented in Figure VII.18. There are different phases observed at room temperature, though 
the α↔γ and γ↔α’ transformations are the only phase transformations observed during a 
thermal cycle. The 12Cr8Mn0.2N alloy does not show any phase transformation during the 
thermal cycling. 
The ε-martensite ↔ γ phase transformation is not observed in the 12Cr8Mn0.2N and the 
9Cr8Mn0.2N alloy, as the fraction of ε-martensite phase is very small.  
The As temperature for the α’-martensite→γ transformation and the Ms temperature for the 
reverse γ→α’-martensite transformation are clearly visible due to the change in the thermal 
expansion coefficient. 
The Ms and As temperatures were calculated by fitting the Koistinen and Marburger’s 
equation20 to the experimental data: 
( )[ ]TMKf si −⋅−= exp1         (VII.7) 
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where fi is the volume fraction of the α’-martensite formed at a temperature T below Ms and K 
is a rate constant, which is dependent on the austenite grain size and the cooling rate. 
T0 is defined as the temperature at which the ∆G = 0 between the two phases involved in the 
transformation. 
The values for the T0 temperature were determined experimentally using the equation 




=           (VII.8) 
 























Figure VII.18: Schematic dilatational-temperature curve showing the phase transformations during 
heating and cooling of the N-alloyed Ni-free Fe-Mn-Cr alloys. 
 
The effect of the Cr content on the Ms, As and T0 temperatures is presented in Figure VII.19. 
The same relation is observed for the effect of the Creq/Nieq ratio on the Ms, As and T0 
temperatures. An increase in the Cr content results in a decrease of the As temperature and a 
large decrease of the Ms temperature. The decrease of the As temperature is about 70°C and 
the decrease of the Ms temperature is about 200°C. Consequently, an increase of the Cr 
content results in a decrease of 100°C in the T0 temperature.  
The hysteresis cycle between As and Ms increases with increasing Cr content, except for the 
alloys with the highest Cr content. This indicates that the presence of larger quantities of other 
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alloying elements makes the forward and the reverse phase transformation more difficult and 
that higher or lower temperatures are required to start the phase transformation. 
A comparison between the experimental transformation temperatures and the theoretical 
transformation temperatures obtained from the Thermocalc calculations is given in Figure 
VII.20. It is observed that the As temperature experimentally determined coincides with the 
theoretical one for the range of 3% until 9%Cr and for the 16%Cr.  
 





























Figure VII.19: Ms,  As, T0 and hysteresis evolution in function of the %Cr content present in the N-
alloyed Ni-free Fe-Mn-Cr alloys. 
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Figure VII.20: Comparison between the As, Ms and T0 temperatures obtained experimentally from the 
dilatometer data (open symbols) and the theoretical phase transformation temperatures obtained by 
Thermocalc. 
 
The ferromagnetic transformation was also observed during thermal cycling.  
Figure VII.21 shows dilatometric data for 6Cr7Mn0.1N where the α’↔γ transformation is 
observed and the power related to the thermal cycle. The α’→γ transformation is observed at 
about 660°C. At the same temperature, an increase in the power curve is observed, which 
indicates that the α’→γ transformation is an endothermic phase transformation. At about 
700°C, a high increase of the power is observed during heating. This increase is related to the 
ferromagnetic to paramagnetic transformation. While cooling, a large decrease in power is 
observed at about 700°C, which is also related to the reverse magnetic transformation. At 
about 275°C, a decrease in the power line is observed. This decrease corresponds to the γ→α’ 
phase transformation, which is exothermic. 
Figure VII.22 shows the thermal cycle for the 12Cr8Mn0.2N alloy where no phase 
transformation is observed and the power related to the thermal cycle. At about 600°C, a large 
variation in the power is observed. This variation is related to the ferromagnetic to 
paramagnetic transformation. The forward and the reverse transformation occur at about the 
same temperature. 
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Figure VII.21: Thermal cycle for the 6Cr7Mn0.1N alloy showing the α’↔γ transformation and the 
power related to the thermal cycle. 






















Figure VII.22: Thermal cycle for the 12Cr8Mn0.2N alloy showing no transformation and the power 
related to the thermal cycle. 
Thermal cycling is known to stabilize the phase transformation temperatures. 15 thermal cycles 
were applied to the Ni-free Fe-Mn-Cr-N alloys with 3, 6, 9, 12 and 16%Cr content. The As, Ms 
and T0 temperatures were determined for every cycle. Figure VII.23 shows the evolution of the 
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As, Ms and T0 temperatures during thermal cycling for the steels with 3, 6, 9 and 16%Cr. The 
12Cr8Mn0.2N alloy does not show any phase transformation during thermal cycling due to the 
high %N.  
The Ms temperature of the 16Cr8Mn0.2N alloy increases in about 80°C during thermal cycling. 
The As temperature decreases in about 65°C during thermal cycling. The increase in the Ms 
temperature is compensated by the decrease in the As temperature. As a consequence, the T0 
temperature remains constant in the range of 400-410°C.  
The Ms temperature of the 9Cr8Mn0.2N alloy increases in about 50°C during thermal cycling. 
The decrease in the As temperature is about 20°C. The increase in the Ms temperature is not 
completely compensated by the decrease in the As temperature. Consequently, the T0 
temperature increases in about 15°C during thermal cycling. 
An increase of about 30°C is observed for the Ms temperature of the 6Cr7Mn0.1N alloy during 
thermal cycling. The As temperature slightly decreases during thermal cycling. The T0 
temperature, therefore, remains almost constant during all thermal cycling of the 6Cr7Mn0.1N 
alloy. 
The slight decrease of about 20°C in the As temperature during cycling and the slight increase 
of about 20°C in the Ms temperature during thermal cycling for the 3Cr7Mn0.1N alloy results 
in a constant T0 temperature of about 530°C. 
The transformation temperatures reach their stable value at higher cycles. It can be considered 
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The main conclusions of the present work are the followings: 
- An increase of the N solubility with the Cr content was observed 
- The combination of Cr, Mn and N of the alloys determine the phase composition of the 
alloys, as can be expected based on the DeLong diagram. For %Cr>12, the observed 
phases were austenite and ferrite; for 6<%Cr<12, the observed phases were α’-
martensite and ε-martensite; for %Cr>6, only α’-martensite was observed. 
- No clear tendency was observed for the mechanical properties after hot rolling. The 
ultimate tensile stress and the elongation increased with increasing Cr content for Cr 
contents higher than 16%, which also corresponded to an increase of the N content. 
The N content influences the stability of the austenite phase and the martensitic 
transformation.  
- After hot rolling and annealing, the phases observed for %Cr>20 were austenite and 
ferrite and this resulted in high RmxA-values of about 25000MPa. For 12<%Cr<16, 
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three phases, α’-martensite, ε-martensite and γ, were observed. Whenever the α’-
martensite was present, the ultimate tensile stress was high and the elongation low. 
This resulted in low RmxA-values. 
- An increase of the Cr content, up to 9%, resulted in a decrease of the Ms temperature 
and a slight decrease of the As temperature; therefore, the hysteresis of the thermal 
cycle increases with the Cr content. The alloy with 12% Cr did not show any phase 
transformation. This was very likely due to its high N content in comparison with the 
%Cr. 
- Thermal cycling resulted in a decrease of the As temperature and an increase of the Ms 
temperature; therefore, the variation in T0 is very small. In dilatometric tests, the 
transformation temperature was found to reach a stable value after the 11th cycle. 
.
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CHAPTER VIII 
 
C-N Synergy in Ni free Fe-Mn-Cr Austenitic Stainless Steels 
 
VIII.1 Introduction 
The further development of austenitic steel with high mechanical properties leads to the 
development of steels that contain interstitial alloying elements: C and N. C and N enhance the 
formation of austenite1.  
N is an interstitial solid solution alloying element, which reduces the stacking fault energy 
(SFE). A low SFE makes the cross-slip of dissociated dislocations more difficult and this, in 
turn, leads to higher work hardening rates. A high work hardening rate results in both higher 
strength and improved elongations2. As the product of strength and elongation is a measure for 
toughness, N-alloyed low stacking fault energy austenitic steels are expected to possess a 
better toughness. High nitrogen steels also contain higher manganese contents. This is done in 
order to enhance the solubility of nitrogen in the melt and in the solid state.  
The atomic sizes of C and N are sufficiently small in comparison to that of Fe to allow these 
elements to enter the pure α-iron and γ-iron as well as the α and γ phases of the iron-base 
alloys lattices as interstitial atoms. The N atom has a slightly lower radius than C, 0.72Å and 
0.77 Å respectively. For this reason, the solubility for N is higher than for C in both α and γ-
irons. The larger interstices of austenite lattice compared to ferrite allow a greater amount of N 
in solution. For this reason N can only be used as an alloying element only in austenitic steels3. 
The solubility of C and N in austenite is increased by Cr and Mn, as shown in Figure VIII.1. 
The effect of Cr is stronger than the effect of Mn, but the Cr is a ferritising element whereas 
the Mn is an austenitising element. Ni decreases the solubility of N and C content in Fe. Cr and 
Mn provide a higher solubility of N in austenite as compared to that of C. 
The austenite-stabilizing effect of C has been reported by Cotton et al.4 to be higher than for 
N. DeLong5 considers the same austenitising effect for both interstitial alloying elements as it is 
reflected in the equation of the Nieq, eq. (VIII.1). 
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Figure VIII.1: Effects of Cr, Mn and Ni on the solubility of N and C in Fe at 1150°C. 
 
The equation of Nieq was established for alloys with a Mn content <2% and consequently, low 
N content is in solution. High Mn high N steels contain Mn contents of 8-18% in combination 
with N contents of 0.1-0.4%. In such steels, Mn and N act as obstacles for the diffusion and, 
consequently, these elements hinder the ferrite transformation at high temperatures. For high 
Mn contents, one would expect a different influence of N. 
The use of N, particularly at higher levels, can cause problems with regard to ingot porosity, 
although 0.2% can usually be accommodated without difficulty. In order to be able to dissolve 
such high N contents, the steels require the replacement of some Ni by Mn, as in the 200 series 
of steels. N is also a powerful austenite former, thus preventing δ-ferrite formation, and it is 
furthermore most effective in stabilising the austenite against martensite formation. The 
strength obtained increases progressively with increasing N content1.  
 
C like N supports the formation of austenite and hard precipitates. As it occupies the same 
interstitial sites as N it lowers N solubility6. 
An empirical formula was devised to control a completely austenitic structure in Fe-Cr-Mn 
steels containing C and N: ( )5.12078.0 −⋅=+ CrNC  3, 7 
In contrast to C, dissolved N improves the resistance to aqueous corrosion and specially to 
pitting corrosion6. 
N promotes ordering of Cr-atoms in an austenitic solution, while C supports their clustering. 
However, a combination of N and C yields the highest degree of ordering. A more 
homogeneous atomic distribution improves the stability of austenite with respect to 
transformation, i.e. precipitation and martensite. The latter does inherit the ordered structure 
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from the parent austenite and offers a better corrosion resistance. The nucleation of 
precipitates during tempering is refined which has a beneficial effect on the mechanical 
properties6. 
The interstitial elements, N and C, have higher effects on strengthening. They are followed by 
the ferrite-forming substitutional elements, e.g. Cb, Ti, Al, Si, V, Mo, W and Cr and in a less 
influence are the austenite-forming substitutional elements, e.g. Ni, Mn, Cu and Co8.  
 
Manganese steels have higher strength at elevated temperature than the Cr-Ni steels, and this 
increase in strength is due to their C and especially higher N content. Both interstitial elements 
act as strengtheners when they are in solid solution or as age hardening precipitates3.  
Austenitic steels can contain up to 0.15%C. At the solution annealing temperature, C is taken 
and retained in solution, provided cooling to room temperature is done fast enough. Increasing 
Ni content will result in a slight decrease in solubility for C and hence the need to increase the 
annealing T. While C can be taken in solution, if cooling from the annealing T is not fast 
enough or if the steel is exposed in the 550-800°C temperature range, Cr carbides will 




The high strengthening behaviour can also be obtained by a high nitrogen content of about 
0.5% in the steel instead of a combination of N and C content. A high nitrogen austenitic 
stainless steel with 19%Cr, 10%Mn and 0.5%N (19Cr10Mn0.5N) show a high strength. The 
high strength is imparted by the strong solid solution strengthening effect of nitrogen in 
interstitial solution. Because of the high ductility and rapid work hardening, the strength can be 
raised substantially by cold working9. 
The higher the Creq/Nieq ratio, the more likely that large amounts of ferrite will transform from 
the austenite at high temperatures. 
Tarboton et al.10 suggest that in order to increase the hot workability of high nitrogen 
austenitic stainless steels with compositions similar to 19%Cr, 10%Mn and 0.5%N: 
- the Cr content should be minimised to the minimum required for nitrogen solubility and 
corrosion resistance considerations 
- the δ-ferrite should be minimised and kept below 6%, otherwise edge cracking occurs 
- B additions should be made to ensure 0.0045%B in the final product, in order to 
improve the ductility 
- the reheat T should be minimised and kept below 1250°C, in order to avoid a high 
amount of δ-ferrite 
N increases the capacity of the 19Cr10Mn0.5N steel to work harden due to the low stacking 
fault energy caused by the high N content. This results in a steel with a high dislocation density 
and a high twin density after cold work, which then results in high flow stresses11, 12. 
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The principal reason for adding N to the 19Cr10Mn0.5N alloy is to stabilise the austenitic 
microstructure down to room temperature. N is an effective austenite-former. N also increases 
the strength of stainless steels, without a significant loss in toughness, and has a beneficial 
effect on some of the corrosion properties. To obtain these properties, it is essential that the N 
is retained in solid solution in austenite. High N solubility is guaranteed by the high Cr and Mn 
contents. 
By stabilising the austenitic microstructure down to room temperature, the N additions can 
replace most of the Ni usually added to austenitic stainless steels, i.e. substantial reduction in 
alloying element costs. N also increases the strength of stainless steels, without a significant 
loss in toughness, and has a beneficial effect on some of the corrosion properties.  
The high Mn and Cr levels increase the N solubility in the steel to such an extent that it can be 
produced under atmospheric pressure. 
 
VIII.2 Experimental procedure 
VIII.2.1 Chemical composition 
Twelve C-N-alloyed Ni-free Fe-Mn-Cr alloys were prepared for the present study. The alloys 
were cast in a laboratory induction furnace. The twelve alloys can be divided in four groups: 
1- Group 1: lower Cr, Fe8Mn12-14%Cr alloys 
2- Group 2: medium Cr, Fe8Mn15-16%Cr alloys, containing ~1%Ni 
3- Group 3: high Cr, Fe8Mn17-18%Cr alloys 
4- Group 4: high Cr, high Mn, Fe-11-15%Mn-18Cr 
Alloys 12Cr8Mn, 17Cr8Mn, 14Cr8Mn (A and B), 16Cr8Mn1NiA and 15Cr8Mn1Ni were cast 
in an air induction furnace. Alloys 18Cr8Mn (A and B), 18Cr15Mn, 18Cr11Mn and 
16Cr8Mn1NiB were cast in a vacuum induction furnace. 18Cr11Mn1Ni was produced 
industrially and made available for analysis in the hot rolled and annealed stage. The chemical 
composition of the alloys is given in Table VIII.1.  
The Mn content was nominally 8% for all steels. The 17Cr8Mn had a Mn content which was 
slightly lower. The Mn content was fixed between 10-15%Mn for 18Cr11Mn, 18Cr15Mn and 
18Cr11Mn1Ni. 
The N content ranged from 0.10 to 0.48% in combination with or without C. 
For the chemical composition, the Nieq and Creq values were calculated, using the following 
formulas5: 
( ) MnNCNiNieq %5.0%%30% ⋅++⋅+=       (VIII.1) 
NbTiMoSiCrCreq %%2%4.1%5.1% +⋅+⋅+⋅+=      (VIII.2) 
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The Creq and Nieq values are given in Table VIII.2. The Creq is slightly higher than the Cr 
content due to the presence of small amounts of Si and Mo. This is more pronounced for the 
18Cr15Mn, 18Cr11Mn and 18Cr11Mn1Ni alloys due to a Si content of about 0.5.  
The Nieq mainly depends on the C and N content, as the Ni content is very low and the Mn 
content is about 8% for most alloys. The Nieq goes from 9, for alloys with a low C and N 
content, up to 23, for higher C and N contents. 
 









Cr Mn C N Ni  
98 12Cr8Mn 11.54 7.5 0.07 0.10 0.1  






200 14Cr8MnB 14.35 7.74 0.07 0.17 0.16  
202 15Cr8Mn1Ni 15.36 7.74 0.07 0.29 0.74 ± 1% Ni 






230 16Cr8Mn1NiB 16.03 8.59 0.09 0.12 0.95 ± 1% Ni 
131 17Cr8Mn 17.13 6.93 0.14 0.31 0.13  







209 18Cr8MnB 18.14 8.02 0.08 0.25 0.15  
L0024 18Cr15Mn 17.78 14.5 0.05 0.21 0.19 0.5% Si 







Crom 18Cr11Mn1Ni 18.32 11.23 0.06 0.48 1.27 ± 1% Ni, 0.4% Si 
 
Table VIII.2 also gives the calculated pitting resistance equivalent (PRE), Ms and Md30 
temperatures for the C-N-alloyed Ni-free Fe-Mn-Cr alloys. The calculated PRE, Ms and Md30 
temperatures were determined using the following regression formulas1:  
 
NMoCrPRE %16%3.3% ⋅+⋅+=        (VIII.3) 
MoCuCrNiMnNCCM s %6%54%12%30%13%1230%810502)( ⋅−⋅−⋅−⋅−⋅−⋅−⋅−=°   
           (VIII.4) 
( ) MoNiCrMnSiNCCM d %5.18%20%7.13%1.8%2.9%%462497)(30 ⋅−⋅−⋅−⋅−⋅−+⋅−=°
           (VIII.5) 
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The PRE-value increases as the Cr content does and this effect is reinforced by the increase of 
N solubility in austenite for increased Cr contents. The lowest PRE-value is observed for the 
alloy with the lowest Cr and N contents. 
The Ms temperature is below room temperature for all alloys except 12Cr8Mn, for which the 
Ms temperature is 78°C. This indicates that 12Cr8Mn is expected to have a fully α’-martensite 
microstructure. The 14Cr8Mn and 16Cr8Mn1NiB alloys have a Ms temperature of –50°C, 
indicating that the austenite microstructure that is observed at room temperature is expected to 
be relatively unstable. When the Ms temperature is less than –100°C, the austenite phase is 
observed at room temperature. This austenite phase will be unstable and transform to α’-
martensite during deformation for the alloys with a Md30 higher than room temperature (strain 
induced martensitic transformation).  
The Md30 temperature is positive for most of the alloys, indicating the existence of a martensitic 
transformation during tensile testing. Alloy 17Cr8Mn has a Md30 temperature slightly below 
room temperature, which indicates that the stress and strain-induced martensitic transformation 
will take place during tensile testing. Only alloys 18Cr11Mn and 18Cr11Mn1Ni have a Md30 
temperature below -100°C, which indicates that the stability of the austenite phase is such that 
even strain-induced transformation will not take place at room temperature.  
 
Table VIII.2: Creq, Nieq, PRE, Ms (°C) and Md30 (°C) temperatures of the C-N-alloyed Ni-free Fe-Mn-
Cr alloys. 
  Creq Nieq Creq/Nieq PRE Ms(°C) Md30(°C) 
12Cr8Mn (98) 11.80 9.06 1.30 13.43 77.93 193.83 






14Cr8MnB (200) 14.63 11.34 1.29 17.36 -47.05 119.57 
15Cr8Mn1Ni (202) 15.54 15.27 1.02 19.99 -213.54 43.68 






16Cr8Mn1NiB (230) 16.44 11.51 1.43 18.19 -50.45 89.25 
17Cr8Mn (131) 17.47 17.10 1.02 22.35 -303.53 -6.99 







18Cr8MnB (209) 18.62 13.96 1.33 22.25 -193.28 26.36 
18Cr15Mn (L0024) 18.57 15.36 1.21 21.20 -214.68 5.60 







18Cr11Mn1Ni (Crom) 19.02 23.09 0.82 26.13 -546.03 -124.34 
 
VIII.2.2 DeLong diagram 
The alloys listed in Table VIII.1 are represented in the DeLong diagram of Figure VIII.2. Most 
of the alloys studied are in the single phase austenitic region. The alloy 12Cr8Mn is located at 
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the boundary of the martensitic and austenitic-martensitic region. The 14Cr8Mn alloys are in 
the two-phase austenitic-martensitic region and the 16Cr8Mn1NiB alloy is close to the 
boundary of the two-phase austenitic-martensitic region and the austenitic region. 
The chemical composition and thereby, the microstructure obtained will influence the 
properties of the alloys. At high temperatures, the phases observed at room temperature 
transform to austenite or to a two-phase austenite–ferrite, in function of the alloying elements. 
 







































Figure VIII.2: The position of the C-N-alloyed Ni-free Fe-Mn-Cr alloys in the DeLong diagram. 
 
VIII.2.3 Thermo-calc calculations 
The influence of the alloying elements on the phase distribution is shown in Figure VIII.3. The 
hot rolling temperature range is also indicated. 
Figure VIII.3a illustrates the phase stability for the group I alloys with 8% Mn and Cr content 
lower than 15%. The lowest Cr content (12Cr8Mn) results in an austenite stability at higher 
temperature. Increasing the Cr content and the N content (14Cr8Mn A and B) results in a 
slightly narrower austenite stability range. The effect of larger C content for the 14Cr8MnB 
alloy compensates the decrease of N content in comparison to the 14Cr8MnA alloy.  
The alloys of group I will be hot rolled within the austenite stability range, i.e. within a single 
phase. 
Figure VIII.3b shows the phase fraction evolution of the Ni-added C-N-alloyed Ni-free Fe-
Mn-Cr alloys with 8%Mn. At increasing Cr and decreasing N contents (16Cr8Mn1Ni (A and 
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B)) results in a smaller austenite phase stability range. The effect of lower N content in the 
16Cr8Mn1NiB alloy in comparison to 16Cr8Mn1NiA is compensated by an increase of the C 
content. 
The 15Cr8Mn1Ni alloy will be hot rolled within the austenite stability range. The 16Cr8Mn1Ni 
alloys are mainly hot rolled in the single austenite phase though the first hot rolling pass is 
given in the two-phase austenitic-ferritic region.  
Figure VIII.3c gives the phases stability for the group III alloys with Cr content higher than 
17% and Mn content between 7% and 8%. The combination of a high C and high N of the 
17Cr8Mn alloy results in a large austenite stability region for this alloy. The austenite phase is 
fully stabilised at about 1200°C for the 17Cr8Mn alloy. The increase in Cr content of 
18Cr8Mn (A and B) alloy results in a smaller austenite stability range, due to the increase of 
ferrite stabilising elements (Cr) and the decrease of austenite stabilising elements (C and N). 
The 17Cr8Mn alloy is hot rolled in a single austenite phase, whereas the 18Cr8Mn alloys are 
hot rolled partly in a two-phase ferritic-austenitic structure (at high temperature) and partly in 
a single austenite phase (at low temperature). This transition of phases will have an influence 
on the properties of the hot rolled alloy. 
Figure VIII.3d illustrates the stability for the group IV alloys with Mn content higher than 
10%. The combination of a high C content and a high N content in the 18Cr11Mn alloy results 
in a smaller austenite stability range in comparison to the 18Cr11Mn1Ni alloy. 
18Cr15Mn has a wide two-phase austenite-ferrite range at high temperatures. The temperature 
range where both austenite and ferrite are present is as low as 1000°C. Therefore, the hot 
rolling process of the 18Cr15Mn alloy is mainly done in the two-phase ferritic-austenitic 
region, whereas the hot rolling process of the 18Cr11Mn alloy is done in the single austenite 
phase region. This difference in phases present during the hot rolling process will result in 
larger forces for the 18Cr11Mn, i.e. the alloy with a single phase. The higher rolling stresses 
are due to the higher C content of the 18Cr11Mn alloy in comparison to the 18Cr15Mn alloy.  
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(a) Group I: lower Cr alloys, 8%Mn. The hot rolling is done in the single austenite phase 
region. 























(b) Group II: medium Cr alloys, 8%Mn, ~1%Ni. The hot rolling is mainly done in the single 
austenite phase region. 
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(c) Group III: high Cr alloys, 8%Mn. The 17Cr8Mn alloy is hot rolled in the single austenite 
phase region, whereas the 18Cr8Mn alloys are partially rolled in the two-phase γ+δ region. 
























(d) Group IV: high Cr, 11-15%Mn alloys. The 18Cr11Mn alloys are hot rolled in the single 
austenite phase region, whereas the 18Cr15Mn is mainly hot rolled in the two-phase γ+δ 
region. 
Figure VIII.3: Equilibrium phase fraction evolution (in weight fraction) as a function of temperature 
for the C-N-alloyed Ni-free Fe-Mn-Cr alloys listed in Table VIII.1.  
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VIII.2.4 Processing route 
The C-N-alloyed Ni-free Fe-Mn-Cr alloys were processed in the temperature range of 1250°C-
900°C. In this temperature range a two-phase austenite+ferrite microstructure is present at 
high temperatures and a single austenite phase region is expected at lower temperature; the 
width of the two-phase region depends on the content of alloying elements. The 
microstructures present during processing are expected to influence the mechanical properties 
of the alloys. 
Several processing routes were followed by the alloys. A general scheme of the rolling process 
followed is given in Figure VIII.4. The thermo-mechanical processing is similar to the one used 
in industrial practice for stainless steels. The processing consisted of four steps: hot rolling, 
annealing at 1100°C for 15min after hot rolling, cold rolling and annealing at 1100°C for 
15min after cold rolling. 
The 12Cr8Mn, 17Cr8Mn, 14Cr8Mn (A and B), 16Cr8Mn1NiA and 15Cr8Mn1Ni steels were 
cast in an air induction furnace. The hot rolling to a total thickness reduction of 80% (from 
30mm to 6mm) was carried out after reheating the cast blocks for 15min at 1250°C. After air 
cooling, an annealing at 1100°C for 15min was used for the 12Cr8Mn and 17Cr8Mn steels. 
The annealing was followed by water quenching. A 50% cold rolled reduction was applied to 
the hot rolled and annealed steel 12Cr8Mn. The cold rolled 12Cr8Mn alloy was then annealed 
at 1100°C for 15min. This annealing was followed by water quenching.  
Steels 18Cr8Mn (A and B), 18Cr15Mn, 18Cr11Mn and 16Cr8Mn1NiB were cast in a vacuum 
induction furnace. The hot rolling to a total thickness reduction of 80% (from 25mm to 5mm) 
was carried out after reheating the cast block at 1250°C for 1h. After air cooling, an annealing 
at 1100°C for 15min was applied. Steel 18Cr11Mn was also annealed at 1100°C for 20min. 
The annealing was followed by water quenching. A 50% cold rolled reduction was applied to 
the hot rolled and 1100°C annealed (15min) 18Cr11Mn, 18Cr15Mn and 16Cr8Mn1NiB alloys. 
The 50% cold rolled steel was then annealed at 1100°C for 15min. This annealing was 
followed by water quenching. 









treheating : 15min -
1h
Tfinishing ≥ 900°C










Figure VIII.4: Schematic of the processing used for the C-N-alloyed Ni-free Fe-Mn-Cr alloys listed in 
Table VIII.1. 
 
VIII.2.5 Rolling forces 
The hot rolling stresses for the C-N-alloyed Ni-free Fe-Mn-Cr alloys are given in Figure 
VIII.5. As expected, lower rolling temperatures result in higher stresses. 
Figure VIII.5a illustrates the stress evolution while hot rolling of the alloys with Cr content 
lower than 15% and Mn content between 7% and 8%. A clear influence of the higher C 
content or higher N content on the rolling stresses of these alloys is not observed. The 
decrease in C and N content seems compensated with the decrease in Cr content in the 
12Cr8Mn alloy, which shows no difference in stress at high temperature, though the hot rolling 
process started at lower temperatures.  
Figure VIII.5b shows the stress values for alloys with 15%-16%Cr, 8%Mn and a Ni content of 
1%. The increase in Cr content and decrease in C content result in a slight decrease of the hot 
rolling stress. In contrast, an increase of the Cr and C content results in higher stresses. It 
should be taken in account that the hot rolling process of the 16Cr8Mn1NiB alloy was done 
with one less rolling pass. This means that higher reductions per pass were applied and 
therefore, higher stresses were expected. 
Figure VIII.5c shows the hot rolling stresses for the alloys with a Cr content higher than 16%, 
and 7-8%Mn. The higher stress for the 17Cr8Mn alloys is related to the chemical composition 
and the microstructure of this alloy. The 17Cr8Mn alloy has high C and N contents, in 
comparison to the 18Cr8Mn alloys. The higher stress values of the 17Cr8Mn alloy are also 
increased by the fact that higher reductions were used to reach the final hot rolling degree in a 
small number of rolling passes. The use of one rolling pass more for the 18Cr8Mn alloys 
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results in a large range of rolling temperatures and a low temperatures stress value which is 
considerable. 
Figure VIII.5d compares the stress of the two alloys with a Mn content higher than 10%. The 
high C content of the 18Cr11Mn alloy results in higher hot rolling stresses than in the case of 
the alloy with lower C content. The high C content stabilizes the austenite phase at high 
temperature and acts as a solid solution strengthener of the austenite. Consequently, the hot 
rolling of the single austenite phase requires higher forces than the hot rolling of a two-phase 
austenitic-ferritic microstructure, which is observed for the 18Cr15Mn alloy. 
 










 12Cr8Mn - γ
 14Cr8MnA - γ































(a) Group I: lower Cr alloys    (b) Group II: medium Cr alloys 










































(c) Group III: higher Cr alloys   (d) Group IV: higher Cr higher Mn alloys
 
Figure VIII.5: Stress evolution during the hot rolling of C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 
The MFS-values for hot rolling of the C-N-alloyed Ni-free Fe-Mn-Cr alloys are shown in 
Figure VIII.6. 
Figure VIII.6a illustrates the MFS-evolution for the alloys with Cr content lower than 15% and 
Mn content between 7% and 8%. All the alloys have similar MFS-values, though a small 
increase in the MFS is observed with increasing the Cr content. Note that a higher Cr content 
also results in an increase of the C and N contents in the 14Cr8Mn alloys. 
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The MFS-values evolution during hot rolling the alloys with 15%-16%Cr, 8%Mn and 1%Ni is 
given in Figure VIII.6b. The difference in Cr content and the decrease in C content of the two 
alloys 15Cr8Mn and 16Cr8Mn1Ni hot rolled with the same number of passes results in a 
decrease of the MFS-values. The combination of higher Cr and C with less number of rolling 
passes does not have a large influence on the MFS-values. 
Figure VIII.6c shows the MFS-values evolution for the alloys with 17%-18%Cr content and 
8%Mn. All the alloys seem to have a similar MFS at high temperature, although the 18Cr8Mn 
alloys were hot rolled in the two-phase austenitic-ferritic region whereas the 17Cr8Mn alloy is 
rolled in a single austenitic region. 
Figure VIII.6d shows the MFS-values evolution for the two alloys with Mn content higher 
than 10%. The same relation observed with the stress evolution is observed with the MFS-
values. The stable austenitic alloy 18Cr11Mn has higher MFS-values than the two-phase alloy 
18Cr15Mn. The reason of this increase is related to the higher C content contained in the 
18Cr11Mn alloy. 









































(a) Group I: lower Cr alloys    (b) Group II: medium Cr alloys 








































(c) Group III: high Cr alloys    (d) Group IV: higher Cr higher Mn alloys  
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VIII.2.6 Hot torsion tests 
Figure VIII.7 shows the stress-strain curves obtained at high temperature for a strain rate of 
0.5/s and a temperature of 950°C.  
 



























Figure VIII.7: Hot torsion test results illustrating the hot deformation behaviour of the C-N-alloyed Ni-
free Fe-Mn-Cr alloys. 
 
From the experimental stress-strain values at high temperature, the α, n, Q and A parameters 
were determined. The parameters are listed in Table VIII.3. 
 
Table VIII.3: n, α, Q, ln A and A values obtained for the C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 18Cr11Mn 18Cr11Mn1Ni 18Cr15Mn 12Cr8Mn 
n 4.83 3.26 4.23 4.22 
α 0.009 0.012 0.007 0.009 
Q 433.43 481.59 344.31 324.84 
ln A 33.80 37.50 32.08 28.18 
A 4.75x1014 1.93x1016 8.55x1013 1.73x1012 
 
The relation between the lnZ and ln(sinh ασp) is shown in Figure VIII.8. 
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Figure VIII.8: Effect of the chemical composition on the ln Z for the Fe-Cr-Mn alloys. 
 
VIII.3 Results and discussion 
VIII.3.1 As-cast microstructures 
The as-cast microstructures of the 18Cr11Mn and 18Cr8Mn (A and B) alloys are shown in 
Figure VIII.9. The large dark areas observed in the grain boundaries are very likely carbide 
precipitates, which are expected from the high C content of the alloy. 
The 18Cr11Mn alloy has very large as-cast austenitic grains, the grain size of which is 
>200µm. Islands of δ-ferrite are present in the grain boundaries of the austenite. 
The 18Cr8Mn (A and B) alloys have a pronounced dendritic microstructure. The δ-ferrite is in 
the grain boundaries of the austenite. The δ phase is distributed homogeneously in the sample. 
The δ-ferrite distribution in 18Cr8Mn differs from the δ-ferrite distribution of the 18Cr11Mn 
alloy, where the δ-ferrite is localized in some places of the grain boundary. 
The grain size of the 18Cr8MnA is between 50 and 100µm, which is larger than the grain size 
of the 18Cr8MnB alloy, where the grain size is less than 50µm.  
The micrographs shown in Figure VIII.9 clearly show that the 18Cr8MnA alloy has a higher δ-
ferrite content than the 18Cr8MnB alloy. In the 18Cr11Mn alloy, the δ-ferrite islands are larger 
than in the 18Cr8Mn (A and B) alloys, but the percentage of δ-ferrite is much lower than in the 
18Cr8Mn alloys. 
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Figure VIII.9: Light Optical Microscopy (LOM) micrographs of the microstructures of the cast C-N-
alloyed Ni-free Fe-Mn-Cr alloys. 
 
Magnetic saturation measurements of the δ-ferrite phase content in the as-cast 18Cr11Mn and 
18Cr8Mn (A and B) alloys are listed in Table VIII.4. 
The austenite content in the as-cast 18Cr11Mn and 18Cr8Mn (A and B) alloys is also given in 
Table VIII.4. The %γ phase in the alloy was obtained by XRD using the Direct Comparison 
Method13. The %γ phase is higher than 90% for both the 18Cr11Mn and the 18Cr8Mn (A and 
B) alloy. 
One would expect more δ-ferrite for the alloy 18Cr8MnA than for the alloy 18Cr11Mn on the 
basis of the microstructures. The reason of the lower γ content in 18Cr11Mn is the large δ-
ferrite islands. The δ-ferrite is less uniform distributed in the 18Cr11Mn alloy than in the 
18Cr8Mn alloys. The X-Ray measurement could have been done in a region of the 18Cr11Mn 
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Table VIII.4: δ-ferrite measurements of the as-cast C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 %δ-ferrite (Dr. Förster) %γ (XRD) 
18Cr11Mn 0.01 ± 0.01 91 
18Cr8MnA n.a. 93 
18Cr8MnB n.a. 91 
 
The X-Ray diffractograms of the as-cast 18Cr11Mn and 18Cr8Mn (A and B) alloys are given 
in Figure VIII.10.  
The 18Cr11Mn and 18Cr8MnA alloys have high intensity {200}γ peak. The 18Cr8MnB alloy 
has a high intensity {111}γ peak. The 18Cr8MnB alloy also has a higher intensity {110}α peak, 
which has a higher intensity than the intensity of the same peak for the 18Cr8MnA alloy. This 
means that there is a slightly larger ferrite content in the 18Cr8MnB alloy. 
The γ peak intensity is larger than the α peak intensity, which indicates a larger content of the 
austenite phase in all the alloys. This is in agreement with the Thermocalc calculations, which 
show a temperature range of a single austenite phase. At lower temperatures, the Thermocalc 
calculations indicate a transformation to ferrite, but due to the lower temperatures, the phase 
transformation γ→α is not observed. 






























Figure VIII.10: X-Ray diffractogram for the as-cast C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
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The Vickers hardness HV5 measurements for the 18Cr11Mn alloy in the as-cast state are given 
in Table VIII.5. The hardness value of 262 is slightly higher than the hardness HV5 value 
observed for austenitic stainless steels in the as-cast stage, which is about 200 HV5. 
 
Table VIII.5: Hardness measurements of the cast C-N-alloyed Ni-free Fe-Mn-Cr alloy. 
 HV5 st. dev. 
18Cr11Mn 262 ±30 
 
VIII.3.2 Microstructures of the annealed as-cast 18Cr11Mn alloy 
In order to check the alloy microstructure at high temperatures and to check the phases which 
are predicted by Thermocalc, annealing experiments on the as-cast material were carried out 
on 18Cr11Mn. The range of annealing temperatures studied was from 850°C to 1250°C and 
four different annealing times were used: 200s, 500s, 1000s and 2000s. 
The resulting microstructures are illustrated in Figure VIII.11. The optical microstructures 
show that there is a clear dependence of the microstructure on the temperature and the 
annealing time. At low temperatures, 900°C, some large ferrite islands are visible at the grain 
boundaries or within the grains of the austenite phase. The austenite grains are very large, 
though some small grains are also visible, resulting in an inhomogeneous grain size 
microstructure. 
At 1100°C, only austenite is observed. Ferrite and carbides are not observed. The grain size of 
the austenite is very large too, larger than 1000µm. At the highest annealing time, some small 
grains of about 100µm are also present. 
At the highest temperature, i.e. 1250°C, and for longer annealing times, ferrite is observed. 
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900°C   200s 900°C   2000s 
  
1100°C   200s 1100°C   2000s 
  
1250°C   200s 1250°C   2000s 
  
Figure VIII.11: LOM micrograph of the microstructures after annealing of the as-cast 18Cr11Mn 
austenitic stainless steels. 
 
The δ-ferrite content of the annealed as-cast 18Cr11Mn alloy was measured by means of 
magnetic measurements. The influence of the annealing temperature and time is illustrated in 
Figure VIII.12 and Table VIII.6. 
The δ-ferrite content is very low and increases slightly with increasing annealing temperature. 
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Figure VIII.12: Volume percentage of δ-ferrite for the annealed as-cast 18Cr11Mn alloy. 
 
Table VIII.6: Volume % of δ-ferrite for the annealed as-cast 18Cr11Mn alloy. 
δ-ferrite 0s 200s 500s 1000s 2000s 
850°C 0.2 0.14 0.05 0.16 
900°C 0.18 0.14 0.19 0.13 
950°C 0.17 0.18 0.19 0.19 
1000°C 0.18 0.19 0.1 0.21 
1050°C 0.19 0.21 0.21 0.15 
1100°C 0.2 0.24 0.23 0.2 
1150°C 0.21 0.13 0.25 0.2 
1200°C 0.13 0.17 0.16 0.27 
1250°C 
0.01 
0.17 0.79 0.39 0.3 
 
The microhardness HV5 was measured for the annealed as-cast 18Cr11Mn alloy. The results 
are presented in Figure VIII.13 and Table VIII.7. 
The microhardness HV5 do not follow a clear tendency in function of the annealing time or the 
annealing temperature. The values are between 220 and 245. 
 



























Figure VIII.13: Hardness HV5 measurements of the annealed as-cast 18Cr11Mn alloy. 
 
Table VIII.7: Hardness HV5 measurements of the annealed as-cast 18Cr11Mn alloy. 
HV5 0s 200s 500s 1000s 2000s 
850°C 234 232 239 234 
900°C 229 228 236 231 
950°C 227 232 230 225 
1000°C 235 236 231 228 
1050°C 235 235 230 232 
1100°C 223 228 231 230 
1150°C 232 227 229 234 
1200°C 236 222 236 231 
1250°C 
262 
237 234 236 243 
 
VIII.3.3 Microstructures and properties after hot rolling 
The optical microstructures of the hot rolled alloys are given in Figure VIII.14. Different 
etching agents were used to observe the phases obtained in every alloy. 
Figure VIII.14a shows the optical micrographs of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
with Mn content higher than 10%. The etching agent used was oxalic acid ((COOH)2.2H2O). 
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The 18Cr11Mn alloy shows a microstructure with an inhomogeneous γ grain size. The ferrite 
phase is present in the grain boundaries. Some twins can be observed within the austenite 
grains. 
The 18Cr15Mn alloy has a two-phase austenitic-ferritic microstructure. The grain size is very 
inhomogeneous within the austenite phase; small grains can be observed.  
 
18Cr11Mn (γ) 18Cr15Mn (γ+α) 
  
Figure VIII.14a: LOM micrograph of the microstructures of the hot rolled C-N-alloyed Ni-free Fe-Mn-
Cr alloys with Mn between 10% and 15%. Etchant: oxalic acid ((COOH)2.2H2O) (→RD, longitudinal 
section). 
 
The optical microstructures of the C-N-alloyed Ni-free Fe-Mn-Cr alloys with 8% Mn are 
illustrated in Figure VIII.14b.  
The 12Cr8Mn alloy has a α’-martensitic microstructure. The etching used was Kalling’s 
reagent (1.5g CuCl2, 33ml HCl, 33ml ethanol, 33ml H2O). The 14Cr8Mn alloys has also a α’-
martensitic microstructure. The etching agent used was Beraha’s reagent (200ml HCl , 1000ml 
H2O, 6g-12g K2S2O5). The α’-martensite phase is of the thin lath type. The clear phase in the 
microstructure is austenite. 
An increase in Cr content and the addition of 1%Ni result in a fully austenitic structure. This is 
the case for 15Cr8Mn1Ni and 16Cr8Mn1Ni. Those alloys were etched with oxalic acid 
((COOH)2.2H2O). The grain size is inhomogeneous and smaller than 20µm. 
Higher Cr contents result in different microstructures. The 17Cr8Mn alloy has a fully austenitic 
structure. The 18Cr8Mn composition leads to a two-phase austenite-ferrite microstructure. 
The austenite content in 18Cr8MnB is higher than the austenite content in 18Cr8MnA; this is 
due to the higher N content of 18Cr8MnB. 
The grain size is quite homogeneous and about 10µm for the 17Cr8Mn alloy. The 18Cr8Mn 
alloy has a very inhomogeneous grain size. Grain boundaries are revealed within the austenite 
phase. The ferrite phase is observed as large grains. 
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12Cr8Mn (α’+ε+γ) 14Cr8Mn (α’+γ) 
  
15Cr8Mn1Ni (γ) 16Cr8Mn1Ni (γ) 
  
17Cr8Mn (γ) 18Cr8Mn (γ+α) 
  
Figure VIII.14b: LOM micrograph of the microstructures of the hot rolled C-N-alloyed Ni-free Fe-
Mn-Cr alloys with 8%Mn (→RD, longitudinal section). 
 
The δ-ferrite content of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys was measured by 
magnetic measurements. Table VIII.8 gives the δ-ferrite content and the austenite volume-% 
obtained by the Direct Comparison Method. 
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Table VIII.8: δ-ferrite measurements of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
XRD analysis  
%δ-ferrite (Dr. Förster) %γ %ε %α−α’ 
12Cr8Mn n.a. 50 5 44 
14Cr8MnA n.a. 78 6 16 
14Cr8MnB n.a. 97 - 3 
15Cr8Mn1Ni n.a. 97 3 - 
16Cr8Mn1NiA n.a. 87 - 13 
16Cr8Mn1NiB n.a. 97 3 - 
17Cr8Mn n.a. 98 - 2 
18Cr8MnA n.a. 87 - 13 
18Cr8MnB n.a. 83 - 17 
18Cr15Mn n.a. 82 - 18 
18Cr11Mn 0.28 98 - 2 
 
The X-Ray diffractograms of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys are given in 
Figure VIII.15, Figure VIII.16, Figure VIII.17 and Figure VIII.18.  
Figure VIII.15a and Figure VIII.15b show the X-Ray diffraction of the hot rolled alloys with 
8% Mn and a Cr content less than 15%.  
The 14Cr8MnA alloy is mainly austenitic. There is some ferrite. The {101}ε peak, which 
corresponds to 100% of the theoretical relative intensity, is weakly visible in the diffractogram. 
The 14Cr8MnB alloy is fully austenitic as a consequence of the higher C content in its 
composition. This higher C content stabilizes the austenite phase.  
The microstructure observed for the 12Cr8Mn alloy is a two-phase austenitic-α’-martensitic 
microstructure. The diffractogam of the 12Cr8Mn alloy also reveals the presence of a small 
amount of ε-martensite, for which the diffraction peak {101}ε is observed. 
Figure VIII.16 illustrates the X-Ray diffraction of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
with ~8% Mn and Cr content higher than 15%. 
The diffractogram of the 16Cr8Mn1Ni alloy shows mainly austenite peaks. There is a small 
percentage of ferrite, which can be inferred from the presence of the {200}α and {112}α 
diffraction peaks. The {110}α diffraction peak is weak. The rest of the α diffraction peaks are 
not present in the diffractogram of the 16Cr8Mn1NiB alloy. The ferrite peaks are weak for the 
16Cr8Mn1NiA alloy. 
The 15Cr8Mn1Ni alloy shows a single austenite phase, as a consequence of the combination of 
the strong austenitic stabilisers C, N and Ni. 
The X-Ray diffractograms for the alloys with the highest Cr contents are illustrated in Figure 
VIII.17. 17Cr8Mn has a fully austenitic structure. The increase in Cr content and the decrease 
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in C and N content results in a two-phase austenitic-ferritic microstructure for the 18Cr8Mn 
alloy. The diffractogram peaks of the 18Cr8MnB alloy have higher intensities than those of the 
18Cr8MnA alloy. The higher intensity of the α peaks in comparison to the intensity of the γ 
peaks is due to the higher percentage of ferrite phase in the 18Cr8MnB alloy than in the 
18Cr8MnA alloy.  
Figure VIII.18a and Figure VIII.18b illustrate the X-Ray diffraction of the hot rolled alloys 
with a Mn content higher than 10%. The 18Cr11Mn alloy is fully austenitic. The {100}ε and 
the {101}ε peaks are weakly visible. 
The 18Cr15Mn alloy shows the combination of two phases: austenite and ferrite. The higher 
intensities are for the austenitic peaks, with the maximum intensity for the {200}γ peak. The 
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Figure VIII.15: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with 
8%Mn and Cr content less than 15% (Group I). 
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Figure VIII.16: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content of about 8% and Cr content higher than 16% (Group II). 
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Figure VIII.17: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content of about 8% and Cr content higher than 16% (Group III). 
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Figure VIII.18: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content higher than 10% (Group IV). 
  Chapter VIII 
  353 
 
The mechanical properties after hot rolling of the C-N-alloyed Ni-free Fe-Mn-Cr alloys are 
given in Figure VIII.19 and listed in Table VIII.9.  
Figure VIII.19a illustrates the stress-strain curves of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
that contain about 8%Mn and with a Cr content less than 15%. The elongation of those alloys 
is low, less than 20%. The reason of this low elongation is the presence of α’-martensite phase 
in the microstructure and/or the α’-martensitic transformation occurred during tensile testing.  
The 12Cr8Mn alloy contains a mixture of austenite, α’-martensite and ε-martensite. The 
combination of these phases results in very high ultimate tensile stress, about 1300MPa, in 
combination with very low elongation, about 6%. The low elongation value results in a very 
low RmxA-value. 
The microstructure of 14Cr8MnA contains more α’-martensite. Therefore, there is less α’-
martensitic transformation during tensile testing, which results in very low elongation values. 
The 14Cr8MnB alloy has less α’-martensite and more instable austenite in its microstructure 
before tensile testing. The α’-martensitic transformation of the 14Cr8MnB alloy is caused by 
the strain-induced transformation of the instable austenite. This results in slightly larger 
ultimate tensile stress and an almost double elongation value for 14Cr8MnB in comparison to 
14Cr8MnA. 
The α’-martensitic formation during the straining of 14Cr8Mn can easily be observed by the 
large increase of the stresses in a very small strain range applied. 
Figure VIII.19b shows the tensile test curves for the alloys with 15%-16%Cr, 8%Mn and 
1%Ni. The 15Cr8Mn1Ni alloy has a more stable austenite phase, which does not transform to 
α’-martensite during straining, although the mechanical properties are also very poor. The 
reason of the poor properties of the 15Cr8Mn1Ni alloy is not the presence of strain-induced 
α’-martensitic transformation but the defects present in the test samples. It appeared that the 
material was not homogeneous and that a high solubility of N was not reached. Oxides, which 
acted as crack initiators, were observed inside the material and caused the fracture at a much 
earlier stages, i.e. before the maximum ultimate tensile stress and maximum elongation were 
reached. 
The 16Cr8Mn1NiA alloy has a metastable austenite phase, which transforms to α’-martensite 
during tensile testing. The α’-martensitic transformation occurs at higher strains in comparison 
to the alloys with lower Cr content. The reason of this delay in the α’-martensitic 
transformation is due to a more stable austenite as a result of the Ni additions.  
For the 16Cr8Mn1NiA alloy, the α’-martensitic transformation during tensile testing can easily 
be observed by the high increase in the Rm-value within a very small strain range applied. This 
high increase in the ultimate tensile stress is not observed for the 15Cr8Mn1Ni alloy, indicating 
that this alloy contains a stable austenite phase. The reason of the low RmxA-value for the 
15Cr8Mn1Ni alloy is the low elongation value and the relatively low ultimate tensile stress, 
due to the presence of oxides within the material. The oxides difficult the elongation of the 
material and the reach of higher ultimate tensile stress. 
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Figure VIII.19c illustrates the stress-strain curves for the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
with about 8%Mn content and Cr content higher than 16%. The 18Cr8Mn alloys have a two-
phase austenitic–ferritic microstructure, which results in high ultimate tensile stress, about 
1000MPa and elongations between 25-30%. The 18Cr8MnA alloy has higher austenite content 
than the 18Cr8MnB alloy. This higher austenite content for the 18Cr8MnA alloy results in a 
higher ultimate tensile stress for the 18Cr8MnA alloy than for the 18Cr8MnB alloy. The 
elongation is also higher for the 18Cr8MnA alloy than for the 18Cr8MnB alloy. The 
combination of higher ultimate tensile stress and elongation for 18Cr8MnA than for 
18Cr8MnB results in a higher RmxA-values for 18Cr8MnA. 
The 17Cr8Mn alloy contains only austenite. The ultimate tensile stress is 837MPa, slightly 
lower than for the two-phase 18Cr8Mn. The elongation for 17Cr8Mn is also lower than for the 
two-phase 18Cr8Mn. This results in lower RmxA-values, about 20000MPa, for 17Cr8Mn. The 
reason of these low values is not clear. 
Figure VIII.19d compares the stress-strain curves for the alloys with Mn content higher than 
10%. The combination of high C and high N content in the 18Cr11Mn alloy results in the 
combination of high stress and high elongation. Therefore, the RmxA-values for the 18Cr11Mn 
alloy, close to 50000MPa, are higher than for the 18Cr15Mn alloy, for which the RmxA-value 
is less than 30000MPa. The reason of the lower RmxA-value for the 18Cr15Mn alloy is mainly 
due to the lower elongation, which is a consequence of a two-phase austenitic-ferritic 
microstructure. The 18Cr11Mn alloy has also a higher ultimate tensile stress than the 
18Cr15Mn alloy. 
The yield stress of the 12Cr8Mn and 14Cr8MnA alloys is also low. The 14Cr8MnA has a two-
phase austenitic-α’-martensitic microstructure. The similar C and N content as the 14Cr8MnB, 
15Cr8Mn1Ni and 16Cr8Mn1NiA alloys and the similar processing conditions results in similar 
yield stress. The 12Cr8Mn alloy has also followed the same processing route, though the lower 
yield stress can be explain from the different chemical composition of this alloy, i.e., the low C 
and low N content of the 12Cr8Mn alloy.  
The yield stress of the other austenitic steels differs from the yield stress of the 18Cr11Mn 
alloy. For the 14Cr8MnB, 15Cr8Mn1Ni and 16Cr8Mn1NiA alloys, the yield stress is 
~400MPa, whereas for the 17Cr8Mn alloy, the yield stress value is only 111MPa. The reason 
for this low yield stress cannot be related to the C and N content. The low yield stress values 
are related to the processing of those steels by induction casting in air and direct rolling. This 
processing creates more oxides on the surface of the liquid steel. The oxides inclusions act as 
internal defects during the mechanical testing and result in poor elogations. 
The yield stress for the two-phase 18Cr8Mn alloys is similar to the yield stress of the two-
phase 18Cr15Mn alloy. The relation observed between the yield stress can be explained by the 
higher N and C contents in the alloy. An influence of Mn, Cr or Ni content is not observed. 
The yield stress is about 100MPa higher for the austenitic 18Cr11Mn alloy than for the two-
phase 18Cr15Mn alloy. This difference can be attributed to the different microstructure of both 
alloys, which is a direct consequence of their composition. 
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(d) Group III      (a) Group IV 
Figure VIII.19: Stress-strain curves of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
Table VIII.9: Stress-strain values of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
  Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
12Cr8Mn 189 1312 6 7591 
14Cr8MnA 337 633 5 2977 Group I 
14Cr8MnB 396 677 9 6084 
15Cr8Mn1Ni 398 553 6 3293 
16Cr8Mn1NiA 393 748 17 13076 Group II 
16Cr8Mn1NiB N.A. N.A. N.A. N.A. 
17Cr8Mn 111 837 23 19660 
18Cr8MnA 597 1001 31 30847 Group III 
18Cr8MnB 639 979 26 25604 
18Cr15Mn 586 836 33 27317 
Group IV 
18Cr11Mn 670 948 42 39532 
(N.A.: Not available) 
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The hardness for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys is given in Table VIII.10.  
 
Table VIII.10: Hardness measurements for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 HV5 st. dev. 
18Cr8MnA 288 ± 14 
18Cr11Mn 286 ± 16 
 
VIII.3.4 Selection of the annealing conditions for the hot rolled C-N-alloyed Ni-free 
Fe-Mn-Cr alloys 
The influence of the annealing time and annealing temperature after hot rolling was only 
studied for 18Cr11Mn. The influence of the annealing time and annealing temperature is 
illustrated in Figure VIII.20. By comparing the optical microstructures obtained after annealing 
at 1050°C and 1200°C, for 5min and 25min, an increase in the grain size is observed for the 
longer annealing times and the higher annealing temperatures. The δ-ferrite content observed in 
the microstructures after annealing at 1050°C for 5min decreases with higher annealing 
temperatures or longer annealing times. 
After annealing at 1050°C for 5min, the 18Cr11Mn alloy recrystallizes. Very large grains are 
formed and there is a high content of δ-ferrite observed at the austenite grain boundaries. The 
recrystallization is however not complete. Increasing the annealing temperature or time results 
in the full recrystallisation of the microstructure. A grain size is obtained between 20-30µm. 
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1050°C   5min 1050°C   25min 
  
1200°C   5min 1200°C   25min 
  
Figure VIII.20: LOM micrograph of the microstructures after annealing the hot rolled 18Cr11Mn 
austenitic stainless steels (→RD, longitudinal section). 
 
The δ-ferrite content for the 18Cr11Mn alloy after different annealing times and temperatures 
was determined by magnetic measurements. The δ-ferrite content is the average of 30 
measurements on the sample surface and is illustrated in Figure VIII.21 and Table VIII.11. 
All the δ-ferrite values are less than 0.5%. There is a slight increase of the δ-ferrite content 
with increasing annealing temperature. The influence of the annealing time is negligible at low 
annealing temperatures. 
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Figure VIII.21: δ-ferrite values for the different annealing conditions of the hot rolled 18Cr11Mn 
austenitic stainless steels. 
 
Table VIII.11: δ-ferrite measurements for the different annealing conditions of the hot rolled 
18Cr11Mn austenitic stainless steels. 
δ-ferrite 5min 10min 15min 20min 25min 30min 
1050°C 0.24 0.29 0.33 0.26 0.29 - 
1100°C 0.31 0.23 0.32 0.27 0.28 0.27 
1150°C 0.29 0.31 0.35 0.33 0.38 - 
1200°C 0.23 0.35 0.35 0.44 0.43 - 
1250°C - - 0.47 - - - 
 
The HV5 hardness values for the different annealing times and temperatures of the hot rolled 
18Cr11Mn are listed in Figure VIII.22 and Table VIII.12. As expected, increasing the 
annealing time or temperature results in a decrease of the hardness.  
Most of the values are between 250 and 270, except for the lowest annealing temperature, 
where the hardness values are between 280 and 290. One would expect higher mechanical 
properties for these low temperature annealing conditions, but the microstructure obtained 
contains a large amount of δ-ferrite, which is not reflected in the magnetic measurements. In 
addition, the microstructure is not fully recrystallized.  
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Figure VIII.22: Hardness HV5 values for the different annealing conditions of the hot rolled 
18Cr11Mn austenitic stainless steels. 
Table VIII.12: Hardness HV5 measurements for the different annealing conditions of the hot rolled 
18Cr11Mn austenitic stainless steels. 
Hardness 5min 10min 15min 20min 25min 30min 
1050°C 293 288 281 279 273 - 
1100°C 271 262 261 250 257 249 
1150°C 267 266 260 255 255 - 
1200°C 261 245 254 248 257 - 
1250°C - - 241 - - - 
 
On the basis of the δ-ferrite measurements, the HV5 hardness measurements and the 
microstructures obtained after different annealing treatments, the best annealing conditions 
were selected: annealing at 1100°C for 15 and 20min.  
The ultimate tensile stress is a linear function of the hardness values. Consequently, the 
selected annealing conditions should bring to high hardness values in order to obtain good 
mechanical properties. The annealing conditions must result in a combination of high hardness 
values and a recrystallized microstructure with no δ-ferrite or precipitates. Very long annealing 
times or high annealing temperatures have not been considered as those annealing conditions 
cannot be applied in industrial practice. Typical annealing temperatures and times used in 
industrial practice for austenitic stainless steels are 1100°C and 10min.  
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From the comparison of the data after the different annealing conditions, one can conclude that 
the best annealing temperature is 1100°C. Two different times were selected for the 
18Cr11Mn alloy, i.e., 15min, which gives higher hardness values, and 20min, which results in 
low δ-ferrite contents. The δ-ferrite is not desirable. The δ-ferrite acts as a second phase in the 
steel, which weakens the alloy in corrosion resistance. The second phase, i.e. the δ-ferrite, is 
placed in the grain boundaries of the parent phase, the austenite, making the grain boundaries 
more susceptible to corrosion. 
All the C-N-alloyed Ni-free Fe-Mn-Cr alloys were annealed at 1100°C for 15min. The 
18Cr11Mn alloy was also annealed at 1100°C for 20min. 
 
VIII.3.5 Microstructures and properties after hot rolling and annealing at 1100°C 
Figure VIII.23a illustrates the optical microstructures of the C-N-alloyed Ni-free Fe-Mn-Cr 
alloys with Mn content higher than 10% hot rolled and annealed for 15min at 1100°C. The 
etchant used was oxalic acid ((COOH)2.2H2O). 
The 18Cr11Mn and the 18Cr11Mn1Ni alloy have a fully austenitic microstructure, whereas the 
18Cr15Mn alloy shows a two-phase austenitic-ferritic microstructure. The 18Cr11Mn1Ni 
alloy, which is an industrial material, has a small grain size of about 20-30µm. The 18Cr11Mn 
alloy has a very large grain size of 50-70µm. The 18Cr15Mn alloy has small grains within the 
austenite phase. The ferrite phase of the 18Cr15Mn alloy is present as large thin bands, which 
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Figure VIII.23a: LOM micrograph of the microstructures of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
with Mn content higher than 10% after hot rolling and annealing for 15 minutes at 1100°C (→RD, 
longitudinal section).  
 
Figure VIII.23b shows the microstructures for the C-N-alloyed Ni-free Fe-Mn-Cr alloys with 
Mn content of about 8% hot rolled and annealed for 15min at 1100°C.  
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Kalling’s reagent was used to reveal the microstructure of the 12Cr8Mn alloy, due to the main 
phase is α’-martensite. Some austenite and ε-martensite phases are also present in the 
12Cr8Mn alloy. The austenite and ε-martensite phases are difficult to determine by optical 
microscopy. The α’-martensite is visualized as thin laths.  
The microstructure of the 16Cr8Mn1NiB alloy reveals a single recrystallized austenite phase. 
The 17Cr8Mn alloy also shows a single austenite phase, with grain size of about 50µm. The 
etching used to reveal the austenitic microstructure was oxalic acid. 
The 18Cr8MnA alloy was etched with Beraha’s reagent. The microstructure observed is a 
two-phase austenite-ferrite. Within the austenite phase, small grains are visible. The grain size 
average of the austenite grains is about 20µm. The ferrite phase is observed as thin bands 
elongated in the rolling direction.  
The 18Cr8MnB alloy was etched with oxalic acid ((COOH)2.2H2O) and mainly shows a 
recrystallized austenitic microstructure where small islands of ferrite can be observed. 
The effect of the annealing process on the microstructure of some of the alloys can be 
observed by comparing Figure VIII.14 and Figure VIII.23.  
The annealing process lowers the δ-ferrite content in the 18Cr11Mn alloy and largely increases 
the grain size of the austenite phase. The 18Cr15Mn alloy is also largely influenced from the 
annealing process. The austenite phase within the two-phase microstructure of the 18Cr15Mn 
alloy is recrystallized by the annealing process and the ferrite phase is clearly presented as thin 
bands, which are elongated in the rolling direction. 
The annealing process seems not to influence the microstructure of the 12Cr8Mn alloy and a 
more detailed study is needed to determine its phases evolution. 
The 17Cr8Mn alloy shows a large increase of the grain size of the austenite after the annealing 
process. The microstructure is still a single-phase austenite. More influence of the annealing 
process is observed for the 18Cr8MnA alloy. The microstructure is still a two-phase austenitic-
ferritic microstructure, though the austenite phase shows a complete recrystallized 
microstructure.  
The 18Cr8MnB alloy shows a completely different microstructure after hot rolling and after 
annealing. The two-phase austenitic-ferritic microstructure observed after hot rolled becomes a 
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12Cr8Mn (α’+ε+γ) 16Cr8Mn1NiB (γ) 
  
17Cr8Mn (γ) 18Cr8MnA (γ+α) 
  
18Cr8MnB (γ+α)  
 
 
Figure VIII.23b: LOM micrograph of the microstructures after hot rolling and annealing for 15 
minutes of the C-N-alloyed Ni-free Fe-Mn-Cr alloys with ~8%Mn (→RD, longitudinal section). 
The δ-ferrite measurements of the hot rolled and annealed for 15min at 1100°C C-N-alloyed 
Ni-free Fe-Mn-Cr alloys are given in Table VIII.13. For the 18Cr11Mn alloy, the results 
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Table VIII.13: δ-ferrite measurements of the hot rolled and annealed for 15min at 1100°C C-N-alloyed 
Ni-free Fe-Mn-Cr alloys. 
 δ-ferrite (Dr. Förster) %γ (XRD) 
12Cr8Mn n.a. 11 
16Cr8Mn1NiB n.a. 93 
17Cr8Mn n.a. 99 
18Cr8MnA n.a. 78 
18Cr8MnB n.a. 87 
18Cr15Mn n.a. 88 
18Cr11MnHRA15 0.32±0.06 93 
18Cr11MnHRA20 0.26±0.07 n.a. 
18Cr11Mn1Ni 0.22±0.041 96 
 
Figure VIII.26 shows the X-Ray diffractograms of the hot rolled and annealed for 15min at 
1100°C C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn content higher than 10%.  
The 18Cr11Mn alloy shows the diffraction peaks of the austenite phase. The relative intensity 
of the {111}γ diffraction peak is 100%. The {101}ε diffraction peak, which is theoretically the 
peak with highest intensity, is slightly observable. 
The 18Cr11Mn1Ni alloy also shows a single austenite phase. The {100}ε diffraction peak can 
also be detected. 
The 18Cr15Mn alloy shows the diffraction peaks of the austenite and the ferrite phases. The 
intensity for the austenite diffraction peaks is larger than for the ferrite diffraction peaks. This 
results in higher percentage for the austenite phase than for the ferrite phase. 
Figure VIII.24 shows the X-Ray diffractograms of the hot rolled and annealed for 15min at 
1100°C C-N-alloyed Ni-free Fe-Mn-Cr alloys with 8%Mn. 
The α’-martensite is the main phase in the 12Cr8Mn alloy. The {101}ε diffraction peak is also 
observed, which indicates that there is also some percentage of ε-martensite phase present in 
the alloy after annealing. 
The 17Cr8Mn alloy shows the diffraction peaks of the austenite phase. The 100% of relative 
intensity is measured for the {111}γ diffraction peak.  
The 18Cr8Mn alloys show a two-phase austenitic-ferritic microstructure. The highest intensity 
is observed for the austenite diffraction peaks indicating a large percentage of austenite phase.  
 
The effect of the annealing process can be determined by comparison of Figure VIII.15, Figure 
VIII.16, Figure VIII.17 and Figure VIII.18 with Figure VIII.24, Figure VIII.25 and Figure 
VIII.26. The annealing process decreases the percentage of austenite phase for the 18Cr11Mn 
alloy. It seems that such percentage is increased by the ε-martensite phase. The 18Cr15Mn 
alloy behaves in different way than the 18Cr11Mn alloy. The annealing process seems to 
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increase the %γ phase in the 18Cr15Mn alloy. The effect of the annealing process cannot be 
explained from the equilibrium phases of the alloys at 1100°C. At 1100°C, the phases observed 
in the equilibrium diagrams for the alloys are single austenite for the 18Cr11Mn alloy and a 
mixture of austenite (about 80%) and ferrite (about 20%) for the 18Cr15Mn alloy. 
For the alloys with a Mn content lower than 10%, the annealing process results in different 
behaviours too. For the 17Cr8Mn and 18Cr8MnB alloys, the annealing process results in an 
increase of the percentage of austenite phase, whereas for the 12Cr8Mn and 18Cr8MnA alloys, 
the annealing process results in a decrease of the austenite phase. The increase of the austenite 
phase observed for the 17Cr8Mn and 18Cr8MnB alloy can be explained from the equilibrium 
phase(s) observed at higher temperature. The decrease of the austenite phase in the 12Cr8Mn 
and 18Cr8MnA alloys cannot be related to the equilibrium diagrams, which would indicate the 
contrary tendency, i.e. an increase of the austenite phase content. 
Consequently, the phase content obtained from the Thermocalc software has to be checked by 
direct observation during processing and this can be the explanation of the huge differences 
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Figure VIII.24: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content of about 8% annealed at 1100°C for 15 minutes (Group I). 
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Figure VIII.25: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content of about 8% annealed at 1100°C for 15 minutes (Group III). 
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Figure VIII.26: X-Ray diffractogram for the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys with Mn 
content higher than 10% annealed at 1100°C for 15 minutes (Group IV). 
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VIII.3.6 Mechanical properties of the hot rolled and annealed for 15min at 1100°C C-
N-alloyed Ni-free Fe-Mn-Cr alloys 
The mechanical properties after hot rolling and annealing for 15min at 1100°C of the C-N-
alloyed Ni-free Fe-Mn-Cr alloys with a Mn content higher than 10% are illustrated in Figure 
VIII.27a and Table VIII.14. 
The mechanical properties of the annealed for 20min at 1100°C 18Cr11Mn alloy are also 
indicated in Table VIII.14. 
The combination of C and N in the 18Cr11Mn alloy results in a combination of high ultimate 
tensile stress and high elongation. Therefore, the RmxA-value of the 18Cr11Mn alloy is about 
50000MPa for both annealing conditions. The larger annealing time results in slightly higher 
RmxA-value due to a slight increase in the ultimate tensile stress and in the elongation. For 
comparative reasons, just the 18Cr11Mn alloy annealed for 15min at 1100°C will be further 
studied. 
The substitution of most of the C content in the 18Cr11Mn alloy for N in the 18Cr11Mn1Ni 
alloy results in lower RmxA-values. There is a decrease in the Rm-value and in the elongation as 
well. 
The decrease of the N content for the 18Cr15Mn alloy in relation to the 18Cr11Mn1Ni alloy 
results in lower RmxA-values, due to the ultimate tensile stress and the elongation as well 
decrease their value. This decrease should be related to the two-phase austenitic-ferritic 
microstructure observed for the 18Cr15Mn alloy due to its chemical composition. 
Figure VIII.27b shows the mechanical properties for the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
with 8%Mn. 
The 12Cr8Mn alloy has very low RmxA-value, mainly due to the very low elongation obtained. 
The ultimate tensile stress is larger than for the 17Cr8Mn alloy, due to the α’-martensite phase 
present in such alloy. The α’-martensite present in the 12Cr8Mn alloy also results in very low 
elongation, which reaches values slightly larger than 1%. 
The 17Cr8Mn alloy shows a stable austenite phase with lower ultimate tensile stress and lower 
elongation than the Rm-value and elongation than other more stable austenite alloys with higher 
C and N content. The low Rm-value and elongation for the 17Cr8Mn alloy results in very low 
RmxA-values. The reason of these low values cannot be related to the C and/or N content, 
therefore the decrease of its mechanical properties should be related to the process followed by 
this alloy. 
The 18Cr8Mn alloys has a two-phase austenitic-ferritic microstructure. The ultimate tensile 
stress obtained for such alloys is higher than the Rm-value of the 18Cr15Mn alloy, due to the 
instability of the austenite phase, which transforms to α’-martensite during deformation. The 
α’-martensite phase is characterized by giving high ultimate tensile stress values. The higher 
austenite content of the 18Cr8MnB alloy, which is due to a higher N content in its chemical 
composition, results in higher ultimate tensile stress, probably due to a slightly large α’-
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martensitic transformation during tensile testing in comparison to the 18Cr8MnA alloy. The 
influence of the N content on the elongation is not observed by comparing both 18Cr8Mn 
alloys. 
The yield stress is between 450-500MPa for the 18Cr11Mn alloy in both annealing conditions. 
This value increases until about 535MPa for the 18Cr11Mn1Ni alloy, which has lower C 
content and higher N content than the 18Cr11Mn alloy. Therefore, the difference in yield stress 
can be attributed to the difference in chemical composition of the alloys. For the two-phase 
18Cr15Mn alloy, which also has Mn content higher than 10%, the yield stress is about 
400MPa.  
The yield stress of the austenitic 17Cr8Mn alloy is very low, about 100MPa. The reason of this 
low yield stress value is not clear and it cannot be related to the chemical composition of the 
alloy or the phase content observed. A similar yield stress value is obtained for the 18Cr8MnB 
alloy, which has a two-phase austenitic-ferritic microstructure. The other two-phase alloy, i.e. 
the 18Cr8MnA alloy, which has slightly lower N content, has a yield stress of about 200MPa. 
The α’-martensitic alloy, i.e. the 12Cr8Mn alloy, has a yield stress of 335MPa, which is the 
largest value for all the alloys with Mn content lower than 10%. 
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Figure VIII.27: Stress-strain curves of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys annealed 
for 15 minutes at 1100°C. 
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Table VIII.14: Stress-strain values of the hot rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys annealed for 
15 minutes at 1100°C. 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
12Cr8Mn 334 761 1.3 963 
16Cr8Mn1NiB 326 1110 30 33670 
17Cr8Mn 108 747 21 15691 
18Cr8MnA 205 939 45 42287 
18Cr8MnB 116 957 45 43118 
18Cr11Mn HRA15 477 888 55 49095 
18Cr11Mn HRA20 486 893 56 50286 
18Cr15Mn 403 731 50 36415 
18Cr11Mn1Ni 537 854 53 44809 
 
VIII.3.7 Hardness after hot rolling and annealing the C-N-alloyed Ni-free Fe-Mn-Cr 
alloys 
The hardness for the hot rolled and annealed for 15min at 1100°C C-N-alloyed Ni-free Fe-Mn-
Cr alloys is given in Table VIII.15. The two annealing times used for the 18Cr11Mn alloy are 
also indicated. 
 
Table VIII.15: Hardness HV5 measurements of the hot rolled and annealed for 15min C-N-alloyed Ni-
free Fe-Mn-Cr alloys. 
 HV5 st. dev. 
18Cr8MnA 222 ± 16 
18Cr11MnHRA15 261 ± 6 
18Cr11MnHRA20 250 ± 7 
 
VIII.3.8 Microstructure and properties of the cold rolled C-N-alloyed Ni-free Fe-Mn-
Cr alloys 
The optical microstructures of the 18Cr11Mn and 18Cr15Mn alloys during cold rolling are 
reviewed in Figure VIII.28. The cold rolling of the 18Cr11Mn alloy was applied to the hot 
rolled and annealed for 15min at 1100°C condition. The rolling reduction was from 10% to 
50%. 
After 10% cold rolling, the microstructures of the 18Cr11Mn and 18Cr15Mn alloys differ from 
the microstructures observed after hot rolling and annealing. The 18Cr11Mn alloy still presents 
a single austenite phase, where some δ-ferrite is observed in the grain boundaries of the 
austenite grains. The grain size of the 10% cold rolled 18Cr11Mn alloy seems to decrease in 
comparison to the grain size after hot rolling and annealing. The 18Cr15Mn alloy illustrates a 
two-phase austenitic-ferritic microstructure. The grain size of the austenite phase seems 
slightly enlarged after 10% cold rolling. The ferrite phase is visible as thin bands in the rolling 
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direction. The definition of the ferrite bands is less clear after 10% cold rolling than after hot 
rolling and annealing. 
The 18Cr11Mn alloy shows a single austenite phase after 20% cold rolling, where no δ-ferrite 
is detectable. The grain size seems enlarged, though the grain size is more inhomogeneous. The 
18Cr15Mn alloy shows the two-phase microstructure, where the ferrite is present as thin bands 
elongated in the rolling direction. The bands of ferrite are less homogeneous in thickness. The 
grain boundaries are still visible in the austenite phase. The grain size seems to decrease after 
20% cold rolling in comparison to the 10% cold rolled alloy. 
After 30% cold rolling, the 18Cr11Mn alloy shows an austenite microstructure, where some δ-
ferrite is observed in the grain boundaries. The grain size of the austenite after 30% cold rolling 
seems larger than after 20% cold rolling. The grain boundaries, except where the δ-ferrite is 
present, are less clear than in the less cold rolling reduction states, and therefore, the grain size 
determination becomes more difficult. The two-phase microstructure of the 18Cr15Mn alloy 
after 30% cold rolling differs from the microstructure after 20% cold rolling reduction. The 
grain boundaries of the austenite phase are less clear to define. Within the austenitic 
microstructure, the ferrite is observed as small areas where the grain boundaries are clearly 
defined. The ferrite is slightly elongated in the rolling direction, but not as clear as it was in less 
cold rolling reduction states. 
The 18Cr11Mn alloy shows a single austenite phase after 40% cold rolling, where no δ-ferrite 
is observed. The grain boundaries of the austenite phase are difficult to define and it seems that 
the grain size of the austenite phase is very large, larger than 50µm. The 18Cr15Mn alloy still 
shows two phases. The boundaries between both phases become unclear, though the small 
islands of ferrite are still possible to detect. Within the austenite phase, the grain boundaries are 
not clear. The ferrite phase is slightly elongated in the rolling direction, though the orientation 
is less clear than with less rolling reductions. 
After 50% cold rolling, the 18Cr11Mn alloy shows a single austenite phase, where the grain 
boundaries are just determined by the presence of δ-ferrite. The grain size is larger than 50µm. 
The 18Cr15Mn alloy shows a two-phase austenitic-ferritic microstructure. The grain 
boundaries within the austenite phase are not clear. The boundaries of the ferrite phase are 
defined, contrary to what was observed after 40% cold rolling reduction. The ferrite phase is 
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Figure VIII.28: LOM micrograph of the microstructures of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 
after cold rolling (→RD, longitudinal section). 
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VIII.3.9 Magnetic measurements of cold rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys 
The evolution of the relative X-Ray diffraction peak intensities during cold rolling the 
18Cr11Mn alloy is given in Figure VIII.29. 
The relative intensity of the γ diffraction peaks decreases during cold rolling, except for the 
{220}γ diffraction peak, which reaches 100% of the relative intensity after 20% cold rolling 
reduction and remains being the highest diffraction peak intensity for higher cold rolling 
reductions.  
The α diffraction peaks are not visible after 10% cold rolling reduction. The relative intensity 
of the α diffraction peaks increases with the cold rolling degree. The highest increase within 
the α diffraction peaks is observed for the {112}α diffraction peak. 
The decrease of the relative intensity of the austenite diffraction peaks and the increase of the 
relative intensity of the ferrite diffraction peaks indicate that there is a phase transformation 
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Figure VIII.29: X-Ray diffractogram evolution during cold rolling of the 18Cr11Mn alloy. 
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The evolution of the relative X-Ray diffraction peak intensities during cold rolling the 
18Cr15Mn alloy is given in Figure VIII.30.  
The relative intensity for the γ diffraction peaks decrease when the cold rolling degree 
increases, except for the {220}γ diffraction peak. 
The effect of the cold rolling degree is larger for the relative intensity of the α diffraction 
peaks. The relative intensity of the α diffraction peaks increases during cold rolling. The largest 
increase in relative intensity was observed for the {200}α and {112}α diffraction peaks. 
The decrease of the relative intensity of the austenite diffraction peaks and the increase of the 
relative intensity of the ferrite diffraction peaks indicates that there is a phase transformation 
during cold rolling, as it was observed with the measurement of the magnetic properties. The 
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Figure VIII.30: X-Ray diffractogram evolution during cold rolling of the 18Cr15Mn alloy. 
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VIII.3.10 Phase stability during cold rolling 
The cold rolling degree influences the phase stability of an alloy. During cold rolling, a phase 
transformation can be observed. The determination of the % phase transformation was carried 
out by measurement of the magnetic or non-magnetic phases of the alloy. The magnetic phases 
are ferrite and α’-martensite, whereas the non-magnetic phase is austenite. 
The phase stability during cold rolling was investigated using X-Ray diffraction. The 
measurements were done after every 10% of cold rolling reduction up to a total reduction of 
50%. Figure VIII.31a shows the evolution of the austenite phase during cold rolling the 
18Cr11Mn and 18Cr15Mn alloys. The percentage of γ phase contained in the alloys was 
calculated by the Direct Comparison Method. 
The 18Cr11Mn alloy initially shows a main austenite phase in combination with a small amount 
of ferrite. The reason of the decrease of the austenite phase during cold rolling is due to its 
limited stability. The austenite transforms to α’-martensite during cold rolling. After 10% cold 
rolling reduction, most of the magnetic phase measured is ferrite. At higher cold rolling 
reductions, the main magnetic phase is α’-martensite, which is formed during cold rolling.  
In the 18Cr15Mn alloy, which initially had an austenitic-ferritic microstructure, the initial 
austenite phase transforms during cold rolling to α’-martensite. A major decrease in austenite 
volume fraction is observed for the 18Cr15Mn alloy between the 20% and 30% cold rolling 
reduction. 
The decrease of the austenite volume fraction during cold rolling for the 18Cr11Mn alloy is 
quite constant in function of the cold rolling reduction. 
A martensitic transformation is observed during cold rolling the 18Cr11Mn and 18Cr15Mn 
alloys. The 18Cr11Mn alloy, which initially had 7% of ferromagnetic phase, has about 20% of 
ferromagnetic phase after 50% cold rolling. Initially, the ferromagnetic phase is the δ-ferrite 
phase and after 50% cold rolling, two ferromagnetic phases are present, δ-ferrite and α’-
martensite. 
A similar behaviour is observed during cold rolling the 18Cr15Mn alloy. Initially, the 
18Cr15Mn has two phases, austenite and ferrite. The austenite phase transforms to α’-
martensite during cold rolling. Therefore, after 50% cold rolling, the ferromagnetic phase is 
~62%, which is due to the formation of the α’-martensite. 
There is an increase of hardness during the cold rolling, Figure VIII.31b. The reason of this 
increase is due to both the strain hardening and the α’-martensitic formation. The increase is 
similar in both alloys, though in the 18Cr15Mn alloy, the increase in hardness after 50% cold 
rolling is lower than in the 18Cr11Mn alloy. This difference in hardness increase can be related 
to the initial phases of the alloys, which are a result of the chemical composition of the alloys. 
The 18Cr11Mn has a higher hardness value due to its C content is very high (0.21%) in 
comparison to the 18Cr15Mn alloy. It is known that C is a potent strengthening element.  
 
 
  Chapter VIII 
  379 






















% cold rolling reduction
 
(a) 


























Figure VIII.31: γ-evolution (a) and HV5 hardness (b) during cold rolling the 18Cr11Mn and 
18Cr15Mn alloys. 
 
VIII.3.11 Mechanical properties of cold rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys 
The mechanical properties of the 50% cold rolled 18Cr11Mn and 18Cr15Mn alloys are given 
in Figure VIII.32 and Table VIII.16. 
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The mechanical properties are very poor in comparison to the hot rolled and annealed stage. 
The reason for the decrease in the mechanical properties is mainly due to the strain hardening 
and α’-martensitic transformation that occur during cold rolling in combination with the α’-
martensitic transformation that occurs during tensile testing too. This phenomenon is common 
for standard industrial austenitic grades such as 301: after 58% cold rolling, there is about 65% 
α’-martensite. 
The ultimate tensile stress after 50% cold rolling the 18Cr11Mn alloy is more than the double 
of the ultimate tensile stress after hot rolling and annealing. The decrease in the elongation is 
large. Consequently, the RmxA-value for the 18Cr11Mn alloy is very low. 
The 18Cr15Mn alloy also has a large increase in the ultimate tensile stress after 50% cold 
rolling, in comparison to the properties in the hot rolled and annealed stage. The decrease in 
the elongation after 50% cold rolling is also very large, resulting in similar elongations for both 
the austenitic 18Cr11Mn and the two-phase 18Cr15Mn alloys. The low elongation for 
18Cr15Mn also results in a low RmxA-value. 
The yield stress of the 18Cr11Mn and 18Cr15Mn alloys is very high: 1282MPa for 18Cr11Mn 
and 1051MPa for 18Cr15Mn, and it reaches 75-80% of the ultimate tensile stress. The yield 
stress is slightly lower for the 18Cr15Mn alloy, which may be related to the initial two-phase 
microstructure of this alloy. The ferrite phase is softer than the austenite phase.  
 






















Figure VIII.32: Stress-strain curves of the 50% cold rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys 
Table VIII.16: Stress-strain values of the 50% cold rolled C-N-alloyed Ni-free Fe-Mn-Cr alloys 
 Re (MPa) Rm (MPa) A (%) RmxA (MPa) 
18Cr11Mn 1282 1690 8 13513 
18Cr15Mn 1051 1462 7 10008 
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VIII.3.12 Microstructure and mechanical properties of the C-N-alloyed Ni-free Fe-Mn-
Cr alloys after cold rolling and annealing at 1100°C 
The optical microstructures of the 50% cold rolled and annealed for 15min at 1100°C 
18Cr11Mn and 18Cr15Mn alloys are illustrated in Figure VIII.33.  
The 18Cr11Mn alloy has a fully austenitic microstructure with a grain size of 20-30µm. The 
decrease in grain size observed after annealing indicates that there is a recrystallization 
phenomenon during annealing. No δ-ferrite is observed in the grain boundaries of the austenite 
phase as it was observed after 50% cold rolling. 
The 18Cr15Mn alloy shows a two-phase microstructure. The ferrite is present as thin bands 
elongated, in the rolling direction. The grain boundaries within the ferrite phase are not sharp. 
The austenite phase has well-defined grain boundaries. The grain size of the austenite is about 
10µm, which indicates that a recrystallization process has occurred during annealing. 
 
18Cr11Mn (γ) 18Cr15Mn (γ+α) 
  
Figure VIII.33: LOM micrograph of the microstructures of the 18Cr11Mn and 18Cr15Mn alloys after 
50% cold rolling and annealing for 15 minutes at 1100°C (→RD, longitudinal section). 
 
The magnetic measurements of the 50% cold rolled and annealed for 15min at 1100°C 
18Cr11Mn and 18Cr15Mn alloys are given in Table VIII.17.  
The annealing process results in a stabilization of the austenite phase. Consequently, the %γ 
obtained after annealing increases largely from the %γ obtained after 50% cold rolling. The 
phase that mainly transforms to austenite during the annealing is the α’-martensite obtained 
during cold rolling. 
 
Table VIII.17: δ-ferrite measurements of the 50% cold rolled and annealed for 15 minutes C-N-alloyed 
Ni-free Fe-Mn-Cr alloys. 
 δ-ferrite %γ 
18Cr11Mn n.a. 99 
18Cr15Mn n.a. 79 
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The X-Ray diffractograms for the 50% cold rolled and annealed for 15min at 1100°C C-N-
alloyed Ni-free Fe-Mn-Cr alloys are given in Figure VIII.34. The fraction of γ phase 
determined by Direct Comparison Method is listed in Table VIII.17.  
The 18Cr11Mn alloy shows only austenite diffraction peaks. There are no diffraction peaks for 
the ferrite phase except for the {110}α diffraction peak, which is very weak.  
The 18Cr15Mn alloy has austenite diffraction peaks in combination with ferrite diffraction 
peaks. The intensity of the diffraction peaks of the austenite phase is larger than the intensity of 
the diffraction peaks of the ferrite phase, therefore, the percentage of austenite will be larger. 
































Figure VIII.34: X-Ray diffractogram for the C-N-alloyed Ni-free Fe-Mn-Cr alloys 50% cold rolled 
and annealed for 15 minutes at 1100°C. 
 
The mechanical properties of 18Cr11Mn and 18Cr15Mn after 50% cold rolling and annealing 
alloys are given in Figure VIII.35 and Table VIII.18. 
The mechanical properties are excellent, with RmxA-values in excess of 35000MPa. The reason 
of these mechanical properties is different for both alloys. The 18Cr11Mn alloy is a stable 
austenitic steel. Its ultimate tensile stress is high, about 870MPa, in combination with large 
elongation of ~57%. Consequently, the RmxA-value is close to 50000MPa.  
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The combination of two phases, austenite and ferrite, in the 18Cr15Mn alloy results in lower 
ultimate tensile stress, about 725MPa, and lower elongation, about 50%. Consequently, the 
RmxA-value decreases until about 35000MPa.  
The effect of the annealing after cold rolling can be determined by the comparison between the 
mechanical properties after cold rolling and after cold rolling and annealing. The annealing 
process results in a large increase of the elongation and a decrease in the ultimate tensile stress. 
Consequently, the RmxA-value after cold rolling and annealing are higher than after cold 
rolling. 
The yield stress of the 18Cr11Mn alloy is about 100MPa higher than the yield stress of the 
18Cr15Mn alloy. This difference can be consequence of the different microstructure, which is 
consequence of the different chemical composition of the alloys. 
 






















Figure VIII.35: Stress-strain curves of the C-N-alloyed Ni-free Fe-Mn-Cr alloys 50% cold rolled and 
annealed for 15 minutes at 1100°C. 
Table VIII.18: Mechanical properties of C-N-alloyed Ni-free Fe-Mn-Cr alloys after 50% cold rolling 
and annealing for 15 minutes at 1100°C. 
 Re (MPa) Rm (MPa) A(%) RmxA (MPa) 
18Cr11Mn 472 868 57 49188 
18Cr15Mn 382 724 50 36254 
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VIII.3.13 Toughness properties of the 18Cr15Mn alloy 
The results obtained for Charpy tests on 18Cr15Mn are given in Figure VIII.36. The 
18Cr15Mn alloy shows a transition temperature from ductile to brittle. The transition occurs in 
a continuous fashion in the temperature range from –50°C to 200°C. If the criterion used to 
define the transition temperature is the temperature at which the impact energy is 27J, the 
transition temperature will be close to 0°C. If the criterion used to define the transition 
temperature is the temperature at which the 50% of the highest impact energy is reached, then 
the transition temperature is about 60°C.  
 





















Figure VIII.36: Impact test results in function of the test temperature for the 18Cr15Mn alloy. 
 
VIII.3.14 Phase transformation in C-N-alloyed Ni-free Fe-Mn-Cr alloys 
Dilatometric thermal cycles for the C-N-alloyed Ni-free Fe-Mn-Cr alloys are given in Figure 
VIII.37. 
The room temperature austenite of the 18Cr11Mn, 18Cr11Mn1Ni and 17Cr8Mn alloys does 
not transform at high temperature. The austenite phase is stable during all range of 
temperatures studied. A slope change is observed for the 18Cr11Mn alloy at about 1100°C. 
This slope change is related to the γ→δ-ferrite phase transformation. The complete phase 
transformation is not reached due to the thermal cycle was until 1250°C. The 18Cr11Mn1Ni 
and the 17Cr8Mn alloys do not show the beginning of the γ→δ-ferrite phase transformation, 
which indicates that both the alloys still have a stable austenite phase at high temperatures. 
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The 12Cr8Mn alloy shows a phase transformation during a dilatometric thermal cycle. The α’-
martensite phase of the 12Cr8Mn alloy transforms to austenite at high temperature. The 
reverse transformation is observed during cooling the 12Cr8Mn alloy. 
The As temperature for the α’-martensite→γ transformation and the Ms temperature for the 
reverse γ→α’-martensite transformation for the 12Cr8Mn alloy are clearly visible as the 
discontinuous change of the thermal expansion coefficient. 
 














γ        α'







Figure VIII.37: Schematic dilatation-temperature curve showing the existence or not of phase 
transformation during heating and cooling for C-N-alloyed Ni-free Fe-Mn-Cr alloys. 
 
The Ms and As temperature of the 12Cr8Mn alloy were calculated by fitting the Koistinen and 
Marburguer’s equation14 to the experimental data: 
( )[ ]TMKf si −⋅−= exp1         (VIII.6) 
where if  is the volume fraction of martensite formed at a temperature T below Ms and K is a 
rate constant; which is independent on the austenite grain size and the cooling rate. 
T0 is defined as the temperature at which the ∆G = 0 between the two phases α’-martensite 
and the γ involved in the transformation. The value for the T0 temperature were determined 
experimentally using the equation proposed by Kaufman and Cohen15: 





=           (VIII.7) 
Thermal cycling is known to stabilize the phase transformation temperatures. 15 thermal cycles 
were applied in succession to the 12Cr8Mn alloy and the As, Ms and T0 temperatures were 
determined for each cycle. Figure VIII.38 illustrates the evolution of the As, Ms and T0 
temperatuers during thermal cycling. 
The Ms temperature of the 12Cr8Mn alloy increases during thermal cycling. The difference 
between the first and the fifteenth cycle is about 50°C. The As temperature decreases slightly 
during thermal cycling, which partially compensates the increase of the Ms temperature during 
thermal cycling. Therefore, the T0 temperature increases slightly. 


















Figure VIII.38: Ms, As and T0 evolution in function of the number of cycles for the 12Cr8Mn alloy. 
The ferromagnetic transformation was also observed during thermal cycling. Figure VIII.39 
and Figure VIII.40 show the thermal cycle and the power related to the thermal cycle for the 
17Cr8Mn and 12Cr8Mn alloys. The 17Cr8Mn alloy does not show any phase transformation in 
the thermal cycle, whereas the power shows an increase during the heating of the thermal cycle 
at about 600-650°C. This increase is related to the ferromagnetic to paramagnetic 
transformation. While cooling, the reverse decrease in the power curve is observed in the 600-
650°C temperature range. This decrease is related to the reverse magnetic transformation. 
The 12Cr8Mn alloy shows a phase transformation during thermal cycling. The power related 
to the thermal cycle illustrates the phase transformation and the magnetic transformation 
observed during thermal cycling. During heating, there is a huge increase of the power at about 
600°C and a small increase at about 650°C. The first large increase is related to the magnetic 
transformation of the alloy, while the second small increase is related to the α’-martensite→γ 
phase transformation, which is endothermic. While cooling, there is no sharp decrease of the 
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power. The reverse magnetic transformation is no as sharp and this indicates that it occurs 
continuously. The reverse phase transformation, which is exothermic, is not observed due to 
the temperature that it occurs is about room temperature. 
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Figure VIII.39: Thermal cycle for the 17Cr8Mn alloy showing no phase transformation and the power 
related to the thermal cycle. 




















   transformation
ferromagnetic   paramagnetic
γ     α'






Figure VIII.40: Thermal cycle for the 12Cr8Mn alloy showing the α’↔γ transformation and the power 
related to the thermal cycle. 




The main conclusions of the present work are the followings: 
• The %N in the alloy is a linear function of the Cr content, which influences the Nieq and 
the Creq. Therefore, the %N in solution in combination with the %Cr determines the 
phases observed. 
o For Cr contents≈15%, N≥0.25% is required to obtain a single austenite phase 
keeping a low C content. 
o For Cr contents≈17%, N≥0.25% is not enough to stabilize a single austenite 
microstructure; C must be added to obtain a single austenite phase. 
o For Cr contents≈16% in combination with low N and C<0.1%, about 1%Ni has 
to be added to obtain a single austenite phase. 
• After hot rolling, a difference in mechanical properties was observed between the alloys 
cast in a vacuum induction furnace and those cast in an induction furnace operated in 
air. The reason of this difference is that the N did not remain in the melt of the air cast 
alloys. It is known that N is a potent strengthener, so, a lower %N in the alloy will 
result in lower mechanical properties. 
The difference is mainly observed in the elongation values, which were very low for the 
alloys cast in air. This resulted in very low RmxA-values. The vacuum cast alloys had 
higher elongations: the alloys with a single austenite phase show good mechanical 
properties, high ultimate tensile stress in combination with high elongation, which 
results in high RmxA-values; the alloys with a two-phase austenitic-ferritic 
microstructure also have good mechanical properties, which are however not as good 
as the mechanical properties of the fully austenitic alloys. 
• The variation of the phase content after annealing differs among the alloys; in most of 
the cases, the variation can be related to the phases observed in equilibrium at high 
temperatures, though there are alloys that show a different behaviour. The annealing 
after hot rolling results in a recrystallization of the austenite phase for some alloys 
(18Cr11Mn, 18Cr15Mn and 18Cr8MnA), whereas for others, there is an increase of 
the grain size (17Cr8Mn). The 12Cr8Mn alloy seems not to be influenced by the 
annealing process and a more detailed study is needed to determine the evolution of its 
phases. 
• After hot rolling and annealing, the substitution of C by N or the decrease of N content 
results in a decrease in both the ultimate tensile stress and the elongation. As a 
consequence, the RmxA-values are low.  
The alloys that have an unstable austenite phase, the one transforming to α’-martensite 
during tensile testing, had a higher ultimate tensile stress, due to the martensitic 
transformation. These alloys, the 18Cr8Mn, show a TRIP behaviour. 
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The difference between alloys cast in the vacuum induction furnace and alloys cast in 
the air induction furnace is still present at this stage.  
• The cold rolling of both the austenitic 18Cr11Mn and the two-phase 18Cr15Mn alloys 
resulted in strain hardening and the α’-martensitic formation. Therefore, the ultimate 
tensile stress in this condition is very high and the elongation, very low, giving very low 
mechanical properties, mainly due to the low elongation values, which are not 
compensated by the increase observed in the ultimate tensile stress. 
• The annealing applied after cold rolling stabilizes the austenite phase and recrystallizes 
it.  
The 18Cr11Mn alloy does not show any δ-ferrite after annealing, whereas the 
18Cr15Mn alloy shows a two-phase microstructure in which the austenite phase has 
recrystallized. The single austenite phase of the 18Cr11Mn alloy results in very good 
mechanical properties (high ultimate tensile stress and high elongation). The RmxA-
value of the 18Cr11Mn alloy is about 50000MPa.  
The 18Cr15Mn alloy also shows good mechanical properties (RmxA-values of about 
35000MPa), but lower than the mechanical properties of the 18Cr11Mn alloy due to 
the two-phase microstructure observed. 
Consequently, the combination of N and C in the 18Cr11Mn alloy results in very good 
mechanical properties in combination with a very stable single austenite phase. These 
results only require a slight increase of the annealing temperature. 
• The austenitizing effect of the C content seems to be larger than the austenitizing effect 
of the N. Therefore, the relation between both interstitial alloying elements in the solid 
solution has to be perfectly defined in view of the development of new Ni-free 
austenitic stainless steels.  
 
An overview of the mechanical properties during processing the C-N-alloyed Ni-free Fe-Mn-
Cr alloys is given in Figure VIII.41. 
The alloys of group I and group II show very low ARm ⋅ -values, due to the low elongations. 
Their ultimate tensile stress is high due to the main phase observed is α’-martensite. 
A TRIP effect is observed in the alloys of group III. Ultimate tensile stress between 700 and 
1000MPa in combination with elongation of 25% results in ARm ⋅ -values of 20000-
30000MPa. 
The alloys of group IV show the best mechanical properties of all the C-N-alloyed Ni-free Fe-
Mn-Cr alloys. The 18Cr15Mn alloy, which shows a two-phase microstructure, reaches ARm ⋅ -
values of 35000MPa after cold rolling and annealing. The 18Cr11Mn and the 18Cr11Mn1Ni 
alloys reach ARm ⋅ -values of 40000-50000MPa. The reason of such high ARm ⋅ -values is the 
TWIP (TWining Inducing Plasticity) effect.  
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The 18Cr11Mn and the 18Cr11Mn1Ni alloys are also very promising alloys due to they show a 
very stable austenite phase. 
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The development of austenitic stainless steels with higher mechanical properties has been 
studied in the present thesis. Two different working trends have been followed. On one hand, a 
modification of the chemical composition of the AISI 316L stainless steel, which has been 
reported in detail in Chapter III. On the other hand, the development of new Ni-free austenitic 
stainless steels has been based on the study of the Fe-Mn binary system (Chapters IV and V), 
the influence of the Cr content on the Fe-Mn binary system (Chapter VI), the influence of the 
N content on the Fe-Mn-Cr system (Chapter VII) and the influence of the C, in combination 
with N, on the Fe-Mn-Cr system (Chapter VIII). The large modification in chemical 
composition for the Ni-free austenitic stainless steels required only a small modification in the 
processing parameters. 
 
IX.2 Reduced Ni Austenitic Stainless Steels 
A reduction of the Ni and Cr contents in comparison to the austenitic stainless steel AISI 316L 
results in an instable austenite phase at room temperature. Due to the austenite instability, a α’-
martensitic transformation is observed during tensile testing as well as during cold rolling the 
reduced Ni austenitic stainless steels in question. The α’-martensitic transformation results in 
higher strength values and higher elongations, due to the TRIP (TRansformation Induced 
Plasticity) effect. Therefore, higher ARm ⋅ -values are obtained by lowering the Cr and Ni 
contents in comparison to the classical 316L grade. The ARm ⋅ -values for the reduced Ni 
austenitic stainless steels were higher than 32000MPa for shorter annealing times (5min) and 
larger than 35000MPa for longer annealing times (15min). 
According to the PRE-equation, an increase of Mo content was necessary in order to maintain 
the corrosion resistance of the reduced Ni alloys in comparison to the austenitic stainless steel 
AISI 316L. 
A large influence of the grain size on the mechanical properties has been observed. Clearly 




IX.3 Microstructure and Transformations in the Fe-Mn System 
The phase stability and transformations within the Fe-Mn binary system has been studied as 
basic research to understand the effect of Mn on stainless steels. The Mn percentage results in 
different phases at room temperature: Fe-1%Mn, ferrite; Fe-5%Mn and Fe-10%Mn, α’-
martensite; Fe-15%Mn, a mixture of α’-martensite, ε-martensite and γ; Fe-20%Mn, a mixture 
of ε-martensite and γ; and Fe-30%Mn, γ. Those phases are observed during all processing 
steps typically used for stainless steels and they influence the mechanical properties of the 
binary alloys. It is necessary to add high Mn contents to Fe in order to stabilize a single 
austenite phase. Those alloys with high Mn content show very high stresses in combination 
with very high elongations, as a consequence of the TWining Inducing Plasticity (TWIP) 
effect. The ARm ⋅ -values obtained for such alloys is about 40000MPa. 
It should be noted that the ε-martensite phase, largely observed in the Fe-20%Mn alloy, is 
reported to present the Shape Memory Effect (SME), as it was observed. The SME is obtained 
after training the material. 
 
IX.4 Hot Working Fe-Mn System 
The Fe-Mn binary alloys show a dynamic recrystallization of a single peak type. The Fe-1%Mn 
shows a cyclic dynamic recrystallization. 
The activation energy of the hot working, QHW, is a function of the Mn content and is much 
lower than the activation energy of the austenitic stainless steels. Cr and Mo increase the 
activation energy much more than Mn. 
Alloying elements, e.g. Mn, tend to delay the dynamic recrystallization, which is observed for 
alloys with low SFE. 
 
IX.5 Fe-Mn-Cr Martensitic Stainless Steels 
Ni-free Fe-8Mn-Cr alloys mainly show a single α’-martensite phase for all Cr contents. The 
α’-martensite remains stable during processing and determines the mechanical properties, 
which are very high ultimate tensile strength in combination with very low ductilities. 
The presence of a stable α’-martensite phase reflects the lower austenite stabilizing potential of 
Mn in comparison to Ni. 
 
IX.6 N-alloyed Ni-free Fe-Mn-Cr Austenitic Stainless Steels 
The N solubility increases with the Cr content in the Fe-Mn-Cr alloys. 
  Chapter IX 
  395 
The combination of Cr, Mn and N determines the phase composition of the alloy. For %Cr>12, 
the observed phases were austenite and ferrite; for 6<%Cr<12, the observed phases were α’-
martensite and ε-martensite; for %Cr>6, only α’-martensite was observed.  
The combination of austenite and ferrite gives RmxA-values of about 25000MPa, whereas the 
presence of α’-martensite present decreases the RmxA-values enormously, mainly due to low 
elongations. 
 
IX.7 C-N Synergy in Ni-free Fe-Mn-Cr Austenitic Stainless Steels 
The combination of Cr, N and C results in different phases in the alloy. 
For Cr contents of ≈15%, N≥0.25% is required to obtain a single austenite phase keeping a 
low C content. 
For Cr contents of ≈17%, N≥0.25% is not enough to stabilize a single austenite 
microstructure; C must be added to obtain a single austenite phase. 
For Cr contents of ≈16% in combination with N between 0.1-0.3% and C<0.1%, about 1%Ni 
has to be added to obtain a single austenite phase. 
The alloys that have an unstable austenite phase, the one transforming to α’-martensite during 
tensile testing, showed a high ultimate tensile stress, due to the martensitic transformation. 
These alloys show a TRIP behaviour. 
The combination of C and N resulted in a very stable single austenite phase, which showed 
very good mechanical properties. The RmxA-value was about 50000MPa. These results only 
require a slight increase of the annealing temperature.  
The absence of C resulted in a two-phase structure, which also showed good mechanical 
properties with RmxA-values of about 35000MPa. 
The austenitizing effect of the C content seems to be larger than the austenitizing effect of N. 
Therefore, the relation between both interstitial alloying elements in the solid solution has to be 
perfectly defined in view of the development of new Ni-free austenitic stainless steels.  
 
IX.8 Summary 
A reduction of the %Ni content in combination with an increase of the mechanical properties 
has been achieved for austenitic stainless steels. This necessary modification of the chemical 
composition does not imply a modification of the industrial parameters. Therefore, it is an 
important economical improvement due to the decrease of the Ni content, which uses to be 
very expensive, without loosing mechanical properties or corrosion resistance.  




A Mn content of 8% seems to be one of the lowest amounts of Mn necessary to obtain a Ni-
free austenitic stainless steel. This alloy should combine N, C and less than 1% Ni to obtain an 
austenitic microstructure. Hereby, small variations in the %N or %C largely influence the 
phase’s stability of the alloys.  
Higher Mn contents allow higher N solutions. Therefore, higher Cr and/or Mo contents are 
allowed without modifying the austenite microstructure, i.e. higher corrosion resistance is 
possible without loosing in mechanical properties. Additionally, N increases both the 
mechanical properties and the corrosion resistance. 
Figure IX.1 shows an overview of the Ni-free stainless steels studied in the present work. 
 










 α'+ α+ ε
 α'+ γ























Figure IX.1: Position of the Ni-free stainless steels studied in the present work in the DeLong diagram. 
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